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Requirements for the Degree of Doctor of Philosophy

DEFECT FORMATION AND EVOLUTION IN HIGH DOSE
OXYGEN IMPLANTED SILICON

By

David Venables

August 1992

Chairman: Kevin S. Jones
Major Department: Materials Science and Engineering

The effect of dose and annealing temperature on the

strain state and defect microstructure of oxygen implanted

silicon were investigated by high resolution x-ray

diffraction (HRXRD) and cross-sectional (XTEM) and plan view

(PTEM) transmission electron microscopy. The dose was

varied from lxlO16 to 9xl017 cm"2 and the annealing

temperature ranged from 700 to 1300°C.

HRXRD results indicated that two strain layers existed

in the as-implanted samples. At the lowest dose a

unidirectional lattice expansion perpendicular to the

surface occurred as a result of excess implantation-induced

self-interstitials and interstitial clusters in the vicinity

of the projected range. The unidirectional nature of this

expansion was destroyed with increasing dose and with

annealing as dislocations, stacking faults and Si02

precipitates formed in the buried layer.

vi



For doses of lxlO1" and 3xlOi7 cm'2, an association of

lattice vacancies and oxygen atoms in the near-surface

region gave rise to a unidirectional lattice contraction at

the surface. Annealing at 700 to 900°C reduced the

magnitude of the lattice contraction as oxygen containing

cavities developed in the surface layer. Large prismatic

1/2<110> dislocation half-loops that formed as a result of

primary ion damage and the stress state of the surface layer

annealed out by 1050°C as the cavities filled in with Si02.

At higher doses the oxygen precipitated as Si02 and was

no longer associated with vacancies in the surface layer of

as-implanted samples. The precipitates provided an

interstitial source for extrinsic Frank loops, which

apparently unfaulted upon annealing at >1050°C. The

remaining dislocations were pinned by the precipitates

resulting in a threading dislocation (TD) density of

~108 cm"2 after 1300°C annealing. It was concluded that

controlling near-surface precipitation is the most important

factor in reducing TD densities.

These results led to the development of a multiple

3x1017 cm"2 implant, low temperature (900°C, 0.5 hr)

annealing procedure designed to prevent near-surface

precipitation by ensuring that oxygen is accommodated by

cavities. After a final high temperature anneal the TD

density was reduced from 10s cm'2 for a comparable single

implant to less than the PTEM detection limit of 105 cm"2.

vi 1



CHAPTER 1
INTRODUCTION

Motivation and Objectives

Ion implantation has played a significant role in the

development of silicon based electronics technology,

primarily as a means of selectively doping areas of the

substrate. This important application of ion implantation

is largely limited to low ion doses (1011 cm'2 to 1016 cm'2)

and room temperature implants. In the past decade, however,

ion implantation has been applied in quite a different

context--that of compound synthesis by very high dose ion

implantation.

Although the field of ion beam synthesis is relatively

new, a variety of systems have been studied in an effort to

produce electrically conducting [1,2], semiconducting [3] or

insulating [4-6] buried layers. The overwhelming research

emphasis has been on high dose implantation of oxygen into

silicon to form a buried layer of electrically insulating

Si02. This silicon-on-insulator (SOI) technology is known

by the acronym SIMOX (Separation by Implanted Oxygen)[6].

The basic SOI structure consists of a thin (-1500 to

2500 Á) film of single crystal silicon on an electrically

insulating substrate. The technological motivation for this

1
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kind of structure stems from the expectation of enhanced

performance of devices fabricated in the thin surface

silicon layer for radiation environments [7,8] and for

ultra-large scale integrated circuit (ULSI) applications

[8,9]. These advantages include radiation hardness for

aerospace applications and immunity from latch-up and

elimination of the short channel effect which allows for

greater packing densities and faster devices for ULSI

applications [7-9]. Although there exist a number of

alternative SOI technologies (e.g., silicon-on-sapphire

(SOS), zone-melt recrystallization (ZMR) and wafer bonding),

SIMOX has rapidly emerged as the most promising means of

realizing a viable SOI technology [9,10].

The SIMOX process typically consists of implanting

oxygen at about 150 keV to a dose of up to 2xl018 cm"2 at

elevated temperature. Amorphous, stoichiometric Si02

precipitates around the ion projected range beneath a

damaged, but still monocrystalline surface layer of silicon.

After high temperature annealing (~1300°C), the Si02 forms a

continuous, planar buried layer overlayed by a thin (-1500

to 2500 Á) layer of single crystal silicon. The primary

disadvantage of SIMOX, until recently, has been the high

density (—109 cm"2) of threading dislocations that remain as

residual defects in the surface layer where the devices are

to be fabricated.
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Dislocations have a deleterious effect on the

performance of minority carrier devices such as bipolar

junction transistors by reducing the minority carrier

lifetime and acting as a leakage path [11-13]. It is

therefore of technological interest to determine how to

avoid their formation. Recent innovative processing schemes

have been found to produce low threading dislocation

densities [14,15]; however, there is no clear understanding

why these methods are successful. It is therefore difficult

to make improvements on them or to develop new methods that

are more commercially viable.

The enormous amount of research devoted to the

traditional low dose, dopant implants in silicon has led to

a good basic understanding of implantation-induced defects

for low doses. Efforts to understand the mechanisms by

which threading dislocations form in SIMOX have been

hampered by a lack of such fundamental knowledge regarding

elevated temperature, high dose implants. Much of the

research that has been done in this area has focussed on

very high doses where the microstructures are decidedly

complex and correspondingly difficult to interpret. In

addition, the evolution of the defect microstructure as a

function of annealing temperature is poorly understood

because of a heavy emphasis on very high temperature

anneals.
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In view of these considerations, the overall objective

of this investigation was to develop a more fundamental

understanding of defect formation and evolution in high dose

oxygen implanted silicon with the specific objective of

developing an improved understanding of the mechanisms by
*

which threading dislocations form in SIMOX. These goals

required that the gap between our considerable knowledge of

dopant implants (low dose, room temperature) and our

relative lack of knowledge about ion beam synthesis (high

dose, high temperature) be bridged. Accordingly, the effect

of increasing dose from the upper end of the dopant regime

(1016 cm'2) to well into the ion beam synthesis regime (9xl017

cm'2) was investigated. In addition, the evolution of the

defect microstructure at each dose was investigated for low,

intermediate and high temperature anneals. This led to an

improved understanding of the mechanisms by which threading

dislocations form. This in turn led to the development of a

new process for producing low dislocation density SIMOX, and

to proposed improvements in both the new method and in

existing methods.

Background

In this section the relevant literature on

implantation-induced defects will be reviewed. After a

basic introduction to the ion-implantation process, the

secondary defects produced in low dose implants will be

reviewed. For high dose implants the solid solubility of
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the implanted species is exceeded, and therefore the

precipitation of oxygen in bulk silicon is considered next.

Finally, the relevant literature on defect formation in high

dose oxygen implants is discussed.

Ion Implantation Fundamentals

When energetic ions strike an elemental solid, two

basic processes occur within the solid [16]: implantation

and damage production. The impinging ion penetrates some

distance below the surface before coming to rest because it

loses energy in a series of collisions with lattice atoms

(nuclear stopping) and electrons (electronic stopping). The

implanted ions are usually distributed about a mean range

(depth) in a Gaussian like form [17] . The mean range

depends chiefly on the ion mass and kinetic energy and the

mass of the target species. Lighter and/or more energetic

ions penetrate further than heavier or less energetic ions.

Damage is produced in the target as a result of the

energy transferred to target atoms involved in elastic

collisions with the moving ion [16]. The displacement

energy of a silicon atom is about 15 eV, so, in a simple

collisional model, it is evident that a single ion with keV

energy can displace many lattice atoms before coming to

rest. Moreover, many of the displaced target atoms have

sufficient kinetic energy to displace additional atoms, thus

creating multiple-collision cascades. Sufficiently intense

damage of this kind can lead to amorphization of an
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originally crystalline target. In this respect, however,

light and heavy ions produce different effects because light

ions suffer predominantly electronic losses and heavy ions

lose more energy through nuclear collisions [18].

Amorphization of silicon by heavy ions occurs by the

process of direct-impact amorphization. Individual heavy

ion tracks create discrete amorphous zones which begin to

overlap as the dose increases. Eventually, when a critical

dose is reached, this process results in a continuous

amorphous layer. This layer may be either a surface or

buried layer, depending on the total dose. Since simple

collisional theories cannot account for the large size of

the discrete zones, displacement and thermal-spike models

for the damage process have been developed. In contrast,

light ions in silicon only produce small, discrete defect

clusters of a size consistent with simple linear cascade

models. Amorphization by the accumulation and overlap of

regions of discrete defects is a much less efficient

process. Thus, light ions require a larger dose to induce

amorphization than heavy ions [18].

The degree to which amorphization occurs is highly

dependent on the temperature of the target. Competition

between the damage production rate and thermal self¬

annealing effects determine the final defect type and

density. In this regime, the ion dose rate becomes an

important parameter because it essentially determines the
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damage production rate. At sufficiently high implant

temperatures amorphization can be completely suppressed,

although primary ion damage still exists. The high-dose

oxygen implants used in SIMOX processing are usually

performed at >500°C to avoid amorphization.

The details of nuclear and electronic stopping have

been sufficiently well modeled that it is possible to

calculate ion range profiles and deposited energy profiles

for given ion/target combinations with reasonable accuracy.

Brice [19] employed a statistical model to tabulate

normalized range and damage density distributions for a

variety of ion/target combinations. Several Monte Carlo

simulation computer programs (TRIM [17] and MARLOWE [20,21])

are available that do not employ Brice's statistical

approximations and are therefore more realistic. These

techniques build up profiles by following one ion at a time

and summing over the results of many such one ion histories.

They are therefore quite time consuming. The TRIM code

assumes the target atoms are distributed randomly and

therefore cannot predict crystal orientation effects such as

ion channeling, which can significantly broaden range and

damage profiles [22]. However, implants of crystalline

samples that are tilted off of major channeling orientations

show good agreement with TRIM calculations [17].

None of these methods account for chemical effects

associated with precipitation of the implanted species so
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caution must be exercised in their application to medium and

high dose implants [23]. They are not at all applicable to

very high dose implants such as those used in stoichiometric

dose SIMOX where a continuous buried layer is synthesized.

Low Dose Implantation

The primary damage produced by ion implantation can

evolve into a wide variety of extended defect configurations

upon post-implantation annealing. For low dose implants

into silicon, the many aspects of secondary defect evolution

have been the subject of extensive research. Recently,

Jones _et ad. [24] suggested a unified classification system

that places secondary defects into five basic categories

that distinguish between the origins of the implant damage.

Type I damage arises when an amorphous layer does not form

and so is typical of light ion implants at room temperature.

Extended defects that evolve upon annealing are usually

extrinsic dislocation loops that are thermally stable. When

an amorphous layer is produced by the implantation, Type II

damage forms adjacent to the amorphous/crystalline

interface. Annealing typically produces a discrete layer of

extrinsic dislocation loops that are thermally stable under

most conditions. Imperfect regrowth of the amorphous layer

by solid phase epitaxy during post-implantation annealing

gives rise to Type III defects. These may take the form of

"hairpin" dislocations or microtwins. If the amorphous

layer was originally buried, then regrowth occurs at both
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the top and bottom interfaces. Type IV defects form at the

depth where the two advancing interfaces meet. They take

the form of large dislocation loops. Type V defects form

when the solid solubility of the implanted ion in silicon is

exceeded. They usually take the form of precipitates, but

dislocation loops that evolve into half-loop dislocations

have also been observed.

Type I and Type V defects are of particular interest

for SIMOX implants since amorphization, and thus

amorphization-related defects (Type II, III and IV) are

often suppressed by the use of high implant temperatures.

For low-dose implants, Type I defects can take a variety of

forms. For room temperature ion implants the as-implanted

morphology typically consists of point defect clusters.

High resolution x-ray diffraction [25,26] and wafer

curvature [27] measurements show that these defects cause a

net lattice expansion, indicating that the region is

interstitial dominated. Upon annealing, these clusters

evolve through a series of intermediate defect

configurations, resulting eventually in the formation of

dislocation loops, dipoles and, if the damage level is

sufficiently high, into a dislocation network. Jones et al.

[24] have suggested that dislocations will form only when a

critical dose has been exceeded. However, recent Rutherford

backscattering spectroscopy measurements [28] have shown

that the appropriate criterion for dislocation formation is
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attainment of a critical number of displaced silicon atoms

integrated over the depth of the implant. This number does

not vary with ion species, at least for heavy ion implants

into silicon. Once the critical integrated number of

displaced atoms has been exceeded, the dislocation density

increases with increasing dose.

The form of the primary ion damage changes for elevated

temperature (500°C) irradiation with protons and electrons

[29-31]. The defects consist of faults on {113} planes;

however, the nature of these defects has been subject to

dispute [32-38]. They are thought to consist either of

silicon interstitials [34-36] or of coesite [32,33], a high-

pressure phase of silica. They become unstable upon

annealing above 850°C.

The nature of Type V damage clearly depends on the

implanted species. The defects formed as a consequence of

exceeding solid solubility include precipitates involving

the implanted species and often dislocations and stacking

faults associated with the precipitation reaction. Since

high-dose SIMOX implants are specifically designed to ensure

that oxygen exceeds solid solubility, the next section will

review the oxygen precipitation process in bulk silicon.

Oxygen in Silicon

Since oxygen is the most common contaminant in

Czochralski-grown silicon, its solubility, diffusivity and

precipitation behavior in bulk silicon have been extensively
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studied. Oxygen in solid solution normally occupies an

interstitial site [39] and the maximum solubility [40] is

about 2xl018 cm-3 at 1410°C, the melting point of silicon.

Single stage annealing treatments of crystals pulled from

the melt have shown that the primary precipitation path

depends on the temperature range used [41,42]. In the

temperature range 485°C to 750°C, rod-like defects occur

which are similar to the {113} defects in electron-

irradiated samples. They are thought to be coesite, a high-

pressure phase of silica. However, this interpretation has

been disputed and an alternative explanation on the basis of

silicon interstitial condensation has been proposed, as

discussed above. At 650°C to 1050°C platelike precipitates

occur on {100} planes, and this is the dominant

precipitation path. They are square-shaped and apparently

consist of amorphous SiOx, with x close to 2. At higher

temperatures precipitation does not occur because of the low

oxygen supersaturation unless nuclei have already been

formed with a first-stage anneal at lower temperature.

These two-stage anneals produce larger octahedral shaped

precipitates of amorphous SiOx. The facets occur along

{111} and {100} planes and there is no strain field

associated with the precipitates.

Accompanying the precipitation of SiOx in either form

are a variety of extrinsic defects [41,42]. At lower

temperatures (<600°C), distorted extrinsic Frank loops,
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known as "loopites", appear on {111} planes in the vicinity

of the precipitates. At higher temperatures (up to 950°C),

faulted Frank loops with b=l/3<lll> nucleate on the

precipitates. Prismatic punching of small perfect loops

also occurs for temperatures above 900°C.

The presence of these extrinsic defects has been

explained on the basis of a strain accommodation mechanism

for the growing Si02 precipitates. The molecular volume of

Si02 is 2.25 times the atomic volume of silicon so that the

precipitation of Si02 involves a large volume change and a

correspondingly large strain energy. Hu [43,44] proposed

that this strain could be relieved by the ejection of excess

silicon atoms as interstitials. This implies that for every

oxygen atom that joins an Si02 precipitate, 0.625 silicon

interstitials must be emitted to totally relieve the strain.

A quantitative comparison of the number of interstitials

bound by extrinsic "loopites" and the number of molecules of

Si02 formed provided experimental verification of this

mechanism [32,41]. Thus, high oxygen concentrations lead

not only to the formation of amorphous Si02 precipitates,

but also to extrinsic extended defects in the silicon

matrix.

High Dose Oxygen Implantation

High dose oxygen implantation as a means of producing

SOI structures has been the subject of much research since

Izumi et_ al_. [6] demonstrated that a buried oxide layer
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could be produced and that the surface silicon layer could

support MOS devices. The explosion in SIMOX research that

occurred in the mid-1980's has identified the

microstructural effects of many of the key variables, such

as implant temperature, dose rate and anneal temperature.

Much of the research has concentrated on very high,

stoichiometric doses. A stoichiometric dose corresponds to

the peak of the implanted oxygen profile reaching 66 at.%,

i.e., the composition of Si02 . For a 200 keV implant this

requires a dose of 1.2xl018 cm'2 [10]. In general,

stoichiometric doses at energies in excess of 100 keV result

in the formation of a buried layer of stoichiometric Si02

overlayed by a defective, but still single-crystal, surface

silicon layer. Both the surface silicon layer (SS) and the

buried oxide (BO) undergo drastic changes upon post¬

implantation annealing. The nature of the final

microstructure, however, is highly dependent on the as-

implanted morphology, which in turn is determined by the

implantation conditions.

The implant temperature was found to have the most

pronounced effect on the microstructure of the implants. In

general, the as-implanted morphology falls into three basic

categories which depend on the implant temperature: 1) a

more or less random distribution of amorphous oxide

precipitates extending through a defective, but single¬

crystal surface layer for implant temperatures between 450
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and about 550°C [45-49]; 2) a multilayer structure

consisting of amorphous silicon sandwiched between defective

single-crystal silicon and the buried oxide for temperatures

below 450°C [50-53]; and 3) for temperatures above 550°C a

distribution of cavities in the near-surface region [15,

54-59] .

The most frequently studied implantation conditions

have been stoichiometric dose implants with an implant

temperature between about 450 and 550°C. The as-implanted

morphology consists of a continuous buried oxide at the

projected range while in the surface silicon layer, numerous

amorphous oxide precipitates form, with precipitate size and

number density increasing from top to bottom in the layer

[49]. This graded size distribution parallels the

increasing oxygen concentration with depth in the layer. As

Stoemenos and Margail [45] point out, both the nucleation

and growth rates of homogeneously precipitated oxide should

depend strongly on the oxygen concentration and thus, this

gradation of size and number density with depth is scarcely

surprising.

Post-implantation annealing of this structure leads to

significant rearrangement of the oxygen profile [46,48].

The small oxide precipitates in the SS layer dissolve while

the buried oxide thickens. At intermediate annealing

temperatures (e.g. 1150°C), large oxide precipitates are

observed adjacent to the SS/BO interface with dislocations
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running between them [45,46]. Additional dislocations

extend to the surface of the sample. At higher annealing

temperatures, all of the precipitates dissolve. The SS/BO

interface sharpens; however, the buried oxide is often

interspersed with "islands" of unoxidized single-crystal

silicon. The threading dislocation density in the surface

layer is typically about 109 cm'2 [55] .

Stoemenos and Margail [45] have explained the

redistribution of oxygen in terms of classical nucleation

theory in which a critical precipitate size, rc, exists as

a result of a balance between the chemical driving force for

precipitation and the opposing strain energy and surface

energy terms. At 1150°C, the smaller precipitates near the

surface are below the critical size and dissolve, with the

oxygen being incorporated into the larger precipitates near

the buried oxide. At higher temperatures, these

precipitates also become subcritical in size and dissolve,

with the buried oxide acting as a precipitate of effectively

infinite radius to which all of the oxygen atoms migrate.

A more detailed model [60] accounts for the effect of

vacancy and interstitial concentrations on the critical

radius. The point defect concentrations influence the

precipitation process, at least at lower anneal

temperatures, by affecting the strain accommodation

mechanism. Interstitial supersaturations suppress

precipitation (large rc) because it is more difficult to
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overcome the nucleation barrier by emitting interstitials.

Likewise, a vacancy supersaturation will promote

precipitation (smaller rc) by making the strain

accommodation process easier. However, for a very high

temperature anneal (-1300 to 1400°C), the point defect
*

supersaturations rapidly decrease to near-equilibrium values

and all of the precipitates must initially grow during the

annealing stage due to the high interstitial oxygen

concentration in the matrix. Once this level is reduced,

the critical radius becomes large and the precipitates can

dissolve. The initial growth of the oxide precipitates is

accompanied by a high Si interstitial emission rate, which

could act as a source for nucleation and/or growth of

extended defects.

The as-implanted SS layer is very complex and it is

therefore difficult to study the defect microstructure with

the TEM. Krause et al. [61] originally reported the

presence of small dislocation loops in the structure. Later

high resolution TEM studies [49,57] indicated that short

stacking faults, in apparent association with Si02

precipitates were present and that the defects grew longer

with higher implant temperature. Upon annealing at 1050°C

for 2 hours, stacking faults have been observed to extend to

the surface from oxide precipitates in the SS layer [57].

In a different sample, it was observed that only

dislocations were present after an 1150°C, 2 hour anneal
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[49]. Krause et al. [49] suggest that the presence of a

free surface near the oxide precipitates helps stabilize

these defects and thus is an important factor in defect

evolution.

The second regime is for implant temperatures below

450°C where amorphization of the silicon occurs. White et_

al. [50] studied the effect of implant temperature for a

3xl017 cm" substoichiometric dose at 200 keV. Implant

temperatures < 400°C resulted in the formation of an

amorphous silicon layer which consumed all of the surface

silicon at 25°C, and formed an increasingly thinner discrete

buried layer as the temperature increased. At higher

implant temperatures dynamic annealing of the implantation

damage completely prevented amorphization. Annealing at

600°C allowed limited regrowth of the amorphous layer except

where the oxygen concentration was highest, in which case a

layer of microtwins was formed as the solid phase epitaxy

process broke down. Subsequent annealing of the samples

with a microtwin layer at 1400°C produced thin, continuous

buried oxide layers with sharp interfaces and no islands of

unoxidized silicon within the buried oxide. Microtwins

remained at the edges of the buried oxide. For samples with

higher implant temperatures, where no microtwin layer was

formed, the buried oxide layers had rough interfaces and

contained numerous islands of silicon. The islands were

attributed to the premature segregation of oxygen as a
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result of fewer precipitate nucleation sites in the absence

of an amorphous layer.

If the initial anneal temperature is too high (>

1050°C) the amorphous layer recrystallizes as

polycrystalline silicon, rather than as microtwins [50-53].

Tuppen et_ ad. [53] report that for stoichiometric doses,

amorphization is suppressed when the implant temperature is

above 450 to 475°C. The redistribution of oxygen in the

surface layer is similar to the behavior of the 450 to 550°C

implants, and the threading dislocation density after high

temperature annealing is typically about 109 cm"2.

The third microstructure type consists of oxygen

containing cavities in the SS layer [15, 54-59] . El-Ghor et.

al. [54] have explained this microstructure in terms of

void-formation theories for irradiated metals. Evidently,

the voids can only form over a very narrow range of

implantation temperatures (600-675°C) due to dynamic

annealing effects. The most striking effect of annealing

this structure is that the cavities dissolve and a low

threading dislocation density is obtained. Etch-pit

measurements on stoichiometric dose implants after 1300°C, 6

hr annealing have shown that the threading dislocation

density is <104 cm"2. Visitserngtrakul et. ad. [57] suggest

the dislocation reduction mechanism is related to the

absence of precipitates near the free surface while El-Ghor
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et al. [15] suggest it is due to a dislocation blocking

effect of the cavities and their strain-free nature.

These high temperature implants also have several other

unique microstructural features. At the buried oxide

interface with the surface layer, 400 to 1400 Á long planar

defects on {111} planes form [58,62]. These have been shown

to consist of a series of discontinuous stacking faults,

both extrinsic and intrinsic in nature. They are postulated

to form by a shear process in response to stresses generated

by the growing buried oxide [62].

The effect of dose on the formation of the near surface

cavities has also been investigated [57-59]. They form at

doses as early as 3xl017 cm'2 in the top 1500 Á or so of the

surface layer, and increase in size as the dose increases.

Their presence causes substantial surface roughness in the

as-implanted condition; however, the surface becomes planar

again upon annealing at 1300°C [59],

In general, the effect of dose rate on SIMOX

microstructures has been somewhat difficult to separate from

the effects of implant temperature because ion beam heating

has often been the sole means of controlling the wafer

temperature. No differences were found for implants at 10

or 1 mA/cm2 [58] where the wafer temperature was partially

controlled by external heating. However, for high energy

implants (300 keV) at very low beam current densities (1.5

jiA/cm2) with the wafer in a channeling orientation a very
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unusual microstructure was observed [63,64]. The surface

silicon layer contained an ordered array of oxide

precipitates adjacent to the buried oxide. The ordering

consisted of 2 nm precipitates spaced 5 nm apart in a simple

cubic arrangement. Upon annealing, the oxide precipitates

dissolved, and the threading dislocation density was <10'

cm',:. This drastic reduction in dislocation density was

explained as arising from the ordered structure confining

any dislocations to the vicinity of the buried oxide, thus

preventing them from threading to the surface. This method

has not been exploited for the production of dislocation-

free SIMOX because commercial implanters must use high dose

rates and are not designed to enable channeling implants.

The effect of dose on the threading dislocation density

has also been investigated. The first systematic study of

sub-stoichiometric doses was by Homma et_ ad. [65] . They

implanted oxygen at 150 keV over a range of doses and then

grew homoepitaxial layers on the surface. Etch-pit

measurements were used to measure the dislocation density as

a function of dose. It was discovered that above a critical

dose of between 4 and 6xl017 cm"2 dislocations formed, while

for lower doses no dislocations intersected the surface.

This result has been confirmed by Reeson et al. [66].

Hill et_ ad. [14] applied this result to a novel method

of making SIMOX. They sequentially implanted and annealed

the wafers with oxygen doses below the critical dose between
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1300°C, 6 hr anneals. The result was a dislocation-free

(<103 cm'2 ) surface silicon layer overlaying a continuous

buried oxide.

Hill et ad. [14] tentatively suggested three possible

explanations for the existence of a threshold dose. These

included tensile strain build-up in the wafer with

increasing dose, the existence of a threshold oxygen

precipitate size for punching out dislocation loops and the

build-up of implantation damage in the wafer.

Numerous other researchers have confirmed that this

sequential implant and high temperature anneal method does

indeed produce low threading dislocation densities [67-69].

The disadvantage of this technique, however, is the many

long anneals at high temperature that are required to

produce a single SIMOX wafer. This not only increases the

contamination level of the wafers, but it also makes it

difficult to produce low-dislocation-density SIMOX

economically.

Thus, three methods for producing low dislocation

density SIMOX are known; however, at least two of them have

severe drawbacks from a commercial production point of view.

The low dose rate channeling implants require long implant

times, thus reducing wafer throughput, while the multiple

implant method requires many long-time, high-temperature

anneals which may increase the contamination level of the

wafers and also reduce wafer throughput. The high
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temperature implants that produce cavities in the surface

layer appear to be the most promising from a production

point of view; however, it is not yet clear whether the

threading dislocations densities are consistently below 104

cm'2.
*

Although the existence of a threshold dose for TD

formation has been established, there has been little

systematic work on defect formation and evolution in this

dose range. In addition, the effect of annealing at lower

temperatures has not been extensively investigated, since

the emphasis in annealing studies has been on the

redistribution of oxygen at high temperatures. As a result

there is no clear understanding of how threading

dislocations form, in spite of the fact that several methods

exist to avoid their formation. It is therefore difficult

to make improvements on existing methods or to develop new

methods that may be more commercially viable.

Scope of the Present Work

A review of the relevant literature has shown that in

spite of the existence of several methods to avoid threading

dislocations in SIMOX, there is no clear understanding of

how TD's form, or how these methods avoid their formation.

As a result, it is difficult to make improvements on the

existing methods or to develop new methods that may be more

commercially viable. This lack of knowledge concerning TD

formation mechanisms stems in part from the very complex
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microstructures of high-dose implants and a general lack of

fundamental knowledge concerning defect formation and

evolution in high-dose implants.

An integral part of the approach used in this

investigation was an attempt to study a simplified system

before proceeding to the analysis of the very complex

microstructure of the high-dose implants. The

simplifications imposed were of two basic kinds. First, the

effect of increasing dose on the defect microstructure was

investigated, starting with much lower doses than are used

in ion-beam synthesis. Secondly, it was clear from a review

of the relevant literature that defect evolution as a

function of annealing was poorly understood because of a

heavy emphasis on very high temperature anneals (>1300°C) in

most previous SIMOX studies. Thus, the effect of annealing

at intermediate and high temperatures at each dose was

studied. This approach also served to help bridge the gap

between our considerable knowledge of secondary defects

associated with low-dose, dopant implants in silicon and our

relative lack of knowledge concerning the high-dose, high-

temperature implants used in ion beam synthesis.

The primary investigation tools were high resolution

x-ray diffraction (HRXRD) and transmission electron

microscopy (TEM). These techniques provided complementary

information about defects in the implanted samples. In so

much as point defects and their clusters produce strain in
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the lattice, the HRXRD measurements were able to provide

information about the extent and distribution of these

defects. In addition, the TEM observations were able to

provide detailed information about the configuration and

location of extended defects in the ion implanted samples.

Detailed information about these experimental techniques,

along with the implantation and annealing conditions

employed are given in Chapter 2. Results from a general

investigation of how to correctly interpret the HRXRD

results are deferred to the Appendix.

Chapter 3 presents the results of HRXRD measurements

and TEM observations on the effect of dose and annealing

treatment on the strain state and microstructure of single

implants of oxygen in silicon. A full discussion of strain

relief and defect formation and evolution processes in high-

dose oxygen-implanted silicon is presented in the final

section of the chapter. This discussion includes a

consideration of those factors that are important in

determining the threading dislocation density of SIMOX

material.

This more detailed understanding of defects in SIMOX

led to the development of a new multiple implant/low

temperature annealing process for producing low threading

dislocation density SIMOX. The results of this new process

are presented in Chapter 4, together with a discussion of
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possible future work in this area. Finally, the major

conclusions of this investigation are summarized in

Chapter 5.



CHAPTER 2
EXPERIMENTAL PROCEDURES AND METHODS

Implantation and Annealing

All samples used in this study were nominally <100>

oriented single crystal p-type silicon wafers. These wafers

were implanted with 160+ at 160 keV at a beam current density

of 10 jiA/crrr on an Eaton-Nova NV-160 ion implanter by SPIRE

Corporation of Bedford, MA. The wafer fixture of the

implanter was designed so that the incident ion beam was

perpendicular to the wafer surface which would be,

nominally, a channeling direction for the <100> wafers. The

wafers were bare, i.e. no screen oxide was used.

Single implants were obtained at total doses of lxlO16,

3xl016, lxlO'7, 3xl017, 6xl017 and 9xl017 cm'2 to investigate

how defect formation and evolution changed as the dose was

increased from dopant-type implant doses (<1016 cm'2) to the

higher doses (>1017 cm'2) used in ion-beam synthesis.

Samples to be annealed were capped with 2000 to 5000 Á of

Si02 deposited by chemical vapor deposition at about 350°C.

Annealing was performed in a tube furnace under flowing N2

at temperatures of 900°C, 1150°C and 1300°C for 30 minutes

or 6 hours. Defect evolution was further investigated in

the 3xl017 cm'2 samples with 30 minute anneals at 700°C,

26
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800°C and 1050°C. Additional multiple implant/anneal

samples were prepared by implanting wafers at 3xl017 cm'2,

annealing at the desired temperature, re-implanting an

additional oxygen dose and annealing a second time. This

procedure allowed the manipulation of the surface silicon

defect microstructure and proved to be an important tool for

understanding defect evolution mechanisms in this study.

The ion beam current density was held constant at

10 fiA/cm2 for each implant in order to minimize variations

in effects associated with the dose rate. These effects

include the rate of damage production, the rate of internal

oxidation and the equilibrium wafer temperature during the

implant. Since no external source of wafer heating was

used, the wafer temperature was determined entirely by the

latter effect. In view of the importance of implant

temperature in determining the microstructure of high dose

implants (as discussed in Chapter 1), it was necessary to

evaluate the heating rate and equilibrium temperature for

the implant conditions used in this work.

According to Parry [70] the wafer temperature should be

controlled by the input power of the ion beam, radiative

heat losses at the wafer surface and conductive heat losses

to the wafer holder. In the absence of special heat sinking

holders, the first two factors should dominate. Under these

circumstances the simple model of power balance developed by

Smith [71] should be applicable. In this model, the power
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density input by the ion beam, Pb/A, is equal to the heat

absorbed by the wafer plus the heat lost by the wafer to

radiative cooling:

Pb/A = pci dT/dt + 2oe(Tw4 - Ts4) (2-1)

where p is the density of silicon (2.32 g/cm3) , C is the

specific heat of silicon (702 J/kg-K), 1 is the wafer

thickness (0.05 cm), dT/dt is the instantaneous heating

rate, o is the Stefan-Boltzman constant (5.67xl0-8 W/rrr-K4) ,

E is the "effective" emissivity (taken to be 0.35 for

silicon in a typical implant station), Tw is the

instantaneous wafer temperature and Ts is the temperature of

the surroundings. Following the suggestion of Parry [70] Ts

is taken to be about 100°C. For 160 keV singly charged ions

incident at 10 p.A/cm2 the power density is 1.6 W/cm2.

Numerically integrating equation 2-1 yields the plot in

Figure 2-1 of wafer temperature as a function of implant

time and dose. The results show that the equilibrium wafer

temperature was approached to within 6°C in less than 45

seconds. The lowest dose in this work was lxlO16 cm'2 which

corresponds to an implant time of 160 seconds. Thus, even

the lowest dose sample was held at the equilibrium

temperature for a significant majority of the implant time.

The calculation also shows that the theoretical equilibrium

temperature was 535°C, which is in reasonable agreement with

the experimentally measured value of about 500°C obtained at
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Figure 2-1. Calcuated wafer temperature rise due to ion-beam
heating as a function of implant time and dose.
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SPIRE Corporation [F. Namavar, private communication]. The

slightly higher theoretical temperature is likely due to

neglecting conductive losses and to the approximate values

used for £ and Ts in the above equation.

Analytical Methods

A thorough analysis of defect formation and evolution

in the SIMOX process requires knowledge about point defects

and their clusters as well as extended defects. No single

experimental technique can provide detailed information

about each of these defect categories. Therefore, it was

necessary to consider a variety of experimental techniques.

Transmission Electron Microscopy

Extended defects such as dislocations, precipitates and

stacking faults are most effectively studied by transmission

electron microscopy and this was used as a primary-

experimental tool. Both cross-sectional and plan-view

specimens were examined.

Cross-sectional samples were prepared by the method of

Jones [24]. Cleaved pieces, 1 cm x 1 cm, were glued to a

sacrificial silicon wafer with Crystal Bond thermal adhesive

and diced with a diamond watering blade into 0.25 mm thick

slices. The slices were then epoxied together with Gatan

G-l epoxy and cured for 5 minutes at 100°C. Prior to this

step, the slices were arranged so that the original wafer

surfaces were facing each other with two additional slices

placed on either side to increase the total width of the
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sample. The samples were mounted to a polishing jig with

Crystal Bond and ground on both sides with 5 fim alumina grit

until the edges of the sample began to disappear. A copper

grid, 3 mm in diameter with a 1 mm x 2 mm slot was then

epoxied to the ground samples to provide mechanical
*

stability. Final thinning was performed by bombarding the

samples with 5 kev Ar+ ions in a Gatan ion mill until an

electron-transparent region at the site of the original

wafer surface was obtained. This ion-milling process

typically required 3 to 5 hours before the sample was

thinned sufficiently for TEM.

Plan-view specimens of silicon are usually obtained by

chemical jet polishing from the back side of the wafer.

However, it was found that the presence of a non-continuous

buried oxide layer in lower dose samples complicated this

procedure because of preferential etching. Therefore,

chemical jet thinning was only used until light was visible

through the sample, but no hole was formed. The samples

were then ion-milled from the back side until a hole was

obtained, which usually took 30 to 60 minutes. The jet

thinning was performed with a South Bay Technologies jet

thinner using a 3:1 HN03/HF solution. The front side of the

samples were protected against chemical attack with a layer

of paraffin wax. The wax was removed in a heptane solution

after chemical thinning. During ion milling, the front

side was protected against contamination with a sheet of
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plastic. After the ion milling was concluded, the samples

were ready for TEM examination.

Two electron microscopes were used. A JEOL 200CX with

operating in the TEM mode was employed for the diffraction

contrast studies which constituted the vast majority of the

work. A JEOL 4000FX with a point-to-point resolution of

1.95 Á was used for phase-contrast experiments in a few

instances where lattice imaging was required to assist in

identifying defects in the implanted samples.

A variety of imaging techniques were used in the study.

Conventional two-beam bright field imaging allowed for an

overview of the defect microstructure and for Burgers vector

analysis of dislocations. With only two beams excited (the

transmitted beam and one diffracted beam) the contrast from

dislocations and stacking faults in elastically isotropic

materials is well understood from the standpoint of

dynamical theory [72,73]. If R is the displacement vector

of the defect and g is the reciprocal lattice vector of the

operative reflection then the defect is invisible for g-R=0

and visible for all other values of g*R. For dislocations,

R is just the Burgers vector, b, and the contrast consists

essentially of a thick dark line. Stacking faults appear as

alternating bright and dark fringes bounded by partial

dislocations, where R is the fault displacement vector.

This simple principle is the basis for experimentally

determining the displacement vector of defects. In
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practice, the images are taken with a slight deviation (s <

l\£g/ where s is the deviation parameter and is the

extinction distance) from the exact Bragg condition because

this results in a maximum in transmitted intensity.

Overviews of the defect microstructure were obtained

with either g220 or g400 in the <110> oriented cross-sectional

samples and with g220 in the <100> oriented plan views.

Burgers vector determinations were accomplished with

standard tilting experiments. At least two cases of

"effective invisibility" of the dislocations were obtained.

This redundancy was necessary because mixed dislocations in

isotropic materials and any dislocations in anisotropic

materials such as silicon (anisotropy factor=1.56) can show

residual contrast when g-b=0 and a judgement must be made of

when the dislocation is effectively invisible.

Threading dislocation densities were obtained from

plan-view specimens using a g220 reflection. Experimentally,

it was found that the dislocations had b such that all were

visible on a g220 reflection. Therefore, no correction for

invisibility was necessary. The lower limit on the

measurable dislocation density depends on the total area

viewed. As a practical matter, this limit is about 105 to

106 cm'2.

Weak-beam dark field images of the defect

microstructure were also obtained. This technique provides

a high contrast image of dislocations with vastly improved
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spatial resolution compared to conventional bright field

images. With the third-order diffracted beam excited, the

first-order beam is used for centered dark field imaging,

producing a g-3g weak beam image. Provided s~2xl0'2 Á'1, the

dislocation image is within 20 Á of the core with a width of

about 15 Á compared to an image width of ~£g/6 (-160 Á for

g22o in silicon) for bright field images [72]. The narrower

image allowed closely spaced defects to be imaged.

Voids or cavities in the samples were imaged according

to the rules of Ruhle and Wilkens [74]. They have shown

that in a focussed conventional bright field image, cavities

are essentially invisible, but that by under- or over¬

focussing a kinematical (i.e., s>>0) image the cavities will

show either bright or dark contrast at the edges. An under¬

focussed image taken with a g400 diffraction vector under

kinematical conditions (s=g) was found to produce the best

cavity contrast in the samples in this study. The volume

fraction of cavities in a sample was estimated by measuring

the diameter of each cavity, calculating the volume assuming

a spherical cavity, summing the volumes of each cavity and

dividing by the volume of material in which the cavities

were found.

High Resolution X-ray Diffraction

Radiation-induced point defects and clusters have been

studied by a wide variety of spectroscopic techniques

including infrared spectroscopy, Raman spectroscopy and
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Rutherford backscattering spectroscopy. The present work

has pioneered the use of a relatively new technique, high

resolution x-ray diffraction, in the analysis of radiation-

induced point defects in high-dose implants. The technique

allows a three-dimensional analysis of the sign and

magnitude of lattice strain as a function of depth in the

surface layers of a material. In so much as point defects

produce lattice strain, HRXRD should be a sensitive and

powerful tool for analyzing irradiation-induced point

defects and point-defect clusters. In view of this

potential, a considerable effort was devoted to the

application of HRXRD to strain analysis of the ion-implanted

samples.

Principles of operation

A rocking curve (RC) is a plot of the diffracted x-ray

intensity around the Bragg angle of a particular

crystallographic plane of a single crystal material. If a

thin surface layer of slightly different lattice parameter

exists, diffraction maxima from both the layer and the

substrate occur. A measurement of the angular separation of

these peaks will provide the lattice parameter difference

through Bragg's law. However, the natural wavelength spread

(spectral divergence) and size of a normal x-ray source is

in general too large to allow these closely spaced peaks to

be resolved. As a result, it is necessary to use one or
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more beam-conditioning crystals to collimate and/or

monochromate the x-ray beam.

Traditionally, a single beam-conditioning crystal has

been used to collimate the x-ray beam for the second, sample

crystal. The primary advantages of the high-resolution

five-crystal diffractometer over this traditional

double-crystal method are its improved resolution and its

versatility. Double-crystal systems require that the

reference crystal have the same d-spacing as the sample in

order to obtain good resolution (about 8 arc-sec). This

requires changing the reference crystal for every new

material or reflection of interest. In contrast, the

five-crystal instrument can obtain an RC for any reflection

at any angle of any single crystal material without

modification or realignment of the monochromator with a

resolution of about 5 arc-sec for 0B < 150 degrees. These

attributes arise from the properties of the four-crystal

monochromator, which were first enunciated by Dumond [75].

The most effective way of understanding the operation

of this, or any other monochromator is to use Dumond's

"transparency" diagrams, an example of which is shown in

Figure 2-2. The diagram is a two dimensional plot of

Bragg's Law, nA, = 2dsin0a. With d, the plane spacing, and

n, the reflection order, taken as fixed by the reflection of

interest, the x-ray wavelength, A,, is plotted as a function

of 0B. However, since every reflection has an intrinsic
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Figure 2-2. Dumond diagram for a single x-ray reflection.
The area enclosed by the parallel curves
represents the range of 9 and A. values were
appreciable x-ray intensity occurs.
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angular spread of 0B values given by the full width at half

maximum (FWHM), the plot is of two parallel curves separated

by the FWHM. The area between these curves represents the

range of X and 0B values where appreciable x-ray intensity
is obtained, while outside of the curves the intensity falls

off rapidly. It should be noted that these diagrams are

only schematic in nature and the FWHM is greatly exaggerated

for illustrative purposes.

The action of two or more crystals can be discovered by

superimposing the appropriate Dumond diagrams for the

crystals. In this respect, the orientation of the crystal

faces with respect to each other is important (see Figure

2-3). If the faces are parallel (known as the (+,-)

setting) then an increase in the Bragg angle of crystal 1,

02, will produce an increase in angle, 02, at crystal 2, of

equal magnitude. The Dumond diagrams are then superimposed

with 0B increasing in the same direction, as shown in Figure

2-4a. For the anti-parallel ( + ,+) case an increase in 0j

corresponds to a decrease in 02 so that one of the curves

must be plotted in the opposite way in the superposition, as

shown in Figure 2-4b.

A rocking curve is obtained by rotating one crystal

with respect to the other through a range of rocking angles.

This can be schematically illustrated by sliding one diagram
with respect to the other. The x-ray intensity exiting the

second crystal to a detector is simply the product of the
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Figure 2-3. Schematic diagrams of the two possible crystal
arrangements in a double-crystal diffractometer,
a) Parallel (+,-) setting; b) Anti-parallel ( + ,+)
setting.
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Figure 2-4. Diamond diagrams for the two possible crystal
arrangements of a double-crystal system,
a) Parallel (+,-) setting; b) Anti-parallel (+,+)
setting.
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reflectivities of each crystal at each value of rocking

angle, i.e., the mathematical correlation of the two

reflectivity curves. This is represented on the Dumond

diagram by the "window" of overlapping area within the FWHM

of each curve at each rocking angle for the wavelength of

interest. By mentally performing this rocking action with

the diagrams in Figure 2-4 it is immediately apparent that

the parallel setting produces a sharp rocking curve since

the window of overlap occurs only over a narrow range of

rocking angles, independent of wavelength. In contrast, the

window area in the anti-parallel setting persists over the

entire range of rocking angles. The rocking curve would

thus explore the spectral linewidth of the x-ray source,

giving rise to a very broad and diffuse curve. It is for

this reason double crystal diffractometers can only operate

in the parallel, non-dispersive setting. A further

restriction is that the d-spacings of the two crystal

reflections must be similar, otherwise the window of overlap

is broadened and the resolution of the rocking curve is

severely degraded, even in the parallel setting.

The five-crystal diffractometer overcomes these

difficulties by setting the crystals in such a way that both

collimation and monochromation occur. The crystals are

fixed (i.e., not rocked with respect to each other) in the

( + ,-#-,+) setting shown in Figure 2-5. Crystals 1 and 2 are

fixed in the parallel setting so that their reflectivity
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Figure 2-5. Schematic diagram of the setting of
the four crystal monochromator/collimator.
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Figure 2-6. Dumond diagram of two crystals in the parallel
(+,-) setting fixed at the Bragg angle. The
dashed line represents the narrower FWHM of the
exit beam resulting from the superposition of the
two reflectivity curves.



44

curves completely overlap as shown in the Dumond diagram in

Figure 2-6. As a consequence the output of the first two

crystals is simply the square of their individual

reflectivity curves. Since the reflectivity is always < 1,

the exit beam is reduced in angular width, thus providing

better resolution, but with reduced intensity. Crystals 3

and 4 are also in the parallel setting and behave in a

similar manner to crystals 1 and 2. Monochromation is

achieved by arranging crystals 2 and 3 in the anti-parallel

position. From the Diamond diagram in Figure 2-7 it is

apparent that with this arrangement only a narrow spectral

width, corresponding to the small region of overlap of the

four reflectivity curves, is allowed to pass. When the

fifth crystal, the sample to be analyzed, is rocked with

respect to this fixed arrangement of the beam-conditioning

crystals, the result is a rocking curve of very narrow FWHM

that is nearly independent of the natural linewidth of the

x-ray source and of the Bragg angle. Thus, the four-crystal

monochromator/collimator allows any reflection of any sample

crystal to be analyzed with very high resolution, but at the

cost of reduced intensity.

The Philips high-resolution x-ray diffractometer used

in this study employs two U-shaped <110> oriented Ge blocks

for the monochromator/collimator in an arrangement developed

and patented by Bartels [76,77]. The high intrinsic

reflectivity of Ge minimizes the intensity loss while the
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Figure 2-7. Diamond diagram for the four crystal monochromator
with the crystals in the setting.
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<110> orientation allows the diffractometer to operate in

two different modes. When the (440) reflecting planes are

used the resolution is about 5 arc-sec, but the intensity is

very low. A factor of twenty gain in integrated intensity

is possible by using the (220) planes of the Ge crystals

with, however, a loss of resolution to about 12 arc-sec.

For general work, the lower resolution mode was used in this

study. In certain circumstances it was found necessary to

operate in the high resolution mode to resolve closely

spaced diffraction peaks.

In order to obtain a meaningful rocking curve it is

necessary to accurately align the specimen and to optimize

the rotation, R, and tilt, <}>, angles. Figure 2-8 shows a

schematic of the diffractometer arrangement. First, the

sample is adjusted along the z-axis by means of a micrometer

so that the surface lies at the center of the diffractometer

axis. The remaining alignment procedures require the

acquisition of a series of rocking curves at different

values of R and <f>.

The necessity of determining the appropriate value of R

arises from the likelihood of a misorientation, or miscut,

between the sample surface and the (004) planes, as

illustrated in Figure 2-9. Rocking curves are measured with

respect to the angle of incidence to the specimen surface,

to, not with respect to the Bragg angle. Thus, as the

specimen is rotated, the measured values of peak position,
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Figure 2-8. Schematic diagram of high resolution
diffractometer.
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(0, will vary according to [78] :

go = 0B + asin(R + R0) (2-2)

where a is the miscut angle and Rc is arbitrary. At

R+R0=n7i, where n=0,l,2 ... , co=0B and the correct Bragg

angle is known.

The situation becomes more complicated if there is an

additional miscut between the strain layer and the

substrate. In this case both the substrate and strain layer

peaks vary sinusoidally with R but are out of phase. The

angular difference, Ago, between peaks is then a function of

R so that the calculated strain appears also to be a

function of R. Distinguishing which is the true value of

the peak separation can be done in two different ways.

First, a series of rocking curves can be used to

evaluate go as a function of R for both the strain layer peak

and the substrate, taking the true value of go at the

appropriate R value for each, according to equation 2-2. An

alternative method is to obtain rocking curves at an

arbitrary rotation angle, R:, and at R^rc. The true values

of go are then just the average of the go values for the two

measurements since sin (Rj+RJ =-sin (Rj+Rq+tc) and

G0avg= (GOi+GOj) /2=0b+1/^X ( sin (Rí+Rq) +sin (Rí+Rq+JI) )

wavg=0B+O=0B (2-3)

After finding the appropriate rotation angle, the tilt

angle must be optimized so that the diffracted beam is
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centered on the detector window. A series of rocking curves

at different <j) values are taken until the FWHM of the

diffracted peaks is minimized and the intensity is

maximized. With both § and R determined, the final rocking

curve can be obtained.

When the angular difference between epilayer and

substrate peaks is small, the x-ray detector can remain

stationary at the theoretical value of 203 and still be able

to measure both peaks because of the detector's relatively

wide window. Rocking curves obtained in this manner are

known as co scans since only tú is varied. If, however, the

angular difference is very large, the detector must move as

the scan progresses, producing an (0/20 scan. The scans can

be made in either a continuous motion for quick scans or in

increments down to 0.9 arc-sec per step for precision

measurements.

Experimental procedures

Specimens for HRXRD analysis were cleaved from the

implanted wafers to a size of about 1 cm by 1 cm and were

given a buffered oxide etch to remove any surface oxide

film. They were affixed to glass slides with paraffin wax

and the glass slides were then taped to the diffractometer

specimen holder. This mounting method was thought to reduce

the risk of spurious strain measurements arising from

accidental straining of the wafers during the mounting

process.
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The system used Cu Ka radiation (A,=1.541Á) obtained

from a generator operating at 40 kV and 40 mA. Rocking

curves were routinely obtained with the diffractometer

operating at 12 arc-sec resolution to take advantage of the

increased intensity obtainable. The high-resolution mode

was used for some samples with very closely spaced peaks.

The specimens were physically aligned as described above.

Rotation optimizations of the symmetric (004) reflection of

each sample consistently indicated that there was no miscut

or misorientation between the substrate and strain layer,

although the wafers themselves did show a miscut from the

nominal <100> orientation. An experimental example of one

of these R optimizations is shown in Figure 2-10. Since

there was no phase difference between the peaks, rotation

optimizations were obtained by finding the minimum or

maximum value of co as a function of R. The correct R value

was then taken to be at 90° away from this value. The tilt

angle, <(), was then varied until the substrate peak exhibited

a minimum FWHM and a maximum peak intensity. Final rocking

curves were then obtained from the symmetric (004)

reflection with the diffractometer operating in the 0) mode.

These rocking curves were used for comparison to the

simulated rocking curves and they allowed for the evaluation

of the perpendicular mismatch.

Asymmetric rocking curves (e.g., (044), (115) and

(444)) at both glancing incidence and glancing exit angles
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53

were obtained to evaluate the parallel mismatch component.

Although these also provide the perpendicular component, the

symmetric (004) rocking curves were still necessary for

comparison with the rocking curve simulations. In addition,
the independently obtained values for the perpendicular

mismatch served as a check that the peak position

assignments were correct. The curves were obtained in the

(0/20 mode because of the increased peak separation in the

asymmetric geometry.

Experimentally, it was found that the R optimization

procedure was greatly complicated for the asymmetric curves

because the optimal 0 value showed considerable variation as

R was changed. This effect was so pronounced that

frequently it was not possible to see any diffraction peaks

for a given value of R. As a result, an alternative method

was adopted to account for the wafer miscut. This procedure

involved obtaining two rocking curves, one at an arbitrary-
value of R where the diffraction peaks were visible, and a

second at 180° away from the first value. As explained

earlier, the average of these two (0 values is then the

correct one. This procedure was used for both the glancing
incidence and glancing exit measurements so that evaluation

of the parallel mismatch required a total of four different

rocking curves.

Many of the measured diffraction effects were weak in

intensity. In order to reduce statistical fluctuations,
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which vary as the square root of the total number of counts,

long counting times were required. For a diffraction peak

intensity of 10 counts per second (cps), the fluctuations

would be about 3% for a count time of 100 sec/step, 10% for

10 sec/step and 30% for 1 sec/step. Counting times were

typically 10 sec/step with a step size of 1.8 arc-sec for

the low resolution work and 30 sec/step with a step size of

0.9 arc-sec for the high resolution scans. These counting

times led to total scan times of 4 to 20 hours, depending on

the total angular range covered.

Rocking curve analysis

The Phillips high resolution diffractometer has been

used almost exclusively for the analysis of relatively

uniform, thin epitaxial layers grown on single crystal

substrates by a variety of techniques. These RC's typically

consist of a strong diffraction peak fEom the substrate, a

diffraction peak from the epitaxial layer (if it's not

lattice matched) and additional intensity maxima associated

with finite thickness effects. Under these circumstances,

the interpretation of the rocking curves is relatively

straightforward. One of the conclusions of this study was

that in many cases the rocking curves of ion-implanted

samples could be interpreted in a manner directly analogous

to the treatment of thin epitaxial layers. Therefore, the

analysis of rocking curves obtained from hetero-epitaxial

layers will be briefly reviewed before proceeding to a
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discussion of analysis methods for rocking curves of ion-

implanted samples.

Experimentally, it is observed that the lateral

constraint of the substrate causes the epitaxial layer to be

tetragonally distorted to some degree, depending on the

extent of relaxation that has occurred in the layer. For an

(001) oriented material that is cubic in bulk form, this

implies that the lattice cell dimension in a direction

perpendicular to the surface is different from that of the

cell edges parallel to the surface , and that all three cell

dimensions are different from the bulk lattice constant.

The fractional change in lattice parameter of the epitaxial

layer thus depends on the direction in the layer. Rocking

curves obtained from HRXRD allow these two components to be

directly evaluated.

For an (001) oriented, tetragonally distorted crystal,

one can obtain from Bragg's law and the geometry of

tetragonal crystals the following relations for the (hkl)

reflection:

ax = Xl (2-4a)
2sin0 cos<|)

a¡ = ax2 (h2 + k2) cot2(j) (2-4b)
l2

where ax is the perpendicular cell dimension, a, is the

parallel cell dimension, X is the x-ray wavelength, 0 is the

Bragg angle for the (hkl) planes and $ is the angle between
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the (hkl) and (004) planes. Differentiating these equations

and rearranging yields [76]:

(Aa/a)x = tan<J)d<|) - cot0d0 (2-5a)

(Aa/a), = -cot<})d<)) - cot0d0 (2-5b)

where ([) and 0 are now taken to be reference values for the

cubic substrate of lattice parameter a. It is customary to

refer to these as the "x-ray strain" or "strain" in the

layer. However, it must be noted that they are actually the

fractional change in lattice parameter of the epitaxial

layer with respect to the substrate and not with respect to

the bulk lattice parameter of the layer. Thus, they are the

perpendicular and parallel components of lattice mismatch,

not the actual elastic strain in the layer.

Evaluation of the two mismatch components requires

knowledge of the change in planar tilt angle, A(]), and the

change in Bragg angle, A0, for the (hkl) planes of the layer

with respect to the substrate. Both A<|) and A0 are directly

obtainable from HRXRD provided rocking curves are obtained

at both glancing incidence and glancing exit angle for the

(hkl) reflection. Assuming that any miscut in the sample

has been taken into account by appropriately rotating the

sample then the angles are given by:
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0 = fa)4 + tú

2

<j) = or - (o
2

(2-6b)

A0 = Afa)4 + Afa)
2

(2-6c)

A0 = Afa)4 - Afa)
2

(2 — 6 d)

where fa)+ and fa) are the angular position of the substrate

peaks at glancing incidence and exit, respectively, and Afa)

is the angular difference between the layer peak and the

substrate peak. The sign convention used here requires that

all differences be taken as epitaxial layer value minus

substrate value. With this convention, substitution into

equations 2-5a and 2-5b yields the perpendicular and

parallel mismatch.

It should be noted that any asymmetric reflection

(i.e., when fa)4 * or) can be used to obtain the parallel and

perpendicular components of mismatch. If, however, the

symmetric (004) reflection is used, only the perpendicular

component can be evaluated. With 0=0 and 0=fa)subst the result

is:

(Aa/a)x = -cotfa)subst Afa) (2-7)

Thickness fringes also typically appear in RC's of

epitaxial structures. These arise from constructive and

destructive interference of the x-rays within the epitaxial
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layer. Bartels [76] gives the approximate thickness of a

thin layer, t, as:

t = A.sin(26 - w) (2-8)
Awsin20

where Aw is the fringe spacing.

In contrast to the above analysis for thin epitaxial

layers, interpretation of rocking curves from ion-implanted

single crystals has been assumed to be much less

straightforward. The primary differences are that the

strain is usually not distributed homogeneously throughout

the layer which distorts the peak shapes and that

implantation induced disorder depresses the intensity of any

diffraction maxima. As a result, it may not be obvious what

the origin of a series of maxima in the rocking curve might

be. Two general approaches to these difficulties have been

reported.

Afanasev et al. [79] have developed a Fourier analysis

method for extracting an effective layer thickness and an

average strain value from a rocking curve. The technique is

analogous to crystal structure determinations using

Patterson functions. In both instances, however, a complete

solution to the problem is not possible because the

experimentally accessible quantities are sufficient to

evaluate only the amplitude of the Fourier coefficients, not

their phase relationships. The assumptions in their

analysis also limit the general applicability of the
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technique. Specifically, their analysis assumes a single

strained layer located at the surface that is thin enough

with respect to the extinction distance that kinematical

theory applies. In addition, it requires that the

diffraction effects be relatively strong so that the Fourier

transform will be sensitive enough to the perturbations

introduced by the strain layer. Neither of these

requirements was met by the implanted samples in this study.

By far the most widely used technique for analysis of

implanted layers, and the one used in this study, is that of

computer simulations of the rocking curves using a series of

assumed strain distributions. This rather tedious trial and

error technique is normally carried out until the calculated

rocking curve matches the experimental one, in which case

the trial strain distribution is assumed to be the correct

one. Such simulations have been performed using kinematical

[80], semi-kinematical [81,82] and dynamical theories of

x-ray diffraction [83-85] .

The kinematical and semi-kinematical simulations treat

the strain layer as a small perturbation on a kinematically

or dynamically diffracting substrate. The purely

kinematical approach is entirely inadequate for Bragg

diffraction from the thick single crystal substrate under

any circumstances. The semi-kinematical treatment is valid

only if the strain layer thickness is much less than the

extinction distance of the operative reflection. For the
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(004) reflection of silicon the extinction distance is about

3.7 ^im while the strain layers in the implanted samples

extend to approximately 20% of this depth. It was therefore

judged necessary to use dynamical theory in this study.

The dynamical simulations were carried out using the

RADS computer program, available commercially from Bede

Scientific Instruments, Ltd. of Durham, UK. RADS uses the

Takagi-Taupin [86-88] formulation of dynamical theory to

calculate rocking curves based on user specified trial

composition distributions of hetero-epitaxial films. The

composition variation with depth is specified as discrete

layers of variable thickness but each with uniform lattice

parameter. The Takagi-Taupin equations are solved for the

ratio of diffracted to incident beam amplitudes for each

layer. The amplitude ratios are then matched at each layer

proceeding from the substrate upward to the surface, thus

producing the final amplitude ratio distribution. The

reflectivity (i.e., the rocking curve) is then taken as the

square modulus of the amplitude ratio exiting the top

surface.

The program was written for double-crystal x-ray

diffraction analysis of hetero-epitaxial layers grown on

single crystal substrates. In order to use the program for

the present study some adaptations were necessary, although

the software itself could not be modified. These

adaptations fell into two categories, those associated with
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the analysis of ion implanted layers rather than hetero-

epitaxial layers and those associated with the use of HRXRD

instead of a double-crystal system.

In order to adapt the program to the analysis of ion

implanted specimens it was necessary to specify a depth

dependent strain distribution. Two mythical elements were

created for this purpose. Big-silicon (Big-Si) was

identical to silicon in all respects except that it had a

lattice parameter 1% larger than silicon. Similarly,

Little-silicon (Lit-Si) was created with a lattice parameter

1% smaller than silicon. Strain distributions were thus

specified in terms of the percentage of Big-Si in a Big-

Si/Si alloy or in terms of the percentage of Lit-Si in a

Lit-Si/Si alloy. In this manner it was possible to

construct both positively and negatively strained layers and

to have the strain vary with depth in the sample. Each

layer was made to be completely coherent with the underlying

layer in keeping with the experimental result that the

parallel mismatch was effectively zero in all cases. With

the parallel mismatch assumed to be zero, the perpendicular

mismatch is given by:

(Aa/a)j_ = _ji_ (1 + v) = 1.77x (2-9)
100 (1 - v) 100

where x is the atom fraction of Lit-Si or Big-Si and V=0.278

is Poisson's ratio for silicon.
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A major shortcoming of the RADS program is that it does

not use Debye-Waller factors in the calculations. For ion

implanted materials, it has been shown that the large number

of displaced atoms depresses diffracted intensities [82,84].

This effect has been successfully modeled in rocking curve

simulations by the introduction of a depth dependent static

Debye-Waller factor. Since the lattice strain is normally a

result of the atomic displacements, the static Debye-Waller

factor is usually directly proportional to the strain [26].

In the absence of the ability to model this effect with

RADS, a perfect match between experimental and calculated

rocking curves was not possible.

An additional effect that could not readily be

incorporated in the simulations was Huang scattering from

extended defects (i.e., dislocations, stacking faults etc.).

Huang scattering appears as a broad elevation of intensity

in the tails of Bragg diffraction peaks [89] . When the

Huang intensity exceeds that of the subsidiary diffraction

peaks around the substrate Bragg peak it is no longer

possible to measure the subsidiary peaks. This effect

became very pronounced only at very high defect densities

where the microstructure was more amenable to analysis by

TEM than by HRXRD.

Several modifications in procedure were also needed to

enable the simulations to be compared to experimental

rocking curves obtained from HRXRD rather than from a
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double-crystal system. The Takagi-Taupin equations must be

solved separately for x-rays polarized perpendicular to (a

polarized) and coplanar with (7U polarized) the plane of

incidence. In double-crystal systems the incident radiation

is essentially unpolarized so RADS simulates the final

rocking curve by averaging the c and n polarized

reflectivity curves. In HRXRD, however, the multiple

reflections off of the beam-conditioning crystals can be

expected to lead to some polarization of the x-ray beam

incident on the sample surface.

This possibility was investigated by simulating rocking

curves for the Ge beam conditioning crystals. The Dumond

diagram for the four-crystal monochromator (Figure 2-7)

indicates that the effect of the multiple reflections can be

approximately treated by taking the final reflectivity as

the fourth power of the reflectivity of a single Ge crystal.

Figure 2-11 shows the calculated single crystal and four-

crystal reflectivities for both the o and n components for

the (440) Ge crystal setting. The integrated intensity of

the 71 component is only 1.9 % of the a component. An exact

analysis would require that the rocking curve of the fifth

crystal (the sample) be taken as the average of the a and Jt

components weighted according to the above results.

However, it was found that the relatively less intense Jt

component contributed so little to the final result that it
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could be ignored. Accordingly, rocking curve simulations

were only performed for the o polarized component.

An additional complication related to the use of HRXRD

entailed the manner in which peak broadening due to the

angular width of the incident x-rays was modeled. For

double-crystal systems this effect is accounted for by

calculating the reflectivity of both the reference crystal

and the sample crystal and mathematically correlating the

two curves. Since the FWHM of the reference crystal is

often similar to that of the sample, the effect can be quite

pronounced. In the HRXRD case, the effect was modeled by

correlating the calculated reflectivity curve of the sample

with the R4 curve for the Ge crystals in a separate computer

program outside of RADS. As a check on the validity of this

procedure, an experimental rocking curve of un-implanted

<100> silicon was obtained for comparison with the

calculated curve. The comparison of these curves in Figure

2-12 shows that the fit was very good. The FWHM of the

experimental curve was 5.9 arc-sec compared to 5.5 arc-sec

for the calculated one.

Another source of peak broadening common to both HRXRD

and double-crystal systems is that due to wafer curvature

arising from the presence of lattice strain at the surface

of the wafer. The finite width of the x-ray beam (1 mm for

the HRXRD) in combination with this curvature results in

peak broadening. RADS models this effect by performing a
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silicon wafer.
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user specified n-point smoothing operation on the calculated

rocking curve. This procedure was used for the HRXRD

results also.

A final very important consideration was the uniqueness

of the strain distribution obtained by this trial and error

fitting routine. Tsai et al. [90] have shown that under

certain circumstances the solution obtained in this manner

is not unique. Accordingly, a systematic investigation of

how the calculated rocking curves varied with the height,

width, depth and gradient of trial strain distributions was

performed. A detailed description of this investigation

appears in the Appendix. The investigation served to

identify the circumstances under which the computer matching

technique was unreliable. Moreover, it provided the basis

for correctly interpreting the rocking curves, even in those

cases where the technique was relatively insensitive to

variations in the strain distributions. In particular, it

was found that most of the rocking curves could be

interpreted in a straightforward manner in direct analogy to

the analysis of hetero-epitaxial layers presented above. As

discussed in the Appendix, it was found that the RC

simulations could be used to identify the Bragg diffraction

peak from the strain layer. Experimental measurements of

the position of these peaks then provided an estimate of the

parallel and perpendicular mismatch through equations 2-5a

and 2-5b. Finally, it should be noted that correlation of
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the HRXRD results with cross-sectional TEM of the as-

implanted and annealed samples provided further assurance

that the experimental rocking curves were being interpreted

correctly.

In view of these considerations, two general fitting

procedures were followed. When a detailed fit between

experimental and calculated rocking curves was either not

required or not credible, only the a polarized curve was

simulated and no further effort was made to account for the

instrumental effects discussed above. In several instances,

where a more precise strain distribution was needed, it was

possible to obtain a credible match between calculation and

experiment. In these cases both the instrumental broadening

and curvature effects were used in obtaining the final

simulated curves.



CHAPTER 3
EFFECT OF DOSE AND ANNEALING TEMPERATURE

FOR SINGLE OXYGEN IMPLANTS

An integral part of the approach used in this

investigation was an attempt to study a simplified system

before proceeding to the analysis of the very complex

microstructure of the high-dose implants. The

simplifications imposed were of two basic kinds. First, the

effect of increasing dose on the defect microstructure was

investigated, starting with much lower doses than are used

in ion-beam synthesis. Secondly, it was clear from a review

of the relevant literature (Chapter 1) that defect evolution

as a function of annealing was poorly understood because of

a heavy emphasis on very high temperature anneals (>1300°C)

in most previous SIMOX studies. Thus, the effect of

annealing at intermediate and high temperatures at each dose

was studied. This approach also served to help bridge the

gap between our considerable knowledge of secondary defects

associated with low-dose, dopant implants in silicon and our

relative lack of knowledge concerning the high-dose, high-

temperature implants used in ion-beam synthesis.

The primary investigation tools were high resolution

x-ray diffraction (HRXRD) and transmission electron

69
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microscopy (TEM). These techniques provided complementary

information about defects in the implanted samples. In so

much as point defects and their clusters produce strain in

the lattice, the HRXRD measurements were able to provide

information about the extent and distribution of these

defects. In addition, the TEM observations were able to

provide detailed information about the configuration and

location of extended defects in the ion-implanted samples.

Accordingly, this chapter presents the results of HRXRD

measurements and TEM observations on the effect of dose and

annealing treatment on the strain state and microstructure

of single implants of oxygen in silicon. A full discussion

of strain relief and defect formation and evolution

processes in high-dose oxygen implanted silicon is presented

in the second section of this chapter. This discussion

includes a consideration of those factors that are important

in determining the threading dislocation density of SIMOX

material. This more detailed understanding of defects in

SIMOX led to the development of a new multiple implant/low

temperature annealing process for producing low threading

dislocation density SIMOX. The results of this new process

are presented in Chapter 4. Finally, the major conclusions

of this investigation are summarized in the final chapter.

Strain Measurements

In order to study the strain state of the oxygen

implanted samples, high resolution x-ray diffraction
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measurements were made. Rocking curves were obtained from

the (004) symmetric reflection and various asymmetric

reflections to analyze both the perpendicular and parallel

components of strain. Since the strain distributions in

ion-implanted samples were expected to be non-uniform, it

was necessary to use dynamical x-ray diffraction rocking

curve simulations from trial strain distributions to

correctly interpret the results. A systematic investigation

of the effects of such strain distributions on calculated

rocking curves was performed so as to produce general

guidelines for the correct interpretation of rocking curves

from ion-implanted samples. The details of this investi¬

gation appear in the Appendix. However, a summary of the

resulting interpretation guidelines is given in Table 3-1.

Effect of Dose

A series of (004) rocking curves from the as-implanted

samples showing the effect of increasing dose appear in

Figure 3-1. The results indicate that two distinct strain

layers exist in the as-implanted samples. In the vicinity

of the projected range of the implanted oxygen ions the

lattice undergoes an expansion creating a buried, positively

strained layer while at higher doses, a second layer,

located at the surface undergoes a lattice contraction.

After comparing these results to the microstructural

observations and to TRIM calculations, it will be shown that

these strain layers may be interpreted in terms of an excess
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Table 3-1. Information available directly from rocking curves.

Feature in Rockincr Curve Information Available

1. Diffraction peaks displaced
from substrate peak at
a. lower angle positive strain (i.e,lattice

expansion)

b. higher angle negative strain (i.e, lattice
contraction)

2. Strain layer peak
a. symmetric homogeneously strained layer

strain estimated by
e = -cot0Aco

b. asymmetric inhomogeneously strained layer
(but not necessarily an asym¬
metric strain distribution)
maximum strain estimated by
emax=-cot0Ao)

3. Secondary thickness fringes
on strain layer peak
a. present buried layer, depth given by

Do=A.sin0/Aci)sin20
unique strain distribution
not, in general, possible

b. absent
FWHM>100 arc-sec surface layer

unique strain distribution
possible

FWHM<100 arc-sec indeterminate case

requires further investigation

4. Primary thickness fringe
spacings are
a. equal homogeneously strained layer

thickness given by
t=A.sin0/Ao)sin20

b. unequal inhomogeneously strained layer
total thickness crudely
estimated by t,.ot>A.sin0/AcDsin20
width of maximum strain region
crudely estimated by
W<Xsin0/Aa)sin20
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Figure 3-1. The effect of dose on (004) rocking curves
of as-implanted samples,
a) 1x1016 cm"2; b) 3x1016 cm"2;



Intensity(cps)Intensity(cps)
74

-400 -200 0 200 400 600 800
Acj (arc—sec)

-400 -200 0 200 400 600 800
Aw (arc—sec)

Figure 3-1--continued
cl lxlO17 cm'2; d) 3x1017 cm'2;



Intensity(cps)Intensity
75

(n
CL
u

10‘

10 -

10 -

10 r

10 r

10
-1000 0 1000 2000 3000

Aid (arc—sec)

Figure 3-1--continued
ej 6xl0:7 cm'2; f) 9x1017 cm'2.



76

of implantation-induced self-interstitials beneath the

surface and to an association of vacancies and oxygen atoms

in the surface layer.

At the lowest dose, lxlO16 cm"2, the rocking curve

consists of a series of intensity maxima at lower angles

from the strong substrate peak (Figure 3-la). According to

the rules outlined in the Appendix, the lowest angle peak

corresponds to Bragg diffraction from a strain layer and the

additional peaks between it and the substrate peak are

finite thickness fringes. The angular separation of the

substrate and strain layer peaks is 550.4 arc-sec from which

the maximum perpendicular strain in the distribution may be

estimated as ex=+3850 ppm. The positive sign of the strain

indicates that the strained layer has undergone a lattice

expansion with respect to the underlying silicon substrate

in a direction perpendicular to the surface. The irregular

spacing of the thickness fringes and the asymmetric nature

of the strain layer Bragg peak indicate that the strain is

distributed inhomogeneously in the material. From the

spacing of these thickness fringes the total width of the

strain layer is crudely estimated to be >3080 A while the

width of the maximum strain region is crudely estimated to

be <1610 A.

An important feature of this rocking curve is the small

"bumps" on the strain layer peak. These "bumps" are

secondary thickness fringes which indicate that the strain
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layer is buried beneath the surface of the sample. To an

excellent approximation the depth of the bottom edge of the

strain maximum is given by the spacing of these secondary

fringes as 4490 Á. Thus, the maximum strain region extends

from about 2880 Á to 4490 Á. This range of depths

approximately corresponds to the projected range of the ions

(3800 Á) and to the damage distribution maximum (3100 Á) as

predicted by TRIM '88. This region should be dominated by

interstitial atoms (both oxygen and self-interstitials).

The positive sign of the strain in this layer is consistent

with the presence of interstitials, which would force

adjacent atoms apart, thus increasing the measured lattice

parameter.

In general, it is difficult or impossible to use the

trial and error matching technique to obtain a credible

strain distribution from buried layers such as this one.

Therefore, a detailed match between experimental and

calculated RC's was not attempted and a more detailed

comparison with TRIM '88 predictions was not possible.

The RC simulation study presented in the Appendix

showed that the angular position of the strain layer peak in

both asymmetric and symmetric reflections led to a self-

consistent set of values for e± and e(. Therefore,

experimental (044) RC's at glancing incidence and exit

angles were obtained from this sample. These yielded values

of +3810 ppm for the perpendicular component and -14 ppm for
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the parallel component of mismatch. The experimental error

is approximately 50-100 ppm. Thus, the parallel lattice

parameter of the strain layer is identical to that of the

silicon substrate, within experimental error. These results

indicate that the strain has been accommodated by a

tetragonal distortion of the lattice with no relaxation

parallel to the surface. This finding is in agreement with

other x-ray measurements on ion-implanted silicon [90,91].

Apparently, the lateral constraint of the substrate is

sufficient to prevent significant relaxation from occurring

for the strain level in this buried layer.

Increasing the dose to 3xl016 cm'2 resulted in a rocking

curve without a readily identifiable strain layer

diffraction peak (Figure 3-lb). The only peaks visible in

the RC are thickness fringes which are mostly at lower angle

from the substrate peak. The progressive decrease in

intensity of these peaks as Aw becomes more negative is

likely the result of a large increase in the static Debye-

Waller factor in the strain layer. The magnitude of the

static Debye-Waller factor reflects the extent to which

atoms in the crystal are displaced from their equilibrium

position. Thus, it appears that with increasing dose the

implantation-induced atomic displacements have increased

significantly. The RC also shows an elevated background

intensity which is likely due to Huang scattering from

extended defects in the strain layer. This effect also
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contributes to the inability to resolve the strain layer

peak.

A careful examination of the RC indicates that there

are nine peaks visible above the background level. In the

RC simulations, the Bragg diffraction peak from the strain

layer was always found to be the outermost peak. However,

it is quite possible that some of the peaks are lost in the

elevated background intensity of this experimental RC so

that the outermost visible peak may only be a thickness

fringe, rather than the strain layer peak. Thus, only a

lower-bound estimate of the maximum strain can be obtained

from the position of the outermost visible peak. The

angular separation is Aco=-647.6 arc-sec which corresponds to

an estimated maximum strain of ex>+4535 ppm. Once again the

strain is positive indicating that a lattice expansion

perpendicular to the surface has occurred.

The suppression of the peak intensities from this

buried layer was further accentuated when the dose was

increased to lxlO17 cm'2 (Figure 3-lc) . Only a broad

elevated intensity was observed from the experimental (004)

RC at angles below the substrate peak, which prevented a

quantitative evaluation of the strain distribution from the

buried layer. It should be emphasized that the layer is

still likely to be strained; however, it is no longer

possible to measure the strain with the HRXRD technique.

The loss of the ability to measure the strain is likely due
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to the presence of many extended defects as well as a high

degree of atomic disorder in the buried layer.

A striking, and rather surprising difference with the

lower-dose samples was the presence of a pronounced Bragg

diffraction peak at higher angle from the substrate peak in

this lxlO17 cm" implant. The estimated maximum strain is

ex=-995 ppm, i.e., this strain layer has undergone a lattice

contraction perpendicular to the surface. The origin of

such a lattice contraction is not immediately apparent.

The full width at half maximum (FWHM) of the peak is

135 arc-sec. Therefore, according to Table 3-1, the absence

of secondary thickness fringes on the peak can be taken as

an indication that the strain layer is located at or very

near the surface of the sample. The asymmetry of the Bragg

peak indicates that the strain distribution is non-uniform

and asymmetric. Rocking curves from the (115) reflection at

glancing incidence and exit angles showed that the parallel

mismatch with respect to the substrate was e,=-19 ppm, i.e.,
the layer is tetragonally distorted with no relaxation,

within experimental error.

The results summarized in Table 3-1 suggest that for a

surface strain layer such as this one, the trial and error

matching of calculated and experimental rocking curves

should produce a credible strain distribution. The results

of a trial and error fitting procedure for the lxlO17 cm-2

as-implanted sample are shown in Figure 3-2. Instrumental
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broadening effects were included in the calculated RC, as

discussed in Chapter 2. The experimental and calculated

curves agree quite well, except at angles below the

substrate peak where scattering from extended defects in the

buried layer could not be modeled appropriately by the RADS

simulation program. The corresponding strain distribution

for the surface layer, where the simulations were

successful, shows a maximum strain of -1275 ppm which is 280

ppm higher than the value estimated from the diffraction

peak separation and Bragg's Law. This discrepancy is a

general phenomenon that occurs in all rocking curves from

thin layers of material [92,93]. The maximum strain region

extends from the surface to a depth of 1000 Á while the

total width of the distribution is 2000 Á. This is

considerably shallower than either the projected range

(3800 Á) or the maximum of the damage profile (3100 Á).

Increasing the dose further to 3xl017 cm'2 produced an

increase in the estimated maximum perpendicular strain to

ex=-2650 ppm for the surface strain layer (Figure 3-ld).

Once again a trial and error fitting procedure was followed,

producing the results in Figure 3-3. The maximum strain is

-2830 ppm, which is 7% higher than the estimated value, and

extends from the surface to a depth of 1200 Á. The

strainthen decreases monotonically to zero over a further

distance of 1000 Á for a total thickness of 2200 Á, about

200 Á deeper than the lxlO17 cm'2 sample. Measurements of
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Figure 3-2. Rocking curve simulations for the lxlO17 cm'2
as-implanted sample.
a) Experimental and calculated rocking curves;
b) Strain distribution for calculated rocking
curve in a).
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Rocking curve simulations for the 3xl017 cm-2
as-implanted sample.
a) Experimental and calculated rocking curves
b) Strain distribution for calculated rocking
curve in a).

Figure 3-3.
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the asymmetric (044) reflection at glancing incidence and

exit angles showed that the parallel strain component was

+8.0 ppm. Thus, once again, the layer is tetragonally

distorted with no parallel relaxation, within experimental

error.

Further increases in dose to 6xl017 cm'2 (Figure 3-le)

and 9xl017 cm"2 (Figure 3—If) resulted in only a broad

elevated intensity region at higher angle from the substrate

peak. This suggests that the lattice contraction layer at

the surface could still exist. However, a high degree of

atomic disorder and/or a high density of extended defects in

the layer have reduced the intensity and increased the FWHM

of the Bragg peak while elevating the background level so

that the Bragg peak from the strain layer is no longer

measurable. This finding is of particular interest to the

problem of threading dislocation (TD) formation in the

surface silicon layer because both doses are above the

critical dose for TD formation. Thus, these changes in the

RC's of the surface layer may be related to the formation of

threading dislocations or at least to the precursors of

threading dislocations.

Some additional insight into the formation of extended

defects in the surface silicon layer was provided by an

additional wafer implanted at 3xl017 cm"2. This second

implanted wafer, which will be referred to as wafer B, was

obtained in order to perform multiple implant and anneal
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experiments, the results of which are detailed in Chapter 4.

HRXRD measurements (Figure 3-4) on the as-implanted wafer

still show the surface lattice contraction layer. However,

the strain-layer diffraction peak is considerably broader

than that of the original wafer (FWHM=680 arc-sec vs. 57

arc-sec) and the magnitude of the estimated maximum

perpendicular strain decreases from -2650 ppm to -2220 ppm.

The peak broadening suggests that some sort of extended

defects may begin to form at the 3xl017 cm"2 dose.

Comparison with the 6xl017 cm"2 and 9xl017 cm"2 results further

suggests that this may represent the beginning of the

defect-introduction process that has such a pronounced

effect on the RC's of the higher dose samples.

This variability in strain state for wafers implanted

under ostensibly identical conditions may be attributed to

several factors. First, some variability in wafer

temperature can be expected from implant to implant when

beam-heating is the sole source of temperature control [70].

Moreover, this dose is very close to the critical dose for

threading dislocation formation (about 4xl017 to 5xl017 cm"2)

in the surface silicon layer [65] . As a result, slight

variations in the implant conditions might be expected to

lead to relatively large strain state and microstructural

changes in this dose range. In this respect, wafer B

appears to represent a transitional stage between the sub-

and super-critical dose implant regimes.
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Figure 3-4. Experimental (004) rocking curve for 3xl017 cm
as-implanted wafer B.
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Effect of Annealing Temperature

The results so far indicate that two distinct strain

layers exist in the as-implanted samples. These layers are

distinguished from each other by their location (buried vs.

surface) and by the sign of the strain (positive vs.

negative). Upon analyzing the strain state of samples

annealed at 900°C, 0.5 hr and 1300°C, 6 hr, it became

evident that the annealing behavior of the layers was

significantly different also.

The annealing behavior of the buried layer is

illustrated in Figure 3-5 for the lxlO16 cm'2 sample which

exhibited only the buried strain layer in the as-implanted

condition. The (004) RC for the 900°C anneal is compared

with an RC for bulk, unimplanted silicon in Figure 3-5a. The

RC shows no evidence of Bragg diffraction peaks from a

strain layer but does show long tails in intensity on either

side of the substrate Bragg peak. This is a classic example

of Huang scattering [89] from extended defects such as

dislocations or stacking faults. Apparently, the

unidirectional strain state in the as-implanted sample has

been destroyed by the formation of extended defects with

long-range strain fields extending in all directions. After

annealing at 1300°C, 6 hr these Huang tails are gone.

Indeed, the rocking curve is virtually identical to that of

bulk, un-implanted silicon (see Figure 3-5b). Apparently,
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Figure 3-5. Effect of annealing on the (004) rocking curves
of the lxlO16 cm'2 samples.
a) Comparison of 900°C, 0.5 hr annealed sample
with bulk silicon; b) Comparison of 1300°C, 6 hr
annealed sample with bulk silicon.
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the extended defect density is very low after the high-

temperature anneal.

Rocking curves of all of the other 900°C annealed

samples also showed these Huang tails from extended defect

formation in the buried layer. Likewise, annealing at

1300°C, 6 hr also resulted in RC's very similar to that of

bulk silicon. The only discernable difference between the

various doses after the 1300°C anneal was that the FWHM of

the substrate peak increased slightly with increasing dose.

This data is summarized in Figure 3-6, from which it is seen

that for doses >lxl017 cm-2, the FWHM is slightly higher than

that for bulk silicon. This trend may be related to the

increased presence of amorphous Si02 precipitates with

increasing dose. This would cause some diffuse scattering,

leading to a small increase in the FWHM of the measured

peaks.

In contrast to the annealing behavior of all other

doses, the two doses with a distinct diffraction peak from

the surface layer still showed a Bragg diffraction peak

after annealing at 900°C. Figure 3-7 shows (004) RC's for

the lxlO17 and 3xl017 cm'2 samples after 900°C annealing. A

diffraction peak is visible only as a shoulder on the

substrate peak in the lxlO17 cm'2 rocking curve while the

surface strain-layer diffraction peak is more clearly

resolved in the 3xl017 cm'2 rocking curve. The estimated

maximum perpendicular strain is -385 ppm and -525 ppm for
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Figure 3-6. Full width half maximum (FWHM) of (004) substrate
peak as a function of dose after 1300°C, 6 hr
annealing.
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Figure 3-7. Effect of 900°C, 0.5 hr annealing on samples with
a surface strain layer peak,
a) lxlO17 cm'2; b) 3xl017 cm'2.
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the 1x10* and 3xl017 cm"2 samples, respectively. This

represents a strain reduction of 61% for the lxlO17 cm'2

sample and 80% for the 3xl017 cm'2 sample in comparison to

the as-implanted values.

Rocking curves of the (444) asymmetric reflection at

glancing incidence and exit angles showed that the

perpendicular strain component was +10.8 ppm for the 3xl017

cm'2 sample after 900°C annealing. Thus, the layer remained

tetragonally distorted after annealing at 900°C, 0.5 hr, in

sharp contrast to the buried layer where the unidirectional

strain state was destroyed upon annealing and only Huang

scattering was evident. Apparently, the defects responsible

for the surface lattice contraction do not evolve into

extended defects such as those in the buried layer upon

900°C annealing. It was not possible to obtain the

parallel strain for the lxlO17 cm'2 900°C annealed sample

because of difficulties in resolving the strain layer peak

when it is so close to the substrate peak. However, it

appears reasonable to suppose that it behaves in a similar

manner to the 3x1017 cm"2 sample.

This strain-reduction process in the surface layer of

the 3xlOl7 cm"2 sample was studied further as a function of

temperature. Figure 3-8 is a plot of the measured

perpendicular strain as a function of annealing temperature

for a series of 0.5 hr'anneals. The strain-reduction

process has already begun at 700°C and is exhausted by
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Figure 3-8. Estimated maximum perpendicular strain as a
function of annealing temperature for samples
implanted at 3xl017 cm"2.
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1050°C. The FWHM of the strain layer Bragg peak did not

increase dramatically with increasing anneal temperature.

This observation reinforces the conclusion that this strain-

relief process does not involve the formation of high

densities of extended defects such as dislocations and

stacking faults as occurred in the buried strain layers.

In summary, the HRXRD measurements indicate that two

strain layers exist in the as-implanted samples. These

layers are distinguished from each other by their location

(buried vs. surface), the sign of the strain (positive vs.

negative) , the dose at which they first appear (<lxl016 cm'2

vs. lxlO17 cm 2) , the dose at which large numbers of extended

defects apparently form (3xl016 cm'2 vs. 6xl017 cm"2) and in

their annealing behavior. Their annealing behavior differs

in that the unidirectional lattice expansion of the buried

layer is destroyed by the formation of extended defects such

as dislocations or stacking faults upon annealing at 900°C.

In contrast, the surface strain layer maintains the

unidirectional nature of the lattice contraction while the

magnitude of the perpendicular strain decreases with

increasing anneal temperature until reaching zero strain by

1050°C. Further annealing at 1300°C removes all measurable

strain from all of the samples and the rocking curves

closely resemble those of bulk, un-implanted silicon. A

slight increase in the FWHM of the substrate peak with

increasing dose is attributed to diffuse scattering from
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amorphous Si02 precipitates which form upon high temperature

annealing. Correlation of these results with the

microstructural observations presented in the next section

will shed considerable light on the strain relief and defect

formation processes occurring in these implants.

Microstructural Observations

Effect of Dose

Overview cross-sectional TEM micrographs of the

as-implanted samples at doses of lxlO16 to 9xl017 cm"2 are

shown in Figure 3-9. The microstructure of each sample

consists of three basic zones. Each sample has a surface

layer of single-crystal silicon that is remarkably free of

observable defects except for doses >6xl017 cm'2. This

surface silicon layer remains at a constant thickness of

approximately 2800 Á regardless of the dose. Below this

layer is a highly defected zone that increases in thickness

by extending deeper into the sample with increasing dose.

In the end-of-range region below the heavily defected zone

the defect density tapers off into the single-crystal

silicon substrate.

At the lowest dose (lxlO16 cm'2) the buried defect layer

extends from a depth of 2800 Á to 5800 Á which compares

favorably to the region of maximum perpendicular positive

strain (2880 to 4490 Á) deduced from the HRXRD measurements.

This layer contains defects that exhibit the "black spot"

contrast characteristic of small point-defect clusters
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(Figure 3-9a). These point-defect clusters are the

characteristic form of primary ion damage (Type I) in ion-

implanted silicon [24]. Since the positive sign of the

strain in this region is an indication that interstitials

dominate, the clear inference is that these defects

represent clusters of self-interstitials in the material, as

expected.

In addition to the "black spot" damage, numerous 100 to

400 A long defects on {113} planes are distributed

throughout the defect zone. A lattice image of one of these

defects is shown in Figure 3-10, from which the {113} habit

plane is clearly apparent. These defects have been observed

in the end-of-range region of high-dose oxygen implants

[37,94] beneath the continuous buried oxide layer that forms

at high doses. It is evident here that the {113} defects

form throughout the defect layer at an early stage of the

implantation process. Thus they are an integral part of the

defect microstructure and not just a feature of the end-of-

range region.

Increasing the dose to 3xl016 cm'2 resulted in a

substantial increase in the density of defects in the buried

defect layer and a thickening of the layer to about 3200 A

(Figure 3-9b). The {113} defects are present at a very high

density and range in length from 350-450 A near the top of

the defect layer to 100-200 A at the bottom of the heavily

defected zone. Weak-beam dark field micrographs suggest
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Figure 3-10. HRTEM lattice image of {113} defect at the upper
edge of the buried defect layer.
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that there may also be dislocation segments in the defect

layer; however, the high defect density precludes a more

detailed analysis. Extended defects are also present at the

end-of-range region below the heavily defected layer in the

form of 50-100 Á long rod-like defects.

Implanting at a dose of lxlO17 cm'2 resulted in a still

greater defect density and a further increase in thickness

to 3800-4000 Á for the buried defect zone (Figure 3-9c). At

the top edge of the defect zone {113} defects are still

observable and a number of dislocations were also evident in

this area. The dislocations appeared to run predominantly

parallel to the wafer surface, i.e., they do not thread to

the surface. Some small (50-100 Á) , spherical Si02

precipitates are also apparent. The rod-like defects are

still present in the end-of-range layer.

The lxl017cm'2 dose also marks the first appearance of

any observable defects in the surface silicon layer, in the

form of a few 10 to 15 Á diameter cavities or voids adjacent

to the wafer surface. These cavities are just visible

adjacent to the surface in the high magnification

micrographs in Figure 3-11. These images were taken under

two-beam (g400 ) kinematical conditions (s»0) in a thin

section of the TEM specimen with the objective lens

defocussed in order to optimize the cavity contrast, as

discussed in Chapter 2. The cavities appear as light

objects with a dark rim in the underfocussed image (Figure



101

Figure 3-11. Through-focus images of cavities adjacent to the
surface of the lxlO17 cm'2 as-implanted sample,
a) Underfocussed image; b) Overfocussed image.
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3-11a) and as dark objects with a light rim in the

overfocussed image (Figure 3-llb). According to Ruhle and

Wilkens [74], they must therefore be filled with a material

of lower mean inner potential than the matrix, that is,

either with a light gas (a gas bubble) or vacuum (a void).

Since oxygen is the implanted species it is likely that they

contain some oxygen gas; however, it is difficult to make a

distinction between the two possibilities by direct

experiment. Therefore they will simply be referred to as

cavities. It is interesting to note that this dose

corresponds to the appearance of a negative perpendicular

strain at the sample surface, as revealed by the HRXRD

measurements. The thickness of that layer, however, was

1000 to 2000 Á, which is much greater than the range in

which the cavities appear in the as-implanted state.

Increasing the dose further to 3xl017cm'2 resulted in a

further expansion of the entire defect layer to a thickness

of 4200 Á (Figure 3 — 9d) . At the interface of the defect and

surface silicon layers is an 1100 Á thick band of microtwins

that were not evident at the lower doses. These have been

observed [50-53] in SIMOX implanted at low temperatures

(< 500°C) and arise from imperfect solid-phase epitaxial

regrowth of amorphous zones, i.e., they are Type III

defects. They form at the upper edge of the defect zone,

just ahead of the peak oxygen concentration because this is

where the energy deposited into nuclear collisions is a



103

maximum. The imperfect regrowth is a result of the

inability of the advancing amorphous/crystalline interface

to accommodate the high oxygen concentration in the

material.

The center of the defect layer is so heavily damaged

that little analysis is possible. Below this layer the rod¬

like defects persist and have grown to about 200 Á in

length. At the upper interface a number of 500-800 Á long

planar defects on {111} planes were observed extending

upward into the surface silicon layer. A lattice image of

one such defect is shown in Figure 3-12, from which it is

seen that the defect consists of a number of discontinuous

{111} stacking faults. Visitserngtrakul ejt ad . [58,62] have

observed these defects predominantly in high-temperature

(>600°C) SIMOX implants and have termed them "multiply

faulted defects" or MFD's. They have shown that the MFD's

are composed of a number of discontinuous intrinsic and

extrinsic stacking faults separated by several atomic

layers. Based on the intrinsic nature of some of the

faults, MFD's are suggested to form by a shear process in

response to stresses generated by growing Si02 precipitates

rather than from the precipitation of self-interstitials.

The central portion of the surface silicon layer

remains free of observable defects; however, cavities are

again visible adjacent to the wafer surface, as shown in

Figure 3-13. Through-focus images again confirmed that the
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Figure 3-12. HRTEM lattice image of multiply faulted defect
(MFD) at the interface between the buried defect
layer and surface silicon layer.
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Figure 3-13. Through-focus images of cavities adjacent to the
wafer surface in a 3xl017 cm'2 as-implanted
sample.
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cavities were either gas bubbles or voids. They average 15

Á in diameter and are slightly larger than those seen in the

lxl017cm'2 case. They extend to a depth of 550 Á, which is

still much shallower than the thickness of the surface

strain layer (1200 to 2200 Á) detected by HRXRD.

A second type of defect was observed adjacent to the

wafer surface. Figure 3-14 shows a cross-sectional weak-

beam dark field image of a single, isolated dislocation

half-loop extending from the surface to a depth of about

1000 to 1200Á. The loop shows numerous jogs along its

length, suggesting the presence of small barriers to

dislocation motion. This was the only such half-loop

observed in the XTEM specimen; therefore, plan-view

specimens were made in an effort to study the loops further.

Even in PTEM, however, very few loops were observed and the

dislocation density was only about 5xl06 cm'2, making it very

difficult to study the loops. Fortunately, the second

3xl017 cm'2 wafer (wafer B) , which was to be used for the

multiple implant experiments, had a four-fold increase in

the dislocation density. Therefore, the analysis of these

half-loops was performed primarily on wafer B, where the

loops were more abundant. This increase in the near-surface

dislocation density corresponds to the significant peak

broadening observed in the HRXRD measurements.

Cross-sectional TEM micrographs of wafer B, the second

wafer implanted to a dose of 3xl017 cm'2, are shown in Figure
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Figure 3-14. Weak beam dark field XTEM micrograph of an
isolated dislocation half-loop in the 3xl017 cm'2
as-implanted wafer A.



108

a

Figure 3-15. XTEM micrographs of the 3x1017 cm'2 as-implanted
sample (wafer B).
a) Overview of the defect microstructure;
b) Weak beam dark field micrograph of
dislocation half-loops at the wafer surface.
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3-15. The microstructure shows many of the same

characteristics as the original wafer (wafer A) discussed

above. Three important differences, however, are the

absence of the microtwin layer, the presence of more MFD's

at the buried layer/ surface layer interface and, as already

mentioned, a higher density of dislocation half-loops at the

wafer surface. The first two factors are consistent with a

somewhat higher implantation temperature than for the

original 3xl017 cm'2 wafer, since a higher temperature would

suppress amorphization [50-53] and thus microtwins, and,

according to Visitserngrtkaul et al_. [58] is associated with

MFD formation.

Analysis of plan view samples from this wafer indicated

that most of the dislocation half-loops were isolated

(Figure 3-16a); however, occasionally they occurred in

clusters of two to three (Figure 3-16b). Extensive tilting

experiments were performed to elucidate the nature of the

dislocations, the habit plane of the loops and their

intrinsic/extrinsic character. The dislocation lines were

found to be perfect dislocations with Burgers vectors (b) of

type 1/2<110>. A total of twelve 1/2<110> Burgers vector

variants are possible. Of these, four are perpendicular to

the wafer surface normal (±1/2[110] and ±1/2[110]) and eight

are at angles to the surface normal (±1/2 [101], ±1/2[101],

±1/2[Oil] and ±1/2[011]) where the surface normal is taken

to be [001] . Of the 31 loops analyzed (24 in wafer B and 7



110

Figure 3-16. PTEM weak beam dark field micrographs of half¬
loop dislocations in the 3xl017 cm'2 sample
(wafer B).
a) Isolated half-loops; b) Clusters of half¬
loops .
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in wafer A), all had Burgers vectors at angles to the

surface normal and none had Burgers vectors perpendicular to

the surface normal. Assuming, for argument's sake, that the

b are randomly distributed among the twelve possibilities,

the probability of observing any particular loop with b at

an angle to the surface normal would be 2/3, and the

probability of observing all 31 loops with b at an angle to

the surface normal would be (2/3 )31, or about 1:300,000.

Thus, it is safe to conclude that the loops

disproportionately have Burgers vectors at angles to the

surface normal. Given this conclusion, all loops will be

visible in the PTEM images when a <220> type diffraction

vector is used in the [001] zone. Thus, the dislocation

density could be estimated from a series of g220 images and

no correction for invisibility was necessary. The

dislocation density determined in this way was about 5xl06

cm"2 for wafer A and 2xl07 cm"2 for wafer B.

Further analysis revealed that n»b > 0 for all loops,

with n, the loop normal, and b, the Burgers vector, defined

according to the convention outlined by Edington [72]. The

loops must therefore be extrinsic, i.e., they consist of an

extra plane of atoms. Specific loop habit planes were

determined by tilting the specimen until the loops appeared

edge-on, or as close to edge-on as possible. Overall, they

were found to lie approximately on {110} planes, with b

collinear with the loop normal. However, many of the loops
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showed evidence of small deviations from this condition,

since individual segments of the loops often appeared

slightly skewed or curved. Thus, the dislocation lines are

nearly pure edge and these extrinsic half-loops may perhaps

best be described as slightly distorted prismatic loops.

A consequence of the prismatic nature of the half-loops

and of the absence of any loops with b perpendicular to the

surface normal is that no loops appear edge-on in the [001]

oriented plan view samples (see Figure 3-16, for example).

The half-loops that do appear, intersect the (001) plane of

the wafer surface in <100> directions. Also evident in the

plan view images were a number of large faulted loops at the

buried defect layer/ surface silicon layer interface (Figure

3-17). These are the MFD's which were seen edge-on in the

XTEM images. The enclosed stacking faults show fringe

contrast with one or the other <220> type reflection on the

[001] zone. They give the misleading appearance of being

half-loops in the PTEM images, however, they appear this way

only because the large loops intersect the back-etched side

of the PTEM sample. In reality, they are complete

dislocation loops. Since they lie on {111} planes, they

intersect the TEM foil surface in <110> directions, and are

thus distinguished from the true half-loops which intersect

the wafer surface in <100> directions, as discussed above.

Occasionally, complete 1/2<110> loops were observed in

PTEM images of the surface silicon layer (Figure 3-18) .
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Figure 3-17. PTEM weak beam dark field micrographs of
multiply faulted defects (MFD) in the 3xl017cm'2
as-implanted sample (wafer B).
a) Taken with g220 ; b) Taken with g220•
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Figure 3-18. PTEM weak beam dark field micrographs of
complete 1/2<110> dislocation loops in the
3xl017 cm'2 as-implanted sample.
a) A small complete loop near a half-loop;
b) Larger, heavily jogged complete loops.
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These also were found to be extrinsic, prismatic loops.

Their presence provides an indication that at least some of

the half-loops are not nucleated directly at the surface.

Rather, they nucleate as discrete loops within the surface

silicon layer and then expand until they intersect the

surface, at which point they appear as half-loops. This

expansion must clearly occur by climb as additional self¬

interstitials join the loop, since the prismatic nature of

the loops restricts motion by glide to a cylindrical surface

perpendicular to the loop plane.

Significant changes occur upon implanting to a dose of

6xl017 cm'2 (Figure 3-9e) . A very high density of extended

defects gives rise to strong diffraction contrast in the

surface silicon layer. The (220) weak-beam dark field

micrograph in Figure 3-19a shows a network of dislocations

extending from the surface to a depth of 1500 to 2000 Á,

indicating that the dislocation introduction process that

began in the 3xl017 cm 2 samples has greatly accelerated at

the higher dose. The dislocation density was estimated at

about 1010 cm'2, a 3 to 4 order of magnitude increase over

the dislocation density of the 3xl017 cm'2 wafers. A few

cavities were also evident in the surface layer, as shown in

the kinematical g400 bright field image in Figure 3-19b.

They are about twice the size of the cavities in the lower

doses; however, there are fewer of them.
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Figure 3-19. XTEM micrographs of the surface silicon layer of
the 6xl017 cm'2 as-implanted sample,
a) Weak beam dark field micrograph showing a
near surface dislocation network; b) Kine-
matical, underfocussed bright field micrograph
showing cavities in the near surface region.
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A new feature of the surface silicon layer

microstructure is numerous 50 to 300 Á long planar defects

lying on {111} planes. Selected area electron diffraction

patterns (SADP's) taken from this area (Figure 3-20a) showed

streaks of diffracted intensity running perpendicular to the

{111} habit planes of the planar defects, as would be

expected for a high density of {111} stacking faults. In

the <110> cross-sectional view, two sets of {111} planes are

perpendicular to the surface, giving rise to two sets of

streaks in the SADP. These streaks intersect at each

diffracted spot, including the location of the forbidden

<200> reflections. A centered dark field image taken with

the objective aperture over the streak intersection point at

<200> thus shows both sets of edge-on planar defects in the

surface silicon layer (Figure 3-20b). The defects occur

only in the top 1500 Á of the surface layer. Below this

area, -1000 Á long MFD's protrude from the upper interface

of the buried defect layer. Since the MFD's are also on

{111} they also appear in the centered dark field image

along with the short faults in the surface layer.

The short {111} faults must be bound by partial

dislocations. Prismatic Frank loops can form by the

condensation of interstitials or vacancies onto disks on

{111}. The resulting stacking fault is bound by a 1/3<111>

Frank partial, perpendicular to the fault plane. Shear

loops form by shear on the {111} glide planes resulting in
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Figure 3-20. Stacking faults in the near surface region of
the 6xl017 cm"2 as-implanted sample,
a) Streaking in the diffraction pattern due to
the faults; b) Centered dark field image taken
with the objective aperture over the streak
intersection point at <200>.
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1/6<211> Shockley partíais in the plane of the fault. Thus,

determining whether the partial dislocations are of Frank or

Shockley type can provide information about how the defects

formed. However, distinguishing between Frank and Shockley

partíais by diffraction contrast experiments can be

difficult because complex images typically occur, especially

when g»b is not an integer [72]. Therefore, the analysis

must avoid non-integer values of g*b or rely on image

computation and matching techniques. For the present

situation, however, a relatively simple way of

distinguishing between the two possibilities was possible.

In an [Oil] cross-sectional view, two sets of faults

are edge-on ((111) and (111) planes) and two are at angles

of 35° ((111) and (111) planes) to the (Oil) plane of the

foil. For the faults on (111), the Frank partial would be

1/3[111] and the possible Shockley partíais would be

1/6[211], 1/6[121] and 1/6[112]. Similarly, faults on (111)

have possible partíais of 1/3[111], 1/6[211], 1/6[121] and

1/6[112]. Reflections of the <111> and <400> type on the

[Oil] zone result in non-integer values of g»b and are

therefore to be avoided. However, g3y3 and g313 both result

in integer values of g»b for all 8 possible partíais.

Moreover, the two possible Frank partíais have g*b=l for

both reflections while 4 of the 6 possible Shockley partíais

have g»b=0 on one or the other <311> reflections. Assuming

that all of the possible Shockley partíais are equally
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likely to occur, then detecting their presence only requires

images taken with and g31-. If any dislocations go out

of contrast (g»b=0) in either image, then Shockley partials

(and therefore shear loops) are present. If no dislocations

go out of contrast, then only Frank partials (and therefore

Frank loops) are present. It should be noted that this

analysis is valid even in the presence of perfect

dislocations because the contrast for each possible 1/2<110>

Burgers vector remains unaltered for g3-1 and g31-.

Figure 3-21 shows [Oil] XTEM images of the near surface

region of the 6xl017 cm-2 sample taken with g3-1 and g31-. It

is difficult to determine whether any dislocations are going

out of contrast because of the high dislocation density. In

addition, it was found that the contrast was very sensitive

to the deviation parameter, s. Nevertheless, close study of

a number of such micrograph pairs suggested that the

dislocations did not go out of contrast in either image.

Therefore, only Frank partials are present and the loops are

Frank loops. Given that these are Frank loops, it remains

to determine whether the faults are extrinsic (interstitial

condensation) or intrinsic (vacancy condensation). In order

to answer this question, high resolution TEM lattice images

were obtained (Figure 3-22). The faults are on {111} and

show the characteristic double layer displacement of

extrinsic faults. We conclude that the loops are extrinsic
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Figure 3-21. XTEM weak beam dark field micrographs of
dislocations in the near surface region of the
6xl017 cm'2 as-implanted sample,
a) Taken with g^; b) Taken with g31-.
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Figure 1-22 HRTEM lattice image of faulted loops in the near
surface region of the 6xl017 cm2 as-implanted
sample. The faults show the characteristic
contrast of extrinsic faults.
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Frank loops that result from interstitial condensation on

{111} planes.

The buried defect layer in the 6xl017 cm'2 sample

expanded to a thickness of 4800 to 5000 Á and contained

numerous small Si02 precipitates. At the lower edge of the

defect zone a high density of {113} faults were present.

The microstructure of the highest dose sample, 9xl017
cm'2 (Figure 3-9f) , was essentially identical to the 6xl017

cm'2 sample. The surface silicon layer contained a

dislocation network, {111} faults and a few cavities. The

dislocation density was about 1010 cm'2. MFD's were present

at the upper interface of the buried defect zone and {113}

faults were still evident at the lower edge of this zone.

In summary, results on the as-implanted samples

indicate that, to a remarkable degree, the types and

densities of defects in the surface silicon layer and the

buried defect layer are entirely different. Point-defect

clusters and {113} defects are the first to form in the

buried defect layer. As the dose increases, Si02

precipitates, dislocations, microtwins and multiply faulted

defects form. In contrast, the surface layer is devoid of

observable defects until a few cavities are observed to form

at doses >lxl017 cm'2. A low density of extrinsic prismatic

half-loops of perfect dislocations form at a dose of 3xl017

cm'2. This process is accelerated at doses >6xl017 cm"2 and

is accompanied by the addition of numerous extrinsic Frank
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loops in the surface layer. In order to understand how the

final SIMOX microstructure evolves from these varied defect

configurations in the two layers, the annealing behavior at

each dose was investigated.

Effect of Annealing Temperature

The XTEM micrographs in Figure 3-23 show the effect of

increasing annealing temperature on the lxlO16 cm'2 sample.

Annealing at 900°C, 0.5 hr (Figure 3-23a) reduces the

thickness of the buried defect zone from 3000 Á to 2200 Á

while the surface silicon layer increases slightly in

thickness from 2800 Á to about 3000 Á. The surface layer

remains free of observable defects. However, a network of

dislocations develops from the point-defect clusters

originally present in the buried defect zone of the

as-implanted sample. The development of this dislocation

network coincides with the destruction of the unidirectional

strain state in the buried layer. The {113} defects remain

in this zone. A number of 50 Á diameter dislocation loops

appear to a depth of about 2000 Á beneath the buried defect

zone. Occasionally, long (2400 Á) {111} stacking faults

were observed in this region also. The small loops appear

to have evolved from small rod-like defects that were

observed in the as-implanted sample.

Increasing the annealing temperature to 1150°C, 0.5 hr

(Figure 3-23b) causes a further reduction in the defect zone

width to 1700 Á while the surface layer thickness increases



Figure3-23.
OverviewXTEMmicrographsofannealedlxlO16cm"2samples.a)Annealed900°C,0.5hr;b)Annealed1150°C,0.5hr;c)Annealed1300°C,6hr.
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to 3200 Á. Again, no defects of any kind were observed in

the surface layer. At the interface of the buried defect

layer and the surface layer is an 800 Á thick band of 50 to

100 Á diameter dislocation loops. The {113} defects in the

buried defect zone have disappeared and the only defects

remaining in this zone are a network of dislocations. None

of the small dislocation loops remain beneath this layer.

However, occasional long {111} stacking faults were still

observed. Further annealing at 1300°C, 6 hr (Figure 3-23c)

completely removes all defects from the material, resulting
in an XTEM micrograph indistinguishable from that of bulk,

unimplanted silicon.

The annealing behavior of the 3xl016 cm'2 was similar to

that of the lower-dose sample, as shown in Figure 3-24.

Annealing at 900°C, 0.5 hr (Figure 3-24a) reduces the defect

zone width to 2600 Á from the as-implanted value of 3200 Á.

The defects in this zone consist of a densely tangled

dislocation network with some {113} defects remaining.
Beneath this zone a number of 50 Á diameter loops and a few

{111} stacking faults again appear to a further depth of

about 2000 Á. The surface silicon layer maintains its

as-implanted thickness of -2800 Á, however a few defects

appear in the top 1000 Á of the sample. As will be seen

later, the 30 to 40 Á diameter dark spots are SiC

precipitates resulting from C contamination during the

implant. They are present in a 500 Á wide band located



Figure3-24.OverviewXTEMmicrographsofannealed3xl016cm'2samples.a)Annealed900°C,0.5hr;b)Annealed1150°C,0.5hr;c)Annealed1300°C,6hr.
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about 350 A below the surface. Also present for the first

time at this dose were a few cavities with a mean diameter

of 30 A and a volume fraction of 240 ppm.

Annealing at 1150°C, 0.5 hr (Figure 3-24b) removes both

the SiC precipitates and the cavities from the surface

layer, which is now free of observable defects. The defect

zone has been further reduced to 2200 A in thickness and

consists of a dislocation network with numerous short (500

A) {111} stacking faults which appear to be associated with

100 to 200 A diameter Si02 precipitates. The dislocation

loops have again disappeared from the region beneath this

zone, however a few long stacking faults still extend into

the substrate. Further annealing at 1300°C, 6 hr (Figure

3-24c) again removes all observable defects from the sample.

The effect of annealing on the microstructure of the

lxlO17 cm'2 implant is shown in Figure 3-25. The most

striking development is the appearance of numerous cavities

in the top 1300 A of the surface layer after annealing at

900°C, 0.5 hr (Figure 3-25a). These cavities are twice the

size (mean diameter=29.2 A) of those in the as-implanted

sample and occupy a volume fraction of 810 ppm. The

appearance of these cavities coincides with a significant

reduction in the magnitude of the surface strain. Moreover,

the cavities develop in the top 1300 A of the sample which

roughly corresponds to the thickness of the surface strain

layer (1000 to 2000 A) determined from the HRXRD



Figure3-25.
OverviewXTEMmicrographsofannealedlxlO17cm"2samples.a)Annealed900°C,0.5hr;b)Annealed1150°C,0.5hr;c)Annealed1300°C,6hr.
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measurements. These observations suggest that the

precursors to the cavities (i.e., some kind of vacancy

related defect) may be responsible for the surface lattice

contraction. SiC precipitates are also present in a narrow

band adjacent to the surface, and the remaining 1500 Á of

the surface layer is free of observable defects.

The buried defect zone is highly defective and appears

to contain {111} stacking faults, dislocations and Si02
precipitates. The end-of-range region again contains long

{111} stacking faults and small dislocation loops.

Annealing at 1150°C, 0.5 hr (Figure 3-25b) removes the

cavities and SiC precipitates and the surface layer is

devoid of any observable defects. The buried defect zone is

now about 3200 Á thick and contains numerous {111} stacking
faults and 200 to 600 Á diameter faceted Si02 precipitates.
Below the defect zone are {111} faults and dislocations.

Further annealing at 1300°C, 6 hr (Figure 3-25c) does not

remove all of the defects, as occurred at the lower doses.

Instead, large (300 to 1600 Á) faceted Si02 precipitates are

distributed throughout the buried defect zone. The facets

occur along the {111} and {100} silicon planes. Since the

precipitates are amorphous their shape is not determined by

coherency strains but instead by strains associated with the

volume change of the precipitate and by the relative surface

energies of the crystallographic planes of the matrix.

Dislocations run between the precipitates. However, none of
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the dislocations extend to the surface, i.e., they are not

threading dislocations. No other defects occur in the

sample.

A high density of cavities, such as that observed in

the 900°C annealed sample, has been observed in as-implanted

SIMOX material when the implantation temperature is high

(>600°C) [54-59], and has been correlated with low threading

dislocation densities [15]. However, this is the first

report of cavities developing upon annealing. This is

probably due to the emphasis in most SIMOX annealing studies

on temperatures >1100°C, where the above results indicate

the cavities become unstable and dissolve.

The annealing behavior of the 3xl017 cm : sample (wafer

A) was similar to that of the lxlO17 cm-2 dose. Cavities

again developed in the surface layer upon annealing. Figure
3-26 shows the microstructural development for 0.5 hr

anneals at 700°C, 800°C, 900°C, 1050°C and 1150°C and for a

6 hr anneal at 1300°C. In the surface layer the cavities

grow in size as the anneal temperature increases up to 900°C

(Figure 3-26a to 3-26c). Table 3-2 shows a quantitative

evaluation of the cavity development. The volume fraction

increases from about 240 ppm in the as-implanted state to

2285 ppm after annealing at 900°C. This increase in volume

fraction is due mainly to a steady increase in mean cavity

diameter from 14.5 A to 28.6 A. The number density of

observable cavities does not change substantially. However,



Figure3-26.
OverviewXTEMmicrographs a)Annealed700°C,0.5hr;
ofannealed3xl017 b)Annealed800°C,

cm'2samples. 0.5hr;c)Annealed900°C,
0.5hr;

to

to



Figure3-26--continued d)Annealed1050°C,0.5hr;e)Annealed1150°C,0.5hr;f)Annealed1300°C,6hr.
133



134

Table 3-2. Quantitative evaluation of the effect of
annealing on cavity development in the surface
layer of the 3xl017 cm'2 sample.

Condition
Volume
Fraction
(ppm)

Mean
Diameter

(A)

Number
Density
(cm-3)

Perpendicular
Strain
(ppm)

as-implanted 240 14.5 1.2xl017 -2650

700°C, 0.5 hr 415 15.7 1.1x1017 -1715

800°C, 0.5 hr 1160 21.6 1.8xl017 -1505

900°C, 0.5 hr 2285 28.6 1.2xl017 -525



135

it should be noted that cavities will only be observable

when they are greater than about 10 Á in diameter. As a

result, the number density values are likely to be

underestimated, especially at the lower temperatures. Table

3-2 also compares this cavity development with the strain

measurements. The near-surface perpendicular strain

decreases in direct proportion to the increase in cavity
volume fraction and size as the anneal temperature

increases. Once again, the thickness of the cavity layer
(1300 Á) roughly corresponds to the thickness of the surface

strain layer (1200 to 2200 Á). These observations reinforce

the suggestion that the cavity precursors are responsible
for the surface lattice contraction detected by the HRXRD

measurements.

By 1050°C the XTEM micrograph (Figure 3-26d) shows that

the near-surface defects no longer exhibit the

characteristic contrast of cavities, but instead appear to

have filled in with amorphous Si02. Just below this layer,
but still within the surface silicon layer is a band of

larger, faceted Si02 precipitates. Precipitation has also

occurred adjacent to the interface with the buried defect

layer. The MFD's at this interface persist, and

precipitation has occurred preferentially at the edges of

them. All of the small near-surface precipitates dissolve

upon annealing at 1150°C (Figure 3-26e) leaving a band of

larger Si02 at the bottom edge of what had been the layer of
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cavities. The MFD's have also been eliminated. The

remaining precipitates, in turn, dissolve upon annealing at

1300°C, 6 hr (Figure 3-26f) leaving the surface silicon

layer devoid of observable defects.

The buried defect layer in this 3xl017 cm"2 sample

undergoes an evolution from a highly defective zone to a

thin layer of Si02 during the same annealing sequence. The

thickness of this layer decreases from the as-implanted

value of 4200Á to 3600Á for anneals at 700°C to 1050°C, and

further decreases to 3200Á at 1150°C and finally to 800Á

after annealing at 1300°C, 6 hr. The defect layer is so

dense that it is very difficult to provide any meaningful

analysis. One striking feature, however, is that the band

of microtwins remains throughout the annealing sequence, and

in fact the final buried oxide layer forms at the depth of

the microtwins. As a result, some microtwins remain at the

buried oxide/ surface silicon interface (Figure 3-26f) after

the high-temperature anneal. The buried oxide layer appears

to have a fairly sharp interface with the overlying silicon.

However, the layer itself is not quite continuous, since

individual precipitates are visible within the layer.

The effect of annealing on the dislocation half-loops

was studied for wafer B implanted at 3xl017 cm'2, since this

wafer had the higher dislocation density. The half-loops
were still readily apparent in XTEM specimens after

annealing at 900°C, 0.5 hr; however, none could be found
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after the 1050°C, 0.5 hr anneal. In order to confirm that

the half-loops had indeed annealed out at 1050°C, plan view

specimens were made and examined (Figure 3-27). The only

features observed in the surface silicon layer of this plan

view specimen were the small Si02 precipitates that had

formed from the cavities. No half-loops were observed and

the dislocation density was estimated to be less than 106

cm"2. Thus, by the time precipitates form in the surface

silicon layer at 1050°C, the half-loops have escaped to the

surface. The mechanism for escape could involve either

climb or glide. A consequence of the prismatic nature of

the loops and the absence of dislocations with Burgers

vectors parallel to the surface is that the glide cylinder

of all of the loops intersects the surface, thus allowing

escape to the surface by glide. Alternatively, escape by

climb could occur if vacancies were available to eliminate

the extrinsic loops.

A close examination of the 900°C annealed samples that

contain both cavities and half-loops revealed that there was

an interaction between the two defects. Figure 3-28

compares areas of the sample with and without half-loops.
It should be noted that the loops are in poor contrast under

the kinematical, underfocussed conditions necessary to

reveal the cavities. The density of cavities in the

vicinity of the half-loops is greatly reduced compared to

areas where there are no half-loops. This phenomenon may
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Figure 3-27. PTEM micrograph of the 3xl017 cm"2 sample
(wafer B) after annealing at 1050°C, 0.5hr
showing the lack of dislocations and the
presence of numerous Si02 precipitates that have
formed from the cavities.
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Figure 3-28. Kinematical, underfocussed XTEM micrographs of
a 3xl017 cm'2 sample after annealing at 900°C,
0.5 hr showing the cavity concentration in the
near surface region.
a) Without half-loops present; b) With half-
loops present.
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result from the extrinsic loops intersecting the cavities as

the loops expand. This process would result in the

vacancies being swept up by the expanding loops, producing

large jogs in the dislocation lines wherever such an

interaction took place. Indeed, such jogs are observed in

the half-loop dislocations (see for example Figure 3-14 and

Figure 3-18). A consequence of this interaction would be

that oxygen atoms would be liberated from their association

with vacancies. In the absence of a vacancy with which to

associate, the oxygen atoms would assume an interstitial

site, producing an increasing oxygen interstitial

concentration as the loops grow. This process would also

contribute to a reduction in the magnitude of the lattice

contraction and to a broadening of the diffraction peak from

this layer. Both effects are observed in wafer B, where the

dislocation density is higher than in wafer A.

In contrast to the elimination of the near-surface

dislocations in the 3xl017 cm"2 specimens, annealing of the

6xl017 cm"2 implant resulted in the formation of threading

dislocations. Annealing at 900°C, 0.5 hr (Figure 3-29a) had

little effect on the surface layer microstructure. Both the

dislocation network and the {111} faulted loops remained. A

few more cavities developed, however, at a much lower

concentration than in the lxlO17 and 3xl017 cm"2 samples.

This implies that the oxygen that was incorporated in the

cavities at the lower doses is no longer accommodated in
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Figure 3-29. XTEM micrographs showing the effect of annealing
on the microstructure of the 6xl017 cm'2 sample,
a) Annealed at 900°C, 0.5 hr; b) Annealed at
1050°C, 0.5 hr;
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Figure 3-29--continued
c) Annealed at 1150°C, 0.5 hr; d) Annealed at
1300°C, 6 hr.
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this fashion at the higher doses. One might therefore

expect Si02 precipitation to occur to a much greater extent

in the near surface region in this sample. Indeed,

annealing at 1050°C (Figure 3-29b) and 1150°C (Figure 3-29c)

for 0.5 hr results in extensive Si02 precipitation in the

surface layer. Significantly, many of the dislocations have

not escaped to the surface, and those that remain appear to

be pinned by the precipitates. Very few Frank loops remain,

and the remaining dislocations are all perfect 1/2<110>

type. Further annealing at 1300°C, 6 hr (Figure 3-29d)

results in the elimination of all defects from the surface

layer with the exception of dislocations threading from the

surface to the buried oxide layer.

Representative plan-view micrographs of these threading
dislocations in the 1300°C, 6 hr annealed sample are shown

in Figure 3-30. In addition to isolated dislocation lines

(Figure 3-30a), several dislocation dipoles were observed

(Figure 3-30b and 3-30c). A dipole is simply two closely

spaced parallel dislocations of opposite Burgers vector on

adjacent planes. Because their b are in the opposite sense,

the individual dislocation images lie either both to the

outside or both to the inside of the dislocation cores as

the sign of g is reversed [72] . This feature enables

dipoles to be distinguished from dislocation pairs, where

the Burgers vectors are in the same sense. For the dipole
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Figure 3-30. PTEM micrographs of threading dislocations in
the 6xl017 cm'2 sample after annealing at
1300°C, 6hr.
a) Isolated threading dislocations; b) A dipole
imaged with g220 showing outside contrast; c) The
dipole imaged with g^To showing inside contrast.
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in Figure 3-30, the images lie to the outside for g (Figure
3 — 3Ob) and to the inside for -g (Figure 3-30c) .

Tilting experiments in bright field showed that all of

the dislocations, including the dipoles, were perfect

dislocations with Burgers vectors of type 1/2<110>.

Moreover, all 23 dislocation lines analyzed had Burgers

vectors at angles to the surface normal and none had Burgers

vectors perpendicular to the surface normal. Following the

argument used earlier in the analysis of the dislocation

half-loops, the probability of this occurring if all twelve

b variants exist in the sample is (2/3)23 or about 1:10,000.

Thus, as in the case of the half-loops, it is safe to

conclude that the threading dislocations disproportionately
have b at angles to the surface. Using a series of g22o

images, where all of the dislocations are visible, the

threading dislocation density was found to be about 7xl07

cm'2. This is a reduction of about two orders of magnitude

from the as-implanted state.

The buried defect layer again develops into a layer of

amorphous Si02 during this annealing sequence. The

thickness is about 1800 Á, which is about twice that of the

3xl017 cm'2 sample. The buried oxide layer is composed of

very large, lamellar oxide precipitates, interspersed with

patches of single crystal silicon.

The effect of annealing on the 9xl017 cm'2 dose is shown

in Figure 3-31. The major features are quite similar to the



Figure3-31.OverviewXTEMmicrographsofannealed9xl017cm'2samples.a)Annealed900°C,0.5hr;b)Annealed1150°C,0.5hr;c)Annealed1300°C,6hr.
146



147

6xl0¿ cm'2 samples. Annealing at 900°C, 0.5 hr (Figure

3-31a) leads only to the development of a very few cavities,
with few other changes. Again, annealing at 1150°C (Figure

3-31b) for 0.5 hours does not eliminate the near-surface

dislocations, which appear to be pinned by an extensive

array of Si02 precipitates. The precipitates are faceted

and many appear to have an elongated, lamellar morphology.

Figure 3-32 shows a weak-beam dark field micrograph in which

the pinning effect of the precipitates is clearly evident.

After the high-temperature anneal (Figure 3-31c)

threading dislocations are the only remaining defect in the

surface silicon layer. The buried oxide is continuous and

increases in thickness to 2200 Á. Interspersed throughout

the layer are isolated "islands" of single-crystal silicon.
These islands develop from the patches of silicon between

the lamellar oxide precipitates as the buried layer forms

upon annealing. They are commonly observed in SIMOX and are

apparently quite stable once they have formed. They exhibit

facets on {111} and {100} planes making them, in a sense,

negative images of Si02 precipitates in a silicon matrix.

Plan-view analysis of the 1300°C annealed sample showed

that both dipoles and single dislocation segments were

present. Often the threading dislocations occurred in

tangles (Figure 3-33) . The Burgers vectors were of the

1/2<110> type at angles to the surface normal and the
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Figure 3-32. XTEM weak beam dark field micrograph of the
9xl017 cm'2 sample after annealing at 1150°C,
0.5 hr showing dislocations pinned by Si02
precipitates.
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Figure 3-33. PTEM micrograph of threading dislocations in the
9xl017 cm'2 sample after annealing at 1300°C for
6 hours.
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density was estimated to be 2x10® cm"2. This is a factor of

three increase over the 6xl017 cm"2 dose.

In summary, defect evolution in the buried and the

surface layers follows different paths, depending on the

dose, as the annealing temperature increases. For doses

<3xl016 cm'2, the buried defect layer transforms from point-

defect clusters and {113} defects to a collection of

discrete Si02 precipitates, {111} faults and dislocations as

the anneal temperature increases to 1150°C. Annealing at

1300°C, completely removes all defects resulting in a wafer

indistinguishable from bulk, un-implanted silicon. For

doses >lxl017 cm"2 the defect microstructure follows a

similar path, but at much higher defect densities. However,

annealing at 1300°C does not remove all defects from the

buried layer. At lxlO17 cm"2, large octahedral Si02

precipitates with dislocations running between them remain,

while at the higher doses a more or less continuous planar

layer of Si02 forms after the high temperature anneal.

In the surface layer, cavities evolve upon annealing at

900°C and below for doses <3xl017 cm'2. By 1050°C, the near¬

surface dislocation half-loops have escaped to the surface

and the cavities fill in with Si02. Further annealing

results in the elimination of all defects in the surface

layer and the threading dislocation density is less than the

PTEM detection limit of'about 106 cm"2. For doses >6xl017

cm"2, very few cavities develop upon annealing and many
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large Si02 precipitates develop in the surface layer as the

anneal temperature is increased to 1050° and 1150°C. Many

dislocation segments remain, apparently pinned by the

precipitates, and further annealing at 1300°C results in the

formation of threading dislocations at a density of about

108 cm'2.

Discussion

The results presented above show that high-dose ion

implantation leads to an incredibly rich panoply of defects

far in excess of those resulting from low-dose, dopant type

implants in silicon. The defects occur in two main strata

within the sample, and the types and densities of the

defects in these zones differ to a remarkable degree.

Likewise, the strain state in each layer is also entirely

different, with the surface layer undergoing a lattice

contraction and the buried layer a lattice expansion.

In an attempt to simplify the discussion of defect

formation and evolution, each of these layers will be

discussed separately. The primary aim will be to develop an

understanding of the origin of the strain state, the defect

formation mechanisms and the evolution of the defect

microstructure as the annealing temperature changes. In

addition, the discussion will compare and contrast the

effects of implanting at high temperature and high dose to

the usual room temperature, low dose implants used in dopant

implants in silicon.
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The Buried Defect Laver

One of the aims of this research was to help bridge the

gap between our considerable knowledge of defect formation

and evolution in low-dose, room-temperature implants used

for doping purposes and the high-dose, high-temperature

implants of ion-beam synthesis. In this respect the lxlO16

cm'2 sample serves as a starting point in understanding

these differences. Oxide precipitation appeared to play

little or no role in the microstructural evolution at this

dose. Thus, the differences can be attributed largely to

the high implant temperature used.

HRXRD measurements on the lxl016 cm'2 sample indicated

that a buried layer existed which had undergone a lattice

expansion. The positive sign of strain in this buried

defect layer is consistent with the presence of either a

substitutional species with a larger tetrahedral (covalent)

radius than silicon or with the presence of interstitial

species. In both cases the silicon atoms adjacent to the

foreign species are forced further apart, leading to a net

lattice expansion. Since oxygen normally occupies an

interstitial site [39] in silicon and, in any case, has a

smaller tetrahedral radius than silicon, the strain must be

attributed entirely to the latter effect.

The implantation process produces silicon interstitials

in addition to the oxygen interstitials so that the measured

strain could be due to either or both interstitial species.
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The range of depths over which the strain layer extends

includes both the projected range of the ions and the damage

density maximum (as determined by TRIM'88 calculations) so

that the location of the layer cannot determine which

interstitial species dominates the strain measurements.

For 160 keV oxygen implanted in silicon, each implanted ion

creates approximately 1400 Frenkel pairs. Most of these

annihilate; nevertheless, at room temperature silicon

interstitials far outnumber the implanted ions, thus

dominating the strain contribution [25] in as-implanted

samples. The vacancies produce less strain per defect than

interstitials, and therefore have less effect on the strain

values [26]. It might be expected that for the high-

temperature implants used here, the point-defect

recombination rate would be much higher than at room

temperature so that the measured strain would reflect the

oxygen interstitial concentration to a greater degree. An

estimate of the relative contributions of oxygen vs. silicon

interstitials can be made as follows.

The TRIM'88 calculations show that the peak oxygen

concentration for the lxlO16 cm"2 implant is ~5xl020 cm'3.

Oxygen interstitials expand the lattice at a rate of

5.6xlOi9 ppm-cmVatom [39]. Thus the maximum perpendicular

strain due to oxygen interstitials in the tetragonally
distorted buried layer would be -500 ppm. The measured

strain was 3850 ppm. Therefore, the oxygen interstitials
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account for, at most, only 13% of the strain and the

remainder may be attributed to implantation-induced self¬

interstitials and interstitial clusters. In fact, these

clusters, in the form of "black spot" damage, are precisely
what was observed in the XTEM samples. Thus, the buried

defect layer contains a high density of self-interstitials

and interstitial clusters which leads to the observed

lattice expansion. This is the usual Type I defect

formation process of low-dose implants at room temperature.

In addition to the "black spot" damage, {113} defects

formed at a high density throughout the buried layer in all

of the as-implanted samples. As noted earlier, these

defects have been observed beneath the continuous buried

oxide layer that forms at high doses [37,94]. The present

results indicate that the {113} defects are an integral part
of the defect microstructure, and not just a phenomenon

associated with the end-of-range region.

Similar defects on {113} planes have been observed in

electron-irradiated silicon [30] and germanium [31] and also

in oxygen-rich bulk silicon [41], where they are known as

ribbon-like defects. They seem to be a common feature of

elevated-temperature implants [95]. Their exact nature

remains a matter of considerable controversy despite

numerous high-resolution TEM and image-simulation studies

[32-37]. They are thought to consist of either hexagonal
silicon [34-36] formed as a result of the precipitation of
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self-interstitials, or coesite [32,33], a high-pressure

crystalline silica phase. In the absence of our ability to

distinguish between these possibilities, it is uncertain

whether they represent precipitation-related (Type V) or

implantation-related (Type I) defects. It might seem

unlikely for the self-interstitials to precipitate in two

entirely different ways, as point-defect clusters and as

{113} defects, in the same sample. However, the fact that

the implant temperature is not constant for the lxlO16 cm"2

dose, but increases as the implantation proceeds, suggests

that the {113} defects could nucleate later in the

implantation process, when the temperature is higher. This

would be consistent with the observation that they often

appear in high-temperature electron- and proton-irradiated

samples [30,31,41].

The effect of increasing dose in room-temperature

light-ion implants of silicon is to increase the

concentration of discrete defect clusters until the

accumulation and overlap of these discrete defects leads to

amorphization [18] . In the high-dose high-temperature

implants studied here, this process was modified somewhat.

Point-defect clusters developed into extended defects

such as dislocations as the dose was increased. This

development was likely fostered by the increased defect

mobilities afforded by the elevated temperature of the

implants. Such dislocation structures are generally not
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observed in as-implanted room-temperature implants, but do

occur upon annealing. Once the dose exceeded lxlO17 cm-2 a

layer of microtwins developed at the upper edge of the

buried layer. This location corresponds to the maximum in

damage density, and is usually the site where an amorphous

layer first forms.

Microtwins usually result from imperfect solid-phase

epitaxial regrowth (SPER) of amorphous layers during

annealing. A common cause for this breakdown in SPER is a

high concentration of solute that cannot be accommodated at

the regrowing interface. Oxygen in particular is notorious

for retarding the regrowth rate in this fashion [96,97].

Oxygen implantation at 3xl017 cm'2 at low temperature

(<450°C) results in an amorphous layer, and microtwins are

observed only after annealing [50,51]. Thus, the presence

of microtwins in the as-implanted samples implies that the

layer first became amorphized and subsequently regrew,

during the implant. There are two possible explanations for

this effect.

First, a non-uniform implant temperature could account

for the microtwin layer. If the wafer temperature were

steadily increasing during the implant, then the layer could

become amorphized earlier in the implant, while the wafer

temperature was lower. As the temperature continued to

increase towards a reasonable SPER temperature (>450°C)

[50-53] then regrowth would begin. The high oxygen
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concentration would then prevent good quality regrowth, thus

leading to microtwin formation. Such non-uniformities are

not out of the question for these implants where there was

no external means of controlling the temperature [70].

A second possibility is ion-beam induced epitaxial

crystallization (IBIEC) [98]. This is a dynamic, athermal

process in which variations in the defect production rate

can induce either amorphous layer growth or shrinkage during
the implant. The operation of such a mechanism in this case

would require substantial variations in the dose rate during
the implant. This is less likely than the temperature

variation mechanism since the dose rate can be controlled

quite well in the implantation process, whereas there was no

provision for an external means of temperature control.

The marked increase in defect density with increasing
dose allowed for little in the way of HRXRD analysis on the

strain state of the buried layer at higher doses. These

high defect densities led to a considerable increase in

scattering from extended defects (Huang scattering) and

static disorder (the static Debye-Waller factor). As a

result, no distinct diffraction peaks from the buried layer
were observed for doses >3xl016 cm'2.

The low temperature (900°C) annealing characteristics

of defects in the buried layer differed more in quantity
than quality from low-dose implants. As in dopant implants,

annealing at 900°C resulted in the development of a
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dislocation network from the point-defect clusters in the

as-implanted samples for doses of lxlO16 and 3xl016 cm'2. The

major difference was merely in the extent of the network,

which was much greater here. As the dose increased, the

buried layer was so highly defective that little analysis

was possible. Increasing the annealing temperature to

1150°C resulted in a reduction in the extent of the

dislocation networks and, as the dose increased, to an

increasing amount of Si02 precipitation. In apparent

association with these precipitates was a new type of

defect--short {111} faults throughout the defect zone.

The high temperature (1300°C) annealing characteristics

of defects in the buried layer depended very strongly on the

dose. The single most important factor appeared to be the

extent to which Si02 precipitates formed in the buried

layer. For doses <3xl016 cm'2, annealing at 1300°C

eliminated all defects, including dislocations and Si02

precipitates. At a dose of lxlO17 cm'2, the annealed

microstructure consisted of large octahedral precipitates

with dislocations running between them, while at higher
doses a more or less continuous planar layer of Si02 formed.

The process of forming this planar oxide layer from an

initially scattered distribution of smaller precipitates has

been the subject of much discussion. However, there appears

to be some confusion about the basic mechanisms of

microstructural development since oxide coarsening has
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sometimes been described in terms of nucleation theory! The

details of the process will be very complex since the solute

and point defects are inhomogeneously distributed and occur

at very large supersaturations as a result of the

implantation. Nevertheless, it is helpful to consider in a

general way the basic concepts involved.

The process can be broken down into three basic

stages--nucleation, growth and coarsening. Stoemenos and

Margail [45] have discussed Si02 precipitation in oxygen-

implanted silicon from the standpoint of classical

nucleation theory. The driving force for nucleation is the

reduction in volume free energy associated with the

transformation of a supersaturated solid solution to

discrete oxide precipitates. Opposing this driving force is

the strain energy created by the change in volume

accompanying the transformation and the interfacial energy

of the precipitate and matrix. These opposing forces lead

to the concept of a critical size, rc, for the precipitate

nuclei at which the total free energy change is a maximum.

Nuclei larger than rc will be stable since any increase in

size corresponds to a lowering of the free energy of the

system whereas nuclei smaller than rc will tend to be

unstable since their growth involves an increase in the free

energy of the system.

The size of the nucleation barrier and the magnitude of

rc depends on the relative magnitudes of the driving and
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opposing forces. The strain energy term is likely to be

extremely high because of the large volume change associated

with the precipitation reaction. For every unit volume of

silicon that oxidizes, 2.25 unit volumes of amorphous Si02

are formed. Internal oxidation of silicon therefore

involves an enormous amount of strain energy. Hu [43,44]

has shown that under these conditions precipitation of Si02

is energetically unfavorable, regardless of the oxygen

supersaturation. He therefore proposed that the strain

energy must be relieved by either of two processes. Either

excess silicon atoms must be emitted as silicon

interstitials or vacancies must be absorbed to enable the

precipitation reaction to proceed. For a strain-free

precipitate to form, 0.625 silicon interstitials would have

to be emitted for every interstitial oxygen atom that joins

the growing Si02 precipitate.

There is ample experimental evidence that silicon

oxidation does indeed produce an excess of silicon

interstitials. These are observed to agglomerate as

extrinsic stacking faults during surface oxidation [11] or

as distorted extrinsic Frank loops known as “loopites" in

the case of internal oxidation [41,42].

Vanhellemont and Claeys [60] have incorporated this

strain-accommodation mechanism into the classical nucleation

equations and have demonstrated that non-equilibrium point-

defect concentrations should have a pronounced effect on the
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activation energy barrier and the critical size, rc.

Specifically, a large self-interstitial supersaturation will

cause an increase in rc, thus retarding the precipitation

process. Since this is precisely the environment produced

by ion implantation, we should expect nucleation to be

retarded in the buried defect layer, particularly in the

absence of strong interstitial sinks.

The critical size also depends on temperature through

the temperature dependence of the chemical driving force,

i.e., the oxygen supersaturation. For the present case the

implantation process produces a given oxygen concentration

(as a function of depth) and the anneal temperature will

determine the degree of supersaturation. Thus, higher

anneal temperatures will result in a lower supersaturation

and a larger critical size at a given depth in the sample.

Growth of super-critical sized nuclei will then proceed

under the action of the same chemical driving force until

the supersaturation is exhausted. As a consequence of the

inhomogeneous oxygen distribution, the supersaturation will

be higher and the precipitates larger around the projected

range. With the chemical driving force exhausted, surface

energy becomes an important factor and coarsening proceeds

under its influence. Capillarity effects give rise to

chemical potential gradients that depend on the curvature of

the particles. These gradients drive diffusional flows such

that larger particles (with less curvature) grow at the
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expense of smaller ones (with greater curvature). Since the

larger precipitates are located at the projected range, they

will grow at the expense of smaller precipitates in the

wings of the implanted distribution. Eventually, these

precipitates impinge, resulting in the development of a more

or less continuous layer of Si02 located at the projected

range. Once a continuous layer has formed, surface energy

can be further minimized by the adoption of a planar

interface with the silicon matrix.

These concepts are also useful in understanding

microstructural evolution where a continuous oxide layer did

not form. For doses <3xl016 cm-2, annealing at 1300°C

completely removed all defects from the sample. The

supersaturation for these lower-dose samples is less than at

higher doses; nevertheless, the peak oxygen concentration is

still 500 to 1500 times greater than equilibrium solubility

at 1300°C. However, the strain measurements indicated that

for the as-implanted samples a substantial silicon

interstitial concentration exists while the TEM observations

indicated that there were no strong interstitial sinks such

as dislocations or stacking faults as occurred at the higher

doses. According to the above arguments, the nucleation of

precipitates under these conditions should be substantially

retarded and few stable nuclei would form. A competing

effect to precipitation would be the out-diffusion of oxygen

to the surface (and to the bulk) in response to the
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concentration gradient produced by the implantation process.

Thus, no precipitates would form and all of the oxygen would

be removed to the surface or into the bulk. At lxl01 cm'2,
the oxygen supersaturation is now about 5000 while the

interstitial supersaturation is ameliorated by the presence

of strong interstitial sinks. Thus, stable precipitates are

able to form, however, the oxygen concentration is

insufficient to produce a continuous oxide layer. Instead,

only large precipitates remain upon high temperature

annealing. At still higher doses, the oxygen concentration

is sufficiently large that a continuous oxide layer can form

under the action of capillarity forces, as discussed above.

These observations also point to a significant

interaction between oxide precipitates and dislocations

resulting from ion damage. Apparently, the precipitates act

to pin the dislocations. Thus, in the absence of

precipitates, the extensive dislocation network that forms

upon annealing can escape to the surface (e.g., lxlO16 cm"2

and 3xl016 cm"2 doses) , whereas, when precipitates do form at

lxlO17 cm'2, some of the dislocations remain pinned by the

oxides. At still higher doses, the dislocations are simply
consumed in the continuous buried oxide layer.

A final point to be considered is the development of
faulted loops on {111} planes that appear to be associated

with oxide precipitates. The origin of these loops can be

explained on the basis of Hu's [43,44] strain accommodation
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mechanism for the growing oxides. Thus, they may result

from the interstitials emitted by the growing precipitates.

In this respect they are analogous to the "loopites"

associated with internal oxidation of bulk silicon and are

thus precipitation-related defects, rather than

implantation-related defects.

In summary, the primary effects of elevated temperature

implantation on the as-implanted, buried layer

microstructure appears to be the nucleation of high

densities of {113} defects, the development of dislocation

networks, and the nucleation of microtwins rather than

simply an amorphous layer. The presence of a high

concentration of oxygen is a contributing factor to the

microtwin formation, and may possibly play a role in {113}

defect nucleation.

The fact that the implants are carried to high doses

where precipitation occurs on a large scale has a profound

effect on microstructural development upon annealing. For

doses >lxl017 crrf2 an extensive array of oxide precipitates

apparently pin the dislocations that evolve from Type I

damage, thus preventing their escape to the surface upon

high temperature (1300°C) annealing as occurs at lower

doses. At intermediate annealing stages, silicon

interstitial emission from growing precipitates appears to

also lead to the formation of an additional kind of extended

defect--faulted loops on {111} planes. These loops
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apparently unfault after high-temperature annealing, and

thus may contribute to the density of 1/2<110> dislocations.

Finally, the most obvious consequence of implanting to high

doses is the development of a more or less planar oxide

layer under the influence of surface energy effects.

The Surface Silicon Laver

The primary types of defects that occurred in the

surface layer were cavities, half-loop dislocations, Frank

loops and Si02 precipitates. All of these defects represent

defect-introduction processes unique to high-dose implants

since in low-dose implants the defects are typically

confined to the vicinity of the projected and end-of-range

areas. The discovery that the strain-state of the surface

layer involved a lattice contraction is also unique to high-

dose implants.

The origin of the surface lattice contraction appears

to be the precursors to the cavities that develop upon

annealing. As a function of dose there is a direct

correlation between the volume fraction of cavities after

annealing and the magnitude of the perpendicular x-ray

strain in the as-implanted condition. In addition, the

perpendicular strain decreases as the cavity volume fraction

increases during the annealing sequence from 700°C to 900°C

in the 3xl017 cm'2 samples. Clearly, the growth of the

cavities coincides with the strain-relief process in the

surface layer. This strain-relief process is distinct from
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that occurring in the buried defect layer since the

unidirectional nature of the lattice contraction is

maintained upon annealing. The major difference lies in the

fact that interstitial agglomeration in the buried layer

leads to dislocation-formation upon annealing, thus

destroying the unidirectional lattice expansion.

The strain in the buried layer is attributable to

interstitials and interstitial clusters which force adjacent

atoms apart, causing a net lattice expansion. It is

tempting to interpret the surface lattice contraction in an

analogous manner as being due to vacancies and vacancy

clusters which allow adjacent atoms to relax inward, thus

causing a net lattice contraction. There is however

theoretical evidence that such an interpretation may be

incorrect, or at least incomplete.

Extensive calculations by Baraff et ad. [99] have shown

that, at least for isolated vacancies in silicon, a net

lattice expansion, rather than a contraction, occurs. This

result is distinct from calculations for fee and bcc metals

where the vacancy-relaxation volume has always been found to

be negative [100], ranging from -0.23Í2 for iron to -0.49Í2

for aluminum, where Q is the atomic volume. The difference

may be attributable to the covalent bonding in silicon and

to the less-dense packing of the diamond cubic lattice.

These calculations have been taken as evidence that a

positive lattice strain in ion-implanted semiconductors is
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an indication that vacancy-type defects are present

[101,102]. This interpretation is, however, subject to

dispute. The main objection is that the calculations apply

to an isolated vacancy. In room-temperature (or higher)

implants, it is extremely unlikely that isolated vacancies

are the dominant defect present. Instead, clusters of

vacancies, possibly in association with impurity atoms, are

likely to be the norm. The relaxation volume of such

defects is likely to be quite different from the isolated

point defect treated by Baraff et al. [99] .

An estimate of the relaxation volume of the defects

giving rise to the surface lattice contraction in the 3xl017

cm"2 samples can be obtained in the following manner. The

difference in strain, Aex, between the as-implanted and

900°C annealed samples can be used as a measure of the

strain produced by the elementary defects present in the

as-implanted condition. Since these defects cluster to form

the cavities upon annealing, the cavity volume fraction, xv,

is then a measure of their concentration prior to annealing.
This may underestimate the as-implanted volume fraction

since defect annihilation can occur upon annealing. With

these assumptions, the relaxation volume, Av, can be

calculated as:

Av/fl = 3Aex/l. 77xv

where the factor of 1.77 is a correction to account for the

tetragonal distortion of the lattice. Substituting the
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appropriate numbers we obtain Av=-1.58Q for the 3xl017 cm2

sample and Av=-1.28£2 for the lxlO17 cm'2 sample, giving an

average value of -1.43Í2. Not only are these values

negative, they are even larger than the relaxation volume of

vacancies in metals. We conclude that the elementary

defects responsible for the lattice contraction cannot be

just vacancies or vacancy clusters.

An alternative means of obtaining a net lattice

contraction is through the presence of a substitutional

species with a smaller tetrahedral radius than silicon.

Carbon occupies a substitutional site in silicon and is a

common contaminant in high-dose implants. Moreover, some of

the samples showed evidence of SiC precipitation in a narrow

band at the surface after annealing at 900°C. However, the

density of the SiC precipitates did not correlate with the

measured perpendicular strain. In addition, the carbon

concentration as estimated from the precipitate volume

fraction and as determined from secondary-ion mass

spectrometry analysis of samples implanted at SPIRE was only

about 1019 cm'3, which, if it were all substitutionally

dissolved in the as-implanted samples would produce a

perpendicular strain of -110 ppm. Clearly, this is

insufficient to account for the observed lattice contraction

of -2650 ppm.

Oxygen normally occupies an interstitial site in

silicon. However, it can associate with vacancies during
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irradiation [103,104]. In addition, dissolved gases have

been shown to stabilize voids in irradiated metals [105].

The tetrahedral radius of oxygen is about 0.73 Á while that

of silicon is 1.18 Á. The effective relaxation volume of

substitutionally dissolved species is given by:

Av/£2=3Ar/r

where Ar is the difference in the tetrahedral radii. The

calculated value for substitutional oxygen in silicon is

thus Av=-1.14Q, which is only about 20% lower than the

average of the experimentally obtained values. Since our

assumptions were likely to underestimate xv and thus

overestimate Av, the discrepancy is understandable. It

therefore appears that the surface lattice contraction may

be attributed to an association of oxygen atoms with lattice

vacancies.

The existence of an oxygen vacancy association has long

been established through infrared absorption and electron

paramagnetic resonance studies of electron irradiated

silicon [103,104], The VO center (also known as the A

center), a single oxygen atom in association with a single

lattice vacancy, forms during room temperature electron

irradiation. It becomes unstable above -350°C, giving way

successively to the V02 and other multi-oxygen, single¬

vacancy clusters at higher annealing temperatures. For

heavily irradiated samples a family of more complex multi¬

vacancy, single-oxygen clusters and multi-vacancy, multi-
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oxygen clusters are known to form [106,107]. Defects such

as these are the likely cavity precursors created during the

oxygen implantation process. Upon annealing, the more

complex defects can grow into observable oxygen-containing

cavities by the migration of the more simple vacancy oxygen

defects. As a result of the high implant temperature, this

process has already begun in as-implanted samples, giving

rise to some very small cavities.

In general, the nucleation of such defects requires a

surplus of vacancies. There are two means by which an

excess of vacancies could be achieved in the near-surface

region of these samples. First, the vacancy surplus could

be due to a knock-on effect. Incoming energetic oxygen ions

displace silicon atoms from their lattice sites, thus

creating energetic silicon recoils with a directed momentum

towards the bulk. Vacancies are therefore left behind,

resulting in a net vacancy surplus in the near-surface

region and a net interstitial surplus deeper in the sample.

Calculations for implantation of compound semiconductors

based on the Boltzman transport equation have shown that

this effect can be substantial [21].

A second possibility is that the surface acts as an

efficient sink for silicon interstitials. The operation of

interstitial sinks is the mechanism that predominates in the

nucleation of voids in irradiated metals [105] . Either or
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both mechanisms could contribute to the vacancy surplus in

the near-surface region of the oxygen implants studied here.

As noted earlier, large cavities have been observed to

form in the near-surface region during the implant [54-59]

when the implant temperature exceeds about 575 to 600°C.

The nominal implant temperature in this investigation was

about 500°C, and only very small cavities were observed in

the as-implanted state. Our observation that they develop

upon low temperature (700 to 900°C) annealing is the first

such report in the literature. Both Masazara [56] and El-

Ghor et. ad. [54] implanted to stoichiometric doses (~2xl018

cm"2) , whereas we observed the highest cavity volume

fraction at a dose of 3xl017 cm"2. At higher doses, very few

cavities developed, apparently as a result of the lower

implantation temperature in the present work. These

observations point out that the cavities can nucleate at

lower implant temperatures early in the implant process.

However, they are apparently unstable as the dose continues

to increase, unless the implant temperature exceeds 575°C.

The higher implant temperature may influence cavity

formation at higher doses by assisting in nucleating more

cavities to accommodate the larger oxygen concentration and

by providing a higher vacancy and oxygen mobility to assist

in cavity growth.

One of the striking features of the cavity-containing,
high-dose, high-implant temperature samples of El-Ghor et
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al. [15] was that the final threading dislocation density

was <104 cm'2 after high temperature annealing. The

dislocation density of their as-implanted samples was not

reported. In the present investigation, a low density of

dislocation half-loops was observed in as-implanted samples

when cavities were the primary means of accommodating oxygen

in the surface silicon layer. Upon annealing, these half-

loops escaped to the surface and the dislocation density was

less than about 106 cm'2.

The extrinsic nature of these prismatic 1/2<110> loops

suggests that they result from interstitial condensation on

{110} planes in the surface silicon layer. However, the

x-ray measurements are inconsistent with an interstitial

supersaturation, suggesting instead that during the implant

the region is saturated with vacancy/oxygen complexes, as

discussed above. It is therefore proposed that the

nucleation of the loops occurs at a displacement cascade,

which could provide a high interstitial concentration on a

local scale. With the vacancies tied up in complexes with

oxygen, such an embryonic extrinsic loop might then be able

to survive, even in a vacancy-dominated region.

The stress state of the surface layer where these loops

form can affect the stability and growth of the loops even

though they are prismatic and evidently expand by climb

rather than by glide. Normal stresses, as opposed to shear

stresses, induce a climb force on an edge dislocation which
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will promote either growth or shrinkage of the half-loops

[108]. To evaluate this effect, it is necessary to

determine the stress state of the sample and thus the

resolved stresses acting on the prismatic loops.

The x-ray measurements indicate that the layer has

undergone a lattice contraction (with respect to bulk

silicon) perpendicular to the surface, whereas the lattice

parameter parallel to the surface is identical to bulk

silicon. If the surface layer were unconstrained by the

underlying substrate, then it would adopt a cubic structure

with a lattice parameter smaller than that of bulk silicon.

Thus, the elastic strain in the layer must be calculated

with respect to this unconstrained lattice parameter, not

with respect to bulk silicon. Essentially, the surface

layer is analogous to a lattice-mismatched, heteroepitaxial

thin film grown on a single-crystal substrate. In this

case, the lattice parameter differs from the bulk due to the

vacancy oxygen complexes, rather than through a specific

composition difference. Thus there is a positive elastic

strain in the plane of the surface layer, while there is a

negative elastic strain perpendicular to the surface. This

corresponds to a state of biaxial tensile stress in the

plane of the layer. The displacement perpendicular to the

surface is an elastic response to this stress, and there is

no stress acting perpendicular to the surface.
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Given that the stress state is one of biaxial tension

it is a simple matter to calculate the stresses acting on

the {110} planes where the loops form [109] . There are six

such planes, two of which are perpendicular to the surface

((110) and (110)) and four at an angle of 45° to the surface

((101), (101), (Oil) and (Oil)), where the surface normal is

taken to be [001]. Taking a to be the tensile stress acting
in the [100] and [010] directions, then the stress normal to

the (110) and (110) planes is just a, and the stress normal

to the remaining four {110} planes is a/2. The shear

stresses acting in these planes are T=0 for (110) and (110)

and t=g/2 for the remaining planes. Thus the maximum normal

stress (and zero shear stress) occurs on the {110} planes

perpendicular to the surface while the {110} planes at

angles to the surface are the maximum shear stress planes,

with a normal stress half that of the perpendicular planes.

An elastic stress, aQ, acting normal to the extra plane

of an edge dislocation will produce a climb force, F/L,

given by [108] :

F/L = -a0b

where b is the Burgers vector. For a tensile stress acting
on a positive edge dislocation, the force will induce

negative climb. For the half-loops considered here, this

will promote loop expansion into the layer. The climb force

will be greatest (Gb) for the half-loops on the (110) and

(110) planes and will be one half as great for the loops on
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the remaining planes. Thus, the stress state of the surface

layer will promote half-loop expansion on all of the {110}

planes, but not to an equal extent.

The above analysis suggests that the largest loops

might be expected on the (110) and (110) planes where the

climb force would be largest. However, experimentally it
was found that no half-loops at all formed on these planes.

This discrepancy may be due to the fact that these planes

are also the planes on which the resolved shear stress is

zero. Although shear stresses may not directly influence

climb of pure edge dislocations, they could be important in

nucleating loops from an initial or intermediate defect

configuration. In this respect, the other four {110}

planes, on which half-loops were found experimentally, are

the maximum shear stress planes. Thus, in the absence of an

appreciable shear stress to assist in nucleating the loops,
no loops at all would form for the {110} planes

perpendicular to the surface and the magnitude of the climb

force would be irrelevant. On the remaining {110} planes,

shear stresses are present to assist in loop nucleation,

while normal stresses are also present to promote half-loop

expansion by climb. Since the elastic strains decrease

below a depth of about 1200 Á, the biaxial stress and thus

the climb force would also decrease below this depth. As a

result of this decreasing climb force, the half-loops would

tend to cease their expansion, thus limiting the depth of
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the loops to the depth of the strain layer, as was observed

experimentally.

The magnitude of the climb force can be obtained from

the in plane stress calculated from the experimentally

obtained x-ray strain, ex. The lattice mismatch, m, between

the surface layer and the substrate is given by:

m=ex(l-v)/(l+v)

the parallel elastic strain, ex, is given by:

ex=-m/ (m+1)

and the in plane stress, a, is given by:

a=2Gex(l+v)/(1-v)

where ex=-2650 ppm is the measured perpendicular mismatch,

v=0.278 is Poisson's ratio and G=6xl04 MPa is the shear

modulus. The tensile stress is thus 320 MPa (about G/200)

and the climb force per unit length of dislocation in the

{110} planes at angles to the surface is about Gb/400. The

applied stress is comparable to or exceeds the yield

strength of silicon at 500°C (about G/200 to G/600) [12,110]

and is only about an order of magnitude less than the

theoretical strength of crystals [108] . Thus, the force

should be of sufficient magnitude to overcome barriers to

dislocation motion, producing substantial climb in the near

surface layer of the oxygen implanted samples. Yielding of

the silicon by glide processes probably does not occur

because of difficulties in overcoming nucleation barriers

for glide dislocations. This ability to withstand stresses
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in excess of the yield strength is characteristic of low-

dislocation-density single-crystal thin films and of single¬

crystal whiskers [108,111]. In the present case,

dislocation nucleation can be achieved by implantation

induced point defects and the prismatic loops thus generated

can expand by climb as a result of the high stresses

present. This kind of strain relief process through

dislocation climb, rather than glide, has been observed in

several lattice mismatched thin film systems [112,113].

During this process of expansion the half-loops

intersect the oxygen containing cavities in the surface

layer. Based on the presence of very large jogs in the

loops it appears that the dislocations cut through the

cavities and absorb the associated vacancies. A consequence

of this interaction is that the oxygen that was tied up with

the cavity is free to adopt an interstitial position in the

lattice. This increasing amount of interstitial oxygen is,

perhaps, partially reflected in the increased FWHM of the

strain layer x-ray peak for the 3xl017 cm'2 wafer B where the

dislocation density was higher.

The second interstitial species in the system, self¬

interstitials, are also likely to be increasing in

concentration in the near surface layer. Precipitation of

Si02 in the buried layer, which was retarded at lower doses

due to the high self-interstitial supersaturation and

relatively lower oxygen supersaturation, is now beginning to
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occur to a greater extent as the oxygen supersaturation

increases with dose. This increased precipitation will lead

in turn to a still larger self-interstitial concentration as

a consequence of the strain accommodation mechanism. The

self-interstitals are mobile at the implantation temperature

and can diffuse towards the surface and into the bulk. As a

result, the self-interstitial concentration in the surface

layer should begin to increase with dose. The larger FWHM

of the strain layer peak could thus reflect this higher

self-interstitial concentration as well.

Stoemenos et al_. [114] have suggested that this

interstitial flux from the buried layer will be reduced if a

heavily damaged region exists at the interface of the buried

and surface layers. The microtwin layer in wafer A may act

as this kind of barrier thus producing a much sharper strain

layer peak than wafer B, where no microtwin layer was

formed.

These processes accelerate as the dose increases to

6xl0!7 cm'2 and the defect morphology in the surface layer

changes drastically. The layer now also contains a high

density of extrinsic Frank loops and upon annealing very few

cavities develop. Although it was not possible to calculate

any strain or stress values from the HRXRD measurements at

this dose, it can be inferred from the lower dose results

that the stresses continue to build up as the dose

increases. In a broad sense the radically altered
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microstructure at 6xl017 cm'2 is apparently due to these

strain relief processes. One might expect therefore that

the faulted loops would be shear loops, formed in response

to these stresses. However, both the analysis conducted in

this investigation and an analysis by Stomenos et ad. [114]

shows that they are Frank loops. Thus, strain relief in the

surface layer seems, again, to occur through climb

processes.

Stoemenos et al_. [114] attributed the Frank loop

formation to the presumed interstitial flux towards the

surface from precipitation in the buried layer. They argue

that the interstitals annihilate at the surface and that as

a result epitaxial growth is occurring. They then explain

the Frank loops as "growth" defects resulting from the fact

that this epitaxial growth process is occurring at too low

of a temperature to obtain good quality epitaxy.

Although this scenario could well be a contributing
factor to defect formation in the buried layer, it is an

incomplete description of the situation. First, this

mechanism does not take into account the fact that there are

very strong interstitial sinks (a dense dislocation network)

in the buried layer which would reduce the interstitial flux

to the surface. Secondly, the mechanism would predict Frank

loop nucleation directly at the surface, however,

experimentally we observe Frank loops throughout the top

1500 Á or so of the surface layer, i.e., in what was
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formerly the depth to which cavities formed. It is thus

also necessary to consider the, by now, greatly increased

concentration of oxygen interstitals in the surface layer.

The fact that very few cavities develop in the surface

layer after 900°C annealing indicates that the oxygen is no
*

longer associated with vacancies in the surface layer but

must instead occupy an interstitial position. As a result,

we can expect Si02 precipitation to begin to occur in the

surface layer. If the silicon interstitial supersaturation

is low, then this precipitation reaction can proceed to a

much greater extent than for a comparable oxygen

supersaturation in the buried layer. Thus, precipitation of

oxygen in the surface layer, rather than the buried layer,

could well be the source of interstitials for the extrinsic

Frank loops.

A rough estimate of the concentration of interstitial

oxygen in the surface layer can be obtained from a

consideration of the cavity volume fraction, x^, . For the

3xl017 cm’2 samples xv=2285 ppm, and thus upon doubling the

dose to 6xl017 cm’2, xv should also double to 4570 ppm.

Instead, xv=150 ppm for the higher dose, therefore the

approximate oxygen concentration no longer accommodated by

the cavities is xi=4570-150=4420 ppm. This is about 7

orders of magnitude larger than the equilibrium solubility

[40] at the implant temperature of 500°C. If all of this

oxygen were to produce strain-free precipitates, emitting



181

0.625 silicon interstitials per oxygen atom, the silicon

interstitial concentration would be 2762 ppm. This is an

overestimate since much of the oxygen will not precipitate

under the non-equilibrium implant conditions. A

quantitative evaluation of the number of atoms bound by

Frank loops in the surface layer of the 6xlOn cm'2

as-implanted sample yields a value of 540 ppm. Thus, the

precipitation of oxygen in the near surface region could

provide enough silicon interstitials to explain the observed

Frank loop formation.

It should be noted that precipitation of Si02 does not

always generate an interstitial supersaturation. The volume

difference between precipitate and matrix can be

accommodated either by interstitial emission or by vacancy

absorption [43,44]. When the cavities in the 3xl017 cm'2

samples filled in with Si02 after annealing at 1050°C, no

Frank loops were formed. In this case, the cavities

themselves provided a free volume for the nucleation of Si02

precipitates so that strain accommodation did not involve

such a high interstitial emission rate. In this sense, the

cavities allow for strain-free precipitation in the surface

layer.

It has often been assumed that the cavities are filled

with an equilibrium pressure of oxygen gas. However, if

this were the case, the oxygen concentration in the cavity
would be so large that the cavities could not act as a
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strain-free means of precipitating Si02. For example, a 25

Á diameter cavity containing an equilibrium pressure of 02

gas at 900°C, would contain about 1100 molecules of 02,

whereas only 90 molecules of Si02 would fit into the volume

of the cavity. Therefore, about 1000 molecules of excess 02

would be present, without a free volume in which to convert

to Si02 in a strain-free manner. It is therefore much more

likely that the cavities contain far less than an

equilibrium pressure of oxygen gas in order to account for

the strain-free precipitation behavior.

Just as precipitation does not necessarily involve

interstitial emission, likewise, interstitial emission does

not necessarily lead to Frank loops. The rate at which the

oxidation reaction takes place will determine the

interstitial emission rate. If the rate is low enough then

the interstitials can diffuse to a sink (e.g., the surface)

and a large supersaturation will not develop. As a result,

Frank loops will not form. Lee et a_l. [115] have recently

demonstrated this effect experimentally by showing that very

rapid rates of heating during the anneal, which would

provide rapid oxidation and interstitial emission rates,

result in far greater densities of Frank loops than for low

heating rates. The oxidation rate during the implant will

depend on the dose rate, so that low dose rates should

produce fewer Frank loops. Unfortunately, low dose rates

are incompatible with commercial production of SIMOX.
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Upon annealing the oxygen implanted samples at

temperatures >1050°C, there appeared to be a significant

correlation between the absence of near surface cavities and

the retention of dislocations in the surface layer. Figure

3-34 shows a plot of this correlation. The cavity volume

fraction after annealing at 900°C, 0.5 hr has been taken as

a measure of the oxygen accommodated by cavities at each

dose. Also plotted are the dislocation densities as a

function of dose in the as-implanted condition and after

various annealing stages. When near surface precipitation

was delayed by cavity formation in the 3xl017 cm'2 samples,

the 1/2<110> prismatic loops could escape to the surface.

However, when the oxygen was no longer accommodated by

cavities in the 6xl017 and 9xl017 cm'2 samples, dislocations

remained in the surface layer, apparently pinned by near

surface precipitates, even after annealing at 1300°C, 6 hr.

As a result, threading dislocations (TD's) were able to form

at a density of about 108 cm'2. This interaction between

precipitates and dislocations was also an important feature

of microstructural development in the buried layer.

In addition to pinning existing dislocations, the

precipitates also produced a high density of dislocations

through Frank loop nucleation. These can unfault at higher

temperatures through the nucleation and passage of Shockley

partials, resulting in 1/2<110> dislocations [108] . The

dislocation density in this network exceeds 1010 cm'2 in the
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Figure 3-34. Cavity volume fraction and dislocation density
as a function of dose for various sample
conditions.
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as-implanted state. As a result, interaction between

dislocations, in addition to the pinning effect of the

precipitates, can also prevent their escape to the surface.

This is consistent with the fact that many of the threading

dislocations in the high temperature annealed samples

occurred in tangles, or as dipoles, indicating that

dislocation-dislocation interactions do occur.

Once a dislocation threads from the surface to the

buried oxide layer, it cannot escape to the surface. The

only direction in which dislocation movement can occur,

either by climb or glide, is towards the edge of the wafer.

The only other means of eliminating dislocations under these

circumstances is through annihilation of pairs of

dislocations with opposite b on the same slip plane.

Obviously, not all of the dislocations will be eliminated in

this manner. Thus, once threading dislocations form, they
are quite stable.

We conclude on the basis of this investigation that the

most important factor in preventing the formation of

threading dislocations in high-dose oxygen-implanted silicon

is the control of near-surface precipitation. The

precipitates in the surface layer act as both a source of

dislocations (the Frank loops) and as a pinning site for

both pre-existing dislocations (e.g., the 1/2<110> prismatic

loops) and for 1/2<110> dislocations produced by the

unfaulting of Frank loops. The dislocation density
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generated in this manner is of sufficient magnitude that

dislocation-dislocation interactions become important, and

this is reflected in the morphology of the final threading

dislocations. The threading dislocations are quite stable

once they have formed, and annealing at high temperatures

cannot remove them. Thus, to produce low-threading-

dislocation density SIMOX it is necessary to prevent the

formation of threading dislocations, which can be

accomplished by preventing near-surface precipitation.

The concept that controlling the near-surface

precipitation process is the key to avoiding threading

dislocations is consistent with the three known conditions

that produce low TD densities in high dose implants. These

three conditions are channeling implantation at very low

dose rates and high energies [64], high-temperature

implantation [15] and multiple-implants and high-temperature

anneals [14]. The high-energy channeling implants produced

a low precipitate density in the near-surface region, high-

temperature implants cause cavity nucleation and growth,

thus delaying precipitation, while multiple implant and

anneal cycles remove all of the near-surface oxygen before

precipitation can occur. Thus, in each case, near-surface

precipitation was either delayed or avoided entirely. Each

of these methods for producing low TD SIMOX will be

considered in more detail in the next chapter, together with
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experimental results on a new method derived from the

results of this investigation.

In summary, the primary defects that form in the

surface layer are oxygen-containing cavities and 1/2<110>

prismatic extrinsic dislocation half-loops at doses <3xl017

cm'2, while Si02 precipitates and extrinsic Frank loops form

at higher doses. The cavities form as a result of an

association of lattice vacancies and oxygen atoms in the

interstitial-depleted near-surface region. These vacancy/

oxygen defects give rise to a biaxial tensile stress in the

near-surface region that is comparable to or exceeds the

yield strength of silicon. The stress state influences the

nucleation and growth of prismatic extrinsic half-loops

which presumably evolve from point-defect clusters produced

at individual displacement cascades. Upon annealing the

surface stress is reduced as the cavities first grow and

then fill in with amorphous Si02. Concurrently, the

prismatic half-loops escape to the surface and high

temperature annealing thus produces a low threading

dislocation density.

At higher doses the oxygen is not accommodated by the

cavities for the implant temperatures used here, but instead

precipitates as Si02. Self-interstitals produced as a

strain-accommodation mechanism for the precipitation

reaction condense on {111} planes, forming a high density of

extrinsic Frank loops. Upon annealing the Frank loops can
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unfault, producing perfect dislocations. However, the

dislocations cannot escape to the surface because of pinning

by the precipitates and because of dislocation-dislocation

interactions. Thus, high temperature annealing results in

threading dislocations at a density of about 10s cm'2. Once

formed, these threading dislocations are quite stable and

therefore methods for producing low-TD-density SIMOX must

rely on preventing their formation, rather than eliminating
them once they have formed. We conclude that the most

important factor in preventing TD formation is the

prevention or control of near-surface precipitation.

Methods for accomplishing this goal are considered in the

next chapter together with experimental results on a new

method derived from the results of this investigation.



CHAPTER 4
PRODUCTION OF LOW-THREADING-DISLOCATION-DENSITY SIMOX

Dislocations have a deleterious effect on the

performance of minority carrier devices such as bipolar

junction transistors due to the electrical activity of the

dislocations [11,12]. Since dislocations often form in the

surface layer of high-dose oxygen-implanted silicon, it is

of technological interest to determine how to avoid their

formation. To date, three sets of implantation conditions

have been found to produce low TD densities [14,15,63].

However, at least one of these is not commercially viable

and a second is only marginally viable. Unfortunately,

there is no clear understanding of how these methods avoid

TD formation, and it is therefore difficult to make any

improvements on them. Accordingly, one of the major goals

of this work was to develop an understanding of how

threading dislocations (TD's) form in high-dose oxygen-

implanted silicon. Knowledge of the mechanism(s) involved

in TD formation should facilitate the development or

improvement of schemes for producing low-dislocation-density
SIMOX. Accordingly, the production of low-TD-density SIMOX

is considered in this chapter from the viewpoint of the

conclusions reached in the defect formation and evolution

189
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investigation. This leads to the development of a new

method of producing low TD densities which offers several

advantages over existing methods. Finally, the implications

of these results for future work in this area are

considered.

In the previous chapter it was concluded that the

presence of near-surface precipitates was the key factor in

producing threading dislocations. Under most conditions,

the precipitates act as a source of dislocations through

self-interstitial emission during precipitate growth. The

dislocations initially take the form of Frank loops, which

can unfault upon annealing to form perfect dislocations.

The precipitates also act to pin both pre-existing

dislocations (the 1/2<110> prismatic half-loops) and the

precipitation-related dislocations, thus preventing their

escape to the surface. Experimental evidence for this

effect was observed both in the buried damage layer and in

the surface layer. When the oxygen supersaturation was too

low and the self-interstitial saturation was too high in the

buried layer, precipitation was inhibited and an extensive

dislocation network could escape to the surface. It was

also found that when the oxygen in the surface layer was

accommodated by cavities through a vacancy oxygen

association rather than as precipitates, dislocations could

escape to the surface, resulting in low TD densities. In

addition, it was found that once TD's form, they are quite
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stable, and cannot be removed by high-temperature annealing.
Thus, to produce low TD densities it is necessary to avoid

their formation through control of the precipitation process

in the near-surface region.

This scenario is consistent with the three known

implantation conditions that produce low TD densities in

high dose oxygen implants. The first of these methods

involved high-energy, (300 keV) stoichiometric-dose (~2xl018

cm'2) channeling implants at dose rates an order of

magnitude lower than those used here [63,64]. The resulting
microstructure consisted of a periodic array of oxide

precipitates in the lower part of the surface silicon layer

and only a few precipitates in the near-surface region. The

lack of dislocations in the surface layer was attributed to

the periodic array of precipitates blocking dislocations by
some unknown mechanism. On the basis of the conclusions

reached in this investigation, a more likely explanation is

simply that the lack of extensive near-surface precipitation
combined with the low rate of internal oxidation were the

key factors in preventing TD formation.

The high implant energy combined with the carefully
channeled implantation would result in a greatly reduced

oxygen concentration in the near-surface region. In

addition, the very low dose rates would provide a

correspondingly low rate of internal oxidation in the lower

part of the surface silicon layer so that an interstitial
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supersaturation would not build up. As a result no

precipitation-related dislocations (e.g., Frank loops) would

form. Annealing at high temperature would then produce a

low TD density, as observed experimentally. Thus, control

of the precipitation process in the surface layer led to a

low TD density. Unfortunately, this process is not

commercially viable because a very low dose rate implies a

very long implantation time (about 6C hours for a

stoichiometric dose implant). In addition, the process is

sensitive to dose-rate fluctuations and is thus not very-

reproducible. Finally, the high energy produces a thick

surface layer whereas a thin layer is desirable for many

applications.

The second process that has proven successful in

producing low-threading-dislocation-density SIMOX, is the

multiple implant and anneal method [14]. This procedure

involves implanting to a dose of about 3xl017 cm-2, annealing
at 1300°C for up to 6 hours, re-implanting at 3xl017 cm"2 and

re-annealing at 1300°C. These implant and anneal cycles are

carried out until the desired total dose has been obtained.

The effect of the high temperature anneals between implants
is to remove all defects from the surface silicon layer.

Since the implantation is interrupted before near-surface

precipitates can develop, any dislocations that form can

escape to the surface during the subsequent high temperature

anneal. In addition, the near-surface oxygen either joins
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the stable precipitates developing in the buried layer or

diffuses to the surface during the anneals. As a result,

the subsequent implant will not produce near-surface

precipitation either. A significant drawback of this method

of producing low-TD-density SIMOX is the many long-time,

high-temperature anneals required to produce a wafer with

sufficient oxygen to create a continuous buried oxide and

the contamination associated with this extensive wafer

handling.

On the basis of the results in the present study, it
would appear that it is not necessary to remove all defects

during the anneal cycles, but rather, simply to prevent or

delay the precipitation process in the near-surface region.

At a dose of 3xl017 cm'2, vacancy/oxygen complexes formed,

and upon annealing at 900°C, 0.5 hr these complexes grew

into larger, oxygen-containing cavities. As the dose

increased to 6xl017 cm"2, this process of developing

vacancy/oxygen complexes in the as-implanted condition broke

down, resulting in near surface precipitates and

dislocations, which developed into threading dislocations

upon annealing. These results suggest that it would be

possible to ensure cavity formation at higher doses by

interrupting the implantation process after a 3xl017 cm'2

implant, annealing at 900°C for only 30 minutes,

re-implanting to a dose of 3xl017 cm'2, and re-annealing.
This process of sequential implantation and low-temperature
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annealing could be continued until the desired total dose

was obtained. A final high-temperature anneal would then be

necessary to develop the buried oxide layer. This process

would provide a substantial savings in time and thermal

budget, and a reduction in contamination over the multiple-

implant and high-temperature anneal method described above.

As a test of this proposed multiple-implant and low-

temperature anneal method, a wafer was implanted to a dose

of 3xl 0 57 cm'2, annealed at 900°C, 0.5 hr, re-implanted at

3xl017 cm-2 and then given a final anneal at 1300°C, 6 hr to

form the buried oxide layer. The microstructure of the

wafer during the first implant and anneal cycle is shown in

Figure 4-1. After the first implant the surface layer

contains some very small cavities. Large prismatic 1/2<110>

half-loops were also observed in some areas of the sample.

Annealing at 900°C, 0.5 hr develops 20 to 60 Á diameter

cavities in the top 1200 Á of the surface layer with a

volume fraction of 2655 ppm. The half-loops remained in the

surface layer.

Upon implanting this 900°C, 0.5 hr annealed sample a

second time at a dose of 3xl017 cm"2, additional cavities

develop in the near-surface region, as shown in Figure 4-2a.

A careful study of the layer shows that a bimodal

distribution of cavities occurs. The smaller ones

apparently are the new cavity nuclei produced by the second

implantation, while the larger ones are retained from the
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Figure 4-1. XTEM micrographs showing the microstructure after
the first implant and anneal cycle,
a) After implanting at 3xl017 cm'2; b) Annealed at
900°C, 0.5 hr.
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Figure 4-2. XTEM micrographs comparing the microstructure of
the multiple-implant wafer after the second
implant to a single implant at the same total
dose.
a) After the second 3xl017 cm'2; b) A single
implant at 6x1017 cm'2.
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first implant and anneal cycle. Figure 4-2b shows the

as-implanted microstructure of a single 6xl017 cm'2 implant
for comparison with the multiple-implant sample which has

received the same total dose. The differences are quite

dramatic since the single implant contains a dense

dislocation network in the near surface region. The

difference is due to the fact that the increasing oxygen

concentration as the dose is doubled from 3xl017 cm'2 to

6xl017 cm-2 is accommodated in the one case by cavities and

in the other as Si02 precipitates.

To estimate the total oxygen concentration accommodated

by cavities after this second implant, the wafer was

annealed at 900°C, 0.5 hr. The microstructure is shown in

Figure 4-3. The cavities range in diameter from 20 to 100 Á

and continue to show a bimodal distribution, now centered at

25 Á and 60 Á in diameter. The volume fraction has

increased to 5620 ppm, which is just over twice the volume

fraction resulting from the first implant cycle. Since the

dose, and thus the oxygen concentration, has also increased

by a factor of two, it appears that the sequential implant

technique can maintain the oxygen in association with

vacancies as the total dose is incrementally increased.

The sequentially implanted wafer was given a final

anneal at 1300°C, 6 hr to develop the buried oxide layer and

to evaluate the final threading dislocation density. Figure
4-4 shows XTEM micrographs of this sample and the single
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Figure 4-3. XTEM micrograph showing the development of
cavities in the near-surface region after two
3xl017 cm-2 implant and 900°C, 0.5 hr anneal
cycles.
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Figure 4-4. XTEM micrographs comparing the multiple-implant
and single-implant samples after annealing at
1300°C, 6 hr. The total dose is 6xl017 cm'2 in
each case.

a) Multiple-implant sample; b) Single-implant
sample.
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implant 6x10-' cm'2 sample after the high-temperature anneal.

No threading dislocations were evident in the sequentially-

implanted sample, whereas they were evident in the single¬

dose sample. The defects at the interface between the

buried oxide and surface silicon layers are microtwins

resulting from the low implantation temperature.

Figure 4-5 compares representative PTEM micrographs of

the sequential- and single-implant samples. No threading

dislocations were observed in the sequentially implanted

sample and the dislocation density was estimated to be less

than about 105 cm'2. This is a substantial reduction over

the single 6xl017 cm"2 sample where the TD density was about

10® cm'2. Hence, sequential implantation and low temperature

annealing can produce low-threading-dislocation-density

SIMOX.

This result lends support to our contention that

controlling near surface precipitation is the key to

producing low-TD-density material. In this regard, it is

worth noting that the intermediate anneal temperature must

be selected carefully. For instance, annealing a 3xl017 cm'2

implant at 1050°C, 0.5 hr would result in extensive near¬

surface precipitation. Any half-loops introduced during the

subsequent re-implant might then be pinned by these

precipitates, resulting ultimately in a high threading-

dislocation density.
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Figure 4-5. PTEM micrographs comparing the multiple-implant
and single-implant samples after annealing at
1300°C, 6 hr. The total dose is 6xl017 cm"2 in
each case.

a) Multiple-implant sample; b) Single-implant
sample.
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Although only two implant/anneal cycles were used in

this demonstration experiment, the quantitative results on

cavity formation show that the process should work for

additional cycles. Specifically, the cavity volume fraction

doubled as the dose doubled indicating that the additional

oxygen introduced during the second implant was associated

with vacancies. This shows that there is no danger of the

vacancy/oxygen complexes breaking down with successive dose

steps, as occurred in the single implants as the dose

reached 6xl017 cm"2.

The fact that the as-implanted and the 900°C annealed

samples after the second cycle show a bimodal distribution

is also of interest. If the larger cavities nucleated after

the first cycle had simply grown during the second implant,

it might then have been possible to increase the dose step

in the second cycle to something greater than 3xl017 cm'2 in

order to increase the total dose obtained. However, the

bimodal distribution indicates that the second implant

simply nucleates new, small, vacancy/oxygen clusters, rather

than contributing to the growth of the existing ones. It

would appear that the mobility of the clusters is

insufficient for this growth to occur. As a result, the

dose step must probably remain at about 3xl017 cm'2 during

the multiple-implant process.

One way of improving the vacancy/oxygen clusters'

mobility during the implant is to increase the implantation
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temperature. In fact, this is the basis of the third known

condition that produces low threading dislocation densities.

El-ghor et. al.. [15] have shown that if the implantation

temperature is >600°C then cavities develop in-situ and the

dose may be increased into the 1018 cm"2 range. A final

high-temperature anneal reportedly produces dislocation

densities of about 104 cm'2 [15] . However, in practice, the

dislocation density is routinely about 106 cm"2. Some of the

difficulty here is that the implant conditions for in-situ

cavity formation are quite stringent. El-Ghor et al. [15]

noted that in analogy to void nucleation in irradiated

metals, only a narrow range of temperatures for a given scan

rate, beam current etc. will produce cavities. Our

observations indicate that even outside of this narrow

window for in-situ cavity formation, a high density of

vacancy/oxygen clusters can be attained and that low-

temperature, short-time annealing will cause them to grow.

This suggests that the stringent implant requirements for

in-situ cavity formation could be relaxed by performing

in-situ annealing during the implant. Thus, if the

conditions are not quite correct, and strain begins to build

up, a brief in-situ anneal will relieve the strain and

ensure that the cavities continue to grow. This may result

in more consistently low TD densities.

An additional problem with the high-temperature

implants that has received little attention is the quality
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of the buried oxide produced. Namavar et. al. [116] reported

that high implant temperatures produced a poor quality-

buried oxide. White et. al. [50] also reported that high

implant temperatures resulted in a high density of silicon

"islands" in the buried oxide, while Reeson et. ad. [66]

report precisely the opposite trend. If high implant

temperatures really do produce poor oxide layers then the

multiple-implant and low-temperature-anneal method using

somewhat lower implant temperatures as demonstrated above

may prove to be a better method for producing low-TD-density

SIMOX. In-situ annealing might also be used with the lower

implant temperature to further improve the wafer throughput.

In this regard, a study of the effect of rapid thermal

annealing at temperatures in the 900°C to 1050°C range on

cavity development in the surface layer would be useful.

Thus far, the effect of the implant conditions on TD

formation has been emphasized. Recent results reported by

Lee et. ad. [115] show that the heating rate during the

anneal is also quite important. By rapid thermal annealing

at 1300°C, they induced TD's in the surface layer of a high

temperature implant wafer. This is probably due to the high

rate of internal oxidation and subsequent high rate of

interstitial emission. If rapid thermal annealing at lower

temperatures were to be used as part of an in-situ annealing

process as described above, then the effect of ramp rate as
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a function of temperature is an area that requires future

work.

In summary, it has been shown that it is necessary to

control the near-surface precipitation process to avoid

threading dislocation formation. This concept, combined

with the results of the present investigation has been used

to successfully develop a new method for producing low-TD-

density SIMOX. The method involves sequential implantation

and low-temperature annealing to ensure that near-surface

oxygen is accommodated by cavities. It represents a

substantial savings in time, thermal budget and wafer

throughput over the multiple-implant and high-temperature-

anneal method as first proposed by Hill et_ ad. [14] . Further

improvements, both in this process and the high implant-

temperature process, might be achieved through in-situ

annealing at low temperatures. Further work on the effect

of heating rates and annealing time on cavity and

dislocation development is required in order to realize this

possibility.



CHAPTER 5
SUMMARY AND CONCLUSIONS

High resolution x-ray diffraction measurements

interpreted in terms of a simple and general set of

guidelines developed in this study indicate that two strain

layers exist in the as-implanted samples. A buried layer in

the vicinity of the projected range underwent a lattice

expansion and a surface layer underwent a lattice

contraction.

The primary defects that form in the buried layer are

interstitial clusters and {113} defects at doses <3xl016

cm"2, and dislocation networks, Si02 precipitates, faulted

loops on {111} planes, microtwins and multiply faulted

defects at higher doses. The interstitial clusters created

by primary ion damage give rise to a unidirectional lattice

expansion in the vicinity of the projected range. High

densities of {113} defects are also observed to form,

presumably due to the high implant temperatures. At higher

doses the point-defect clusters evolve into a considerable

dislocation network accompanied by Si02 precipitation,

microtwins and multiply faulted defects. Annealing at

intermediate temperatures (900°C to 1150°C) destroys the

unidirectional nature of the lattice expansion and produces

206
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a dislocation network at all doses. Accompanying the

precipitation reaction at intermediate temperatures are

faulted loops on {111} planes. In the absence of

appreciable precipitation around the projected range for

doses <3xl016 cm'2 , the dislocation network can escape to

the surface and annihilate upon annealing at 1300°C, 6 hr

resulting in a microstructure and strain state

indistinguishable from bulk, unimplanted silicon. In

contrast, at a dose of lxlO17 cm'2 high temperature annealing

produces stable precipitates, with dislocations running

between them. At higher doses, a more or less continuous,

planar oxide layer develops under the action of surface

energy effects.

The primary defects that form in the surface layer are

oxygen containing cavities and large prismatic 1/2<110>

extrinsic dislocation half-loops at doses <3xl017 cm'2, while

Si02 precipitates and extrinsic Frank loops form at higher

doses. The cavities form as a result of an association of

lattice vacancies and oxygen atoms in the interstitial

depleted near surface region. These vacancy/oxygen defects

give rise to a biaxial tensile stress in the near-surface

region that is comparable to or exceeds the yield strength

of silicon. The stress state influences the nucleation and

growth of prismatic extrinsic half-loops which presumably

evolve from point-defect clusters produced at individual

displacement cascades. Upon annealing, the surface stress
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is reduced while maintaining the coherent nature of the

strain layer, as cavities first grow and then fill in with

Si02. Concurrently, the prismatic half-loops escape to the

surface and high temperature annealing thus produces a low

threading dislocation density.

At higher doses, the oxygen in the surface layer is not

accommodated by cavities for the implant temperatures used

here but instead precipitates as Si02. Self-interstitials,

presumably produced as a strain accommodation mechanism for

the precipitation reaction, condense on {111} planes forming

a high density of extrinsic Frank loops. Upon annealing,

the Frank loops can unfault, producing perfect dislocations.

However, the dislocations, whether from the Frank loops or

form the large prismatic 1/2<110> loops, cannot escape to

the surface because of the pinning by the precipitates and

because of dislocation-dislocation interactions. Thus, high

temperature annealing results in threading dislocations at a

density of about 108 cm'2. Once formed these threading

dislocations are quite stable and therefore methods for

producing low-TD-density SIMOX must rely on preventing their

formation, rather than eliminating them once they have

formed. We conclude that the most important factor in

preventing TD formation is the prevention or control of

near-surface precipitation.

These results led to the development of a new

sequential implantation and low temperature annealing
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process for producing low-TD-density SIMOX. The new method

involves sequential 3xl017 cm'2 implants and 900°C, 0.5 hr

anneals designed to ensure that oxygen is accommodated by

cavities in the near-surface layer. The method successfully

produced SIMOX with a TD density less than the PTEM

detection limit of 105 cm'2, whereas a single implant to the

same total dose had a TD density of ~108 cm'2. The new

method offers several advantages over existing methods, such

as drastically reduced processing time and contamination due

to the brief, low-temperature anneals and the possibility of

producing a better quality buried oxide with the lower

implant temperatures employed in this method.

Thus, a detailed consideration of the effect of dose

and annealing temperature on the strain state and defect

microstructure of high-dose oxygen-implanted silicon has

shown that the precipitation of Si02, or lack thereof, plays

a key role in defect formation and evolution in the near

surface region and in the vicinity of the projected range.

The manner in which the oxygen is accommodated in the

lattice affects the strain state, the types and densities of

defects that form and their stability upon annealing. As a

result, the most important factor in producing low-

threading-dislocation-density SIMOX is the prevention or

control of near-surface precipitation. This can be

accomplished most economically by ensuring that the near¬

surface oxygen is accommodated by cavities using either high
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implant temperatures or the new method of sequential

implantation with low-temperature annealing. It is

recommended that future work in this area concentrate on the

possibility of increasing the dose step in the multiple

implant method and on the possibility of performing in-situ

anneals, which will require an improved knowledge of the

effect of heating rates and anneal time on the development

of cavities and dislocations.



APPENDIX
DEVELOPMENT OF GUIDELINES FOR THE INTERPRETATION OF

ROCKING CURVES FROM ION IMPLANTED SILICON

The evaluation of strain distributions of ion implanted

layers has usually been accomplished by the trial and error

matching of experimental rocking curves (RC's) with rocking

curves calculated from trial strain distributions

[82-84,90]. With the exception of Tsai et al. [90], little

attention has been focussed on the uniqueness of the strain

distribution obtained in this manner. The approach taken

here has been to systematically investigate a wide range of

possible strain distributions in order to develop some

general guidelines for the correct interpretation of the

experimental RC's. Particular attention was paid to

establishing the limitations of the technique and to the

question of whether or not the strain distribution obtained

by this trial and error method is unique. Although the

examples used in the following discussion are from the

oxygen implanted samples of this study, it is emphasized

that the conclusions generated by this investigation are

general and may be applied in the analysis of rocking curves

from any material.

As an example of the kind of diffraction effects

associated with the analysis of ion implanted samples, an

211
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experimental (004) rocking curve of the lxl0Lb cm'"

as-implanted sample is shown in Figure A-l. The RC consists

of a strong substrate peak and a number of additional peaks

at lower diffraction angle from the substrate peak. It is

not immediately obvious how to interpret these additional

peaks--do they represent diffraction peaks from a number of

different strain layers in the material, or is one of them a

diffraction peak while the others are thickness fringes? If

indeed one of them is a diffraction peak from the strain

layer, what does the position of the peak tell about the

magnitude of strain in the layer? Finally, if the strain is

inhomogeneously distributed, how precisely can the strain

distribution be specified by trial and error matching with

the experimental curve?

In order to answer these questions, the parameters of

the generic strain distribution shown in Figure A-2 were

systematically varied and RC's were calculated for each

strain distribution using the dynamical simulation program

RADS, available commercially from Bede Scientific

Instruments, Ltd., Durham, UK. The effect of changing the

strain gradients, m1 and m2, the maximum strain, emax, the

depth, D, and the width W were determined. The results

indicate that, in general, it may not be possible to obtain

a unique strain distribution by the trial and error matching

method, except in the special case of a strain layer at the

surface of the sample. Nevertheless, much valuable
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Figure A-l. Experimental (004) rocking curve of single
crystal <100> silicon implanted with lxlO16 07cm2
at 160 keV.
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information about the strain distribution can be obtained

through a simple and straightforward interpretation of the

RC's.

Figure A-3 shows calculated RC's for 700 Á thick

uniformly strained layers (m1=m2=«x’) located at the surface

(D=0 Á) and buried beneath a layer of silicon (D=3500 Á) .

The maximum strain was 4250 ppm in each case. The

interpretation of these RC's is straightforward since they

are of uniform strain layers. For the surface layer (Figure

A-3a) the strong low angle peak separated by Aco=585 arc-sec

from the substrate peak is a result of Bragg diffraction

from the strained layer. The magnitude of the strain can be

estimated from equation 2-7. The full-width at half-maximum

(FWHM) of the strain layer peak is rather broad due to the

small thickness of the layer. The additional low intensity

peak just barely evident between the substrate and strain

layer peak is a finite thickness fringe from which the

thickness of the film may be calculated according to

equation 2-8, provided the correct order of the fringe is

known.

The buried layer RC (Figure A-3b) shows several

additional features. First, a series of new thickness

fringes, spaced about 50 arc-sec apart have appeared

throughout the RC. These secondary fringes are associated

with the total thickness, i.e., silicon layer plus strain

layer, and their spacing yields a thickness of 4125±200 Á
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Figure A-3. Calculated (004) rocking curves for uniformly-
strained layers.
a) Surface layer; b) Buried layer.
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according to equation 2-8. In addition, the thickness

fringe associated with the strain layer itself has become

obscured and it would be very difficult to determine it's

location in this RC.

The calculated RC's in Figure A-3 bear little

resemblance to the experimental RC of Figure A-l because

they have been calculated for strain layers with sharp

interfaces (m^mj^oo) . In an ion implanted sample, the

strain would likely be inhomogeneously distributed over some

depth in the material, i.e., a finite gradient of strain

should exist on both sides of the maximum of the strain

distribution.

A calculated RC for a finite and symmetrical strain

gradient (m^rr^l.5 ppm/A) with D=3500 A, W=700 A and

emax=4250 ppm as in the previous graph, is shown in Figure

A-4. Clearly, this RC resembles the experimental curve

(Figure A-l) more closely. Moreover, comparison with the

uniform layer RC's of Figure A-3 indicates that the peak

furthest away from the substrate peak can be interpreted as

a Bragg diffraction peak from the strain distribution. This

Bragg peak is actually narrower than the previous peaks

because the total strain distribution is now wider. In

addition, the peak is now asymmetric, even though the strain

distribution is symmetric. The remaining peaks are

evidently thickness fringes that have become much more

pronounced, again, due to the increased total thickness of
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Figure A-4. Calculated (004) rocking curve for a symmetric,
non-uniform, buried strain distribution.
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the strain distribution. Finally, the weak undulations on

the strain layer peak appear to correspond to the thickness

fringes associated with the total thickness of the layers,

as occurred in the uniform buried layer RC (Figure A-3b).

Figure A-5a compares the calculated RC (solid line) for

an asymmetric strain distribution (1^=6.0 ppm/A and m2=2.0

ppm/A) with the symmetric distribution (dashed line) of

Figure A-4, with D, W and £max kept constant. There is

little difference between the two curves. The strain layer

diffraction peak is identical in each curve, while there are

only subtle changes in a few of the thickness fringes. The

insensitivity of the RC's to changes in the strain gradients

is further demonstrated in the RC shown in the dashed line

of Figure A-5b. This figure shows the effect of reversing

m: and m2 for an asymmetric distribution. Once again, there

are some changes in the thickness fringes but little else to

distinguish between the two curves. Since the RC's are

relatively insensitive to these variations, at least for

buried layers, any strain distribution arrived at by trial

and error matching must be considered to be questionable.

Given that the trial and error strain distributions are

likely to be suspect, it is of interest to determine what

information about the strain distribution can be obtained

directly from the experimental rocking curves. It was

suggested earlier that the lowest angle peak in the

calculated RC's shown so far represents the Bragg
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Figure A-5. Calculated (004) rocking curves of non-uniform,
buried strain distributions,
a) Comparison of RC's for symmetric and
asymmetric distributions; b) Comparison of RC's
after reversing mx and m2 for an asymmetric
distribution.
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diffraction peak from the strain distribution. The

relationship between the peak position, Aco, and the maximum

value of the trial strain distribution, emax, was

investigated by varying emax and W with D=3500 Á. The total

width of the strain distribution was held constant at 3500

Á, which means that m1 and m2 increased with increasing Emax.

For each calculated RC, Aod was measured and the strain,

Emeas, was determined from equation 2.7.

These measured strain values are plotted in Figure A-6

as a function of the actual maximum strain specified in the

trial strain distributions for various values of W. The

dotted line in this graph represents the situation where

Emeas=en,ax' i.e., where the RC correctly predicts the actual

maximum strain. The correlation appears to be very good.

Figure A-7a is a plot of the strain ratio Emax/emeaá as a

function of W and Emax for the same data. The strain ratio

approaches 1.0 except for low Emax and W values. In the

worst case considered, however, £meas is still within about

25% of Emax. Under most circumstances, the fit is much

better and can get within 2% for high W and £max values.

Also shown in Figure A-7a is a plot of the strain ratio

for a uniformly strained layer as a function of W. The

curve indicates that even for uniformly strained layers, the

rocking curves underestimate Emax when W is small. The

physical reasons for this are not clear, however, the

phenomenon is always predicted by dynamical theory and has
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for different strain plateau widths.
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been observed experimentally for AlGaAs layers grown on GaAs

for W<0.2 ^im [92,93]. The extent of underestimation appears

to be more severe in the non-uniform strain distributions.

Nevertheless, the peak position can still be used as a fair

to excellent estimate of the maximum perpendicular strain of
*

the distribution.

Rocking curve simulations for asymmetric reflections

(e.g., (115) or (044)) at glancing incidence and exit angles

yielded measured values of e± that agreed with those

obtained from the (004) symmetric rocking curves. The

values of e( obtained form the asymmetric curves were always

-0 ppm, in agreement with the value specified in the trial

strain distributions. Thus, self-consistent estimates of

both e_l and £| can be obtained from rocking curves of

inhomogeneously strained materials.

It was noted that the number of thickness fringes

between the substrate and the strain layer peaks increased

and their spacing decreased with increasing W and emax. This

data is plotted in Figure A-7b. This observation suggests

that an estimate of W can be obtained by using £meas as an

estimate of Emax, counting the number of fringes in the

experimental RC and reading off the corresponding W value

from Figure A-7b. However, the validity of this procedure

depends heavily on the form of the strain distribution and

is thus not very general.
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A related procedure might involve measuring the spacing

of the fringes and using equation 2-8 to calculate the

thickness. Part of the difficulty with this method is that

the fringes are not spaced evenly, so one obtains a number

of thickness values. These calculated thickness values were

always found to be greater than W but less than the total

width of the strain distribution. Hence, they can be used

as an upper bound estimate of W and a lower bound estimate

of the total width. However, the accuracy of these

estimates varies with the form of the strain distribution.

For instance, it was found that the spacing decreased with

increasing emax, even though the total width of the strain

distribution remained constant. As a result, it is not

clear that a general way of determining the thickness of the

strain layer directly from the experimental RC is possible.

The final parameter of the strain distribution is the

depth of the strain layer. Figure A-8 shows several in a

series of calculated RC's with D varying from 2100 to 5100 Á

for the test strain distribution used above. The primary

effect on the RC's is rather subtle. As D increases, small

"bumps" appear on the strain layer peak and to a lesser

extent on the thickness fringes. In analogy to the uniform

buried strain layer results in Figure A-3b, these "bumps"

appear to be secondary thickness fringes associated with the

total thickness of the strained and unstrained layers. The

spacing of these secondary fringes was measured and equation
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Figure A-8. Calculated (004) rocking curves showing the
effect of increasing the depth, D, of a trial
strain distribution.
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2-8 was used to calculate a thickness, tmeas. It was found

that tmeas was consistently larger than D, but smaller than

the total thickness of the layers. The best correlation was

obtained between tmeas and the depth of the bottom edge of

the maximum strain region, D0=D+W. Figure A-9 is a plot of

this correlation, from which it is seen that tmeas equals D0,

within the measurement error. Thus, it appears

theoretically possible to determine the depth of the strain

layer directly from the RC with some accuracy.

In practice, however, it is not always possible to

determine the depth in this manner. The secondary fringe

intensity damps out and the strain layer peak appears

completely smooth for large W or emax where the strain layer

peak is very narrow (FWHM<100 arc-sec). As a result, one

cannot even determine if the strain layer is buried or at

the surface when FWHM<100 arc-sec. For broader peaks, the

secondary fringes are visible and can be used as an

indication of the presence of a buried strain layer.

However, the secondary fringe intensities are still rather

weak and accurately measuring their spacing in the

statistical noise of an experimental RC may be difficult.

In summary, for buried strain layers a simple

interpretation of the RC's in terms of the theory developed

for uniformly strained layers can provide much valuable

information about the strain distribution. In particular,

the maximum strain in the distribution may be estimated with
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fair to excellent accuracy from the peak separation in the

experimental RC. In addition, the spacing of the secondary

thickness fringes provide an excellent estimate of the depth

of the strain distribution. However, the width of the

strain layer can only be crudely approximated by the spacing

of the primary thickness fringes. Finally, the asymmetry of

the strain distribution is very difficult to assess because

of the insensitivity of the RC's to this asymmetry.

The strain distributions considered so far have all

involved a positive perpendicular strain, i.e., a lattice

expansion. When negative strain values are used in the

trial distribution, the diffraction effects appear at

higher, rather than lower diffraction angle from the

substrate peak. Calculations for negative strain layers

indicated that the resulting RC's are essentially the mirror

image of the RC's for positive strains. Thus, the

conclusions generated above apply equally well to positive

or negative strain layers.

A final point to be considered is the possibility of

obtaining a unique strain distribution in the special case

of a strain layer at the surface. As discussed above, the

presence of a surface layer may be inferred from the lack of

secondary thickness fringes on the strain layer peak

provided FWHM>100 arc-sec. Under these circumstances, D=0,

1^=00 and the important variables are reduced to emax, W and

m2. The experimentally observable information is the
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position of the strain layer peak, Aa), it's FWHM and

symmetry, and the spacing, shape and relative intensities of

any primary thickness fringes.

The effect of varying the strain gradient, m2, was

investigated for a surface layer with emax=-4425 ppm and a

constant total thickness of 2000 A. A negative strain was

chosen because of it's applicability to a specific

experimental rocking curve in this study. Figure A-10 shows

several in a series of calculated RC's with m2 ranging from

°° to 2.9 ppm/A. The most obvious effect is that the strain

layer diffraction peak becomes steadily more asymmetric as

m2 decreases. The insensitivity of RC's to variations in

the strain gradients for buried layers prevented a unique

solution from being obtained. However, there appears to be

a good overall correlation between the asymmetry of the peak

and the asymmetry of the strain distribution for these

surface layers. This suggests that a unique solution may be

possible in the surface layer case.

The effect of displacing the strain distribution

slightly underneath the surface is shown in Figure A-ll.

For D>200 A, the strain layer peak becomes distorted and the

relative intensities of the thickness fringes are altered.

Thus, it should be possible to determine with some certainty

that the strain layer is indeed at the surface, or at least

within about 200-500 A of the surface, assuming the strain

layer peak is sufficiently broad, as noted earlier.
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Figure A-10. Calculated (004) rocking curves showing the
effect of decreasing m2 for a surface strain
distribution.
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Figure A-ll. Calculated (004) rocking curves showing the
effect of increasing the depth, D, of a near
surface strain layer.
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The effects of varying W and emax for an asymmetric

distribution with the total thickness of the strain layer

held constant are shown in Figure A-12. The effects are

essentially the same as those encountered with the buried

layers. Increasing W or emax leads to improved agreement

between emeas and £max/ an increase in the number and decrease

in the spacing of thickness fringes, and a decrease in the

asymmetry of the strain layer peak. The uneven spacing of

the thickness fringes yields a range of thickness values,

which provide an upper bound estimate of W and a lower bound

estimate of the total thickness. The FWHM of the strain

layer peak decreases with increasing W, but increases with

increasing emax, particularly at low values of W.

Taken collectively, these observations suggest that

only a narrow range of emax, W and m2 values will lead to a

particular rocking curve. Thus, it should be possible to

obtain a strain distribution by trial and error matching

that offers a reasonable approximation to the actual strain

distribution for near surface strain layers. A general

fitting procedure for surface layers is given below.

As a starting point, lower bound estimates of eraax and

the total thickness can be obtained from Emeas and the

thickness fringe spacing, respectively. The thickness

fringe spacing can also give a crude upper bound estimate of

W. The relative asymmetry of the strain distribution can

also be guessed from the asymmetry of the strain layer
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diffraction peak. The estimated total thickness, ttot, can

then be split into a constant strain section of width W and

a strain gradient section of width ttot-W. The strain

gradient is given by m2=Emeas/ (tcot-W) • The three variables,

emax, w and m2 can then be systematically varied around the

estimated values until the resulting calculated RC matches

the experimental one. The degree to which the calculated

and experimental curves match will likely be limited by the

patience of the investigator. However, the strain

distribution obtained in this manner should be a reasonable

approximation to the actual distribution in the sample.

In conclusion, an investigation of the effect of

varying the parameters of a generic strain distribution on

the resulting calculated x-ray rocking curves revealed that

a unique strain distribution may not, in general, be

obtainable by trial and error matching to an experimental

rocking curve. An exception to this rule occurs when the

strain layer is located at the sample surface.

Nevertheless, much valuable information about the strain

distribution can be obtained directly from the experimental

RC. A summary of this information is given in Table A-l.
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Table A-l. Information available directly from rocking curves

Feature in Rockino Curve Information Available

1. Diffraction peaks displaced
from substrate peak at
a. lower angle positive strain (i.e,lattice

expansion)
*

b. higher angle negative strain (i.e, lattice
contraction)

2. Strain layer peak
a. symmetric homogeneously strained layer

strain estimated by
e = -cot0Aco

b. asymmetric inhomogeneously strained layer
(but not necessarily an asym¬
metric strain distribution)
maximum strain estimated by
emax=-cot0Aco

3. Secondary thickness fringes
on strain layer peak
a. present buried layer, depth given by

Dc=X.sin0/Aü)sin20
unique strain distribution
not, in general, possible

b. absent
FWHM>100 arc-sec surface layer

unique strain distribution
possible

FWHMclOO arc-sec indeterminate case

requires further investigation

4. Primary thickness fringe
spacings are
a. equal homogeneously strained layer

thickness given by
t=X.sin0/Aü)sin20

b. unequal inhomogeneously strained layer
total thickness crudely
estimated by ttot>A.sin0/Aiosin20
width of maximum strain region
crudely estimated by
W<^.sin0/Ati)sin20
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