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Aeronautical jet engine applications require turbine blade materials that are light weight 

and exhibit good high-temperature mechanical properties. Single-crystal Ni-based super alloys 

are the common turbine blade materials used today. There is an interest to increase the strength-

to-weight ratio of turbine blade materials in order to improve the performance of the engines. Ti-

Al-Nb alloys based on γ+σ microstructures are light weight and have shown potential for use in 

high-temperature turbine engines. Research has shown that through the control of morphology 

and fraction of the σ and γ phases the mechanical properties of these alloys is improved. The 

design of alloys and heat-treatments requires an accurate understanding of the high-temperature 

phase equilibrium between these phases and the β-phase, from which they form. In this study the 

invariant reactions and high-temperature equilibria were investigated experimentally in the Al-

rich corner of the Ti-Al-Nb system. Through a collaborative activity, the phase diagram was 

optimized using the CALPHAD (Calculation of Phase Diagrams) method, and the results were 

compared with experimental results. 

Equilibrium was examined through evaluation of microstructure, transformation 

temperatures, composition and structure. The areas that were investigated in this study are the 
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extension of the β-phase field, the invariant reactions involving the L, γ, σ, β and L, η, σ, β 

phases, high-temperature equilibrium among L, γ, σ, β phases and the instability of the γ-phase 

upon quenching. 

The results of high temperature X-ray diffraction (HT-XRD) confirmed the expansion of 

the primary β-phase field upon solidification to higher Al contents. This finding allows the 

design of Nb-rich alloys with a high concentration of Al for high-temperature applications. The 

invariant reaction involving the L, γ, σ and η phases was found to be a ternary eutectic reaction 

through the evaluation of two alloys which cross though the invariant plane. The L, γ, σ, β 

invariant reaction cascades into the L, γ, σ, η eutectic reaction. This somewhat elusive reaction 

was found to be a ternary peritectic reaction through the evaluation of seven alloys. An 

isothermal section of the phase diagram at 1510C involving the β, γ, σ, η phases revealed that 

the γ-phase extends to higher Nb contents than previously reported and retracts by lowering the 

temperature to 1410C. The γ-phase was found to undergo a spinodal decomposition upon 

quenching from 1510C. 
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CHAPTER 1 
INTRODUCTION 

The advent of turbine engines revolutionized the aeronautical industry by serving as an 

efficient power source. Over the years turbine engines have undergone successive iterations of 

improvement focused around their power-to-weight ratio and efficiency. Among improvements 

to turbine blade and vane designs, the incorporation of better performing materials has made a 

significant impact on modern engines. The efficiency of these engines may be improved by 

increasing the firing temperature, increasing the rotational speed of the turbine as well as 

decreasing the weight of the engine [1]. This brings forth a unique set of engineering challenges 

to the material scientist, which is a dynamic area of research for the foreseeable future. 

As turbine engines are required at higher operating temperatures and rotational speeds 

there is a demand for light-weight materials with better creep properties. Ni-based superalloy 

single crystals alloys are used at present as the blade material in jet engines. In modern 

superalloys reasonable creep properties have been attained up to 0.85 of their melting point while 

maintaining mechanical properties at room temperature [2]. However, these alloys have a high 

density that increases their weight, thus limiting the rotational speed and efficiency of jet 

engines. Additionally, the engine’s maximum operating temperature is limited by the melting 

point of the blade material. These limitations provide the driving force behind the research and 

development of new turbine blade materials. 

Intermetallics show promise for use as turbine blade materials [3, 4]. This class of 

materials exhibits good elevated temperature mechanical properties combined with a low 

density. Several shortcomings have prevented their full implementation into turbine engines. In 

their current state of development they have decreased room-temperature fracture toughness 

when compared to conventional blade materials. Intermetallics based on the Ti-Al alloy system 
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show attractive properties, and have begun to be incorporated into the low-temperature section of 

modern engines. These alloys are based on a two-phase microstructure consisting of γ-TiAl 

matrix and α2-Ti3Al. Although the fracture toughness and room-temperature mechanical 

properties of γ-TiAl based alloys are acceptable, these alloys have limited service temperatures 

in comparison to Ni-based superalloys. 

Alloys based on the Ti-Al-Nb system were shown to have good properties for high 

temperature turbine blade applications [5, 6]. The alloying of γ-TiAl with Nb was shown to 

improve its mechanical properties [7, 8]. Additionally, the low ductility of the γ-phase limits 

thermomechanical processing, thus β-modified TiAl alloys were shown to improve high-

temperature formability resulting from the stabilization of the ductile BCC (body-centered cubic) 

solid-solution β-phase [9, 10]. However, the β-phase is detrimental to the material’s mechanical 

properties at elevated temperatures by increasing creep rates.  

Our research group has demonstrated that high-Nb Ti-Al based alloys that have a γ+σ 

microstructure exhibit improved high-temperature mechanical properties [11], by maintaining a 

sufficient aluminum content for high-temperature oxidation resistance [12]. The σ-phase is a 

high temperature brittle intermetallic phase. Prior studies show that optimizing γ+σ 

microstructure and morphology improve in the fracture behavior of Ti-Al-Nb alloys [13-15]. 

This was accomplished through specialized heat-treatments that disrupted the connectivity of this 

phase. In order to improve the mechanical properties of γ+σ alloys further, precise control of the 

fraction of the σ-phase is sought after. 

The collective focus of this project is to design alloys that have a high-temperature single-

phase β region for enhanced thermo-mechanical processing, as well as microstructural control to 

obtain the desired γ+σ microstructure for optimized mechanical properties. The design of such 
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alloys and their proper heat-treatments require an accurate understanding of the equilibrium 

phase diagram. Although significant work has been performed on this system, as reviewed in 

[16], there remains a lack of understanding regarding high-temperature equilibrium, which is 

essential to the design and development of alloys with optimized microstructures. The majority 

of the published studies address equilibrium up to 1200C [16]. In this complex alloy system 

multiple invariant reactions cascade into each other, and there are strongly temperature-

dependent solubility limits. Therefore, in order to predict the high-temperature equilibrium better 

an experimental assessment of the relevant regions was required. 

The objective of this study was to measure equilibrium parameters accurately and verify 

the calculated phase diagrams at high temperatures where sparse data are available. The 

optimization of the phase diagram was performed in a collaborated effort using the CALPHAD 

method [17]. CALPHAD, or Calculation of Phase Diagrams, links physical data attained 

experimentally and/or from first principles calculations with thermodynamic models. The 

adjustable parameters of these models are optimized based on the available experimental data. 

Three main types of data were measured in the regions of interest. These data types consist of 

descriptions of single-phase equilibria and the associated transformation temperatures, multi-

phase equilibrium and the invariant reactions involving the liquid phase. The experimental 

methodology consists of differential thermal analysis (DTA) in conjunction with detailed 

microstructural analysis of the as-cast as well as heat-treated samples. Heat-treatments were 

mostly conducted in a specialized furnace with drop quenching capabilities. On select materials 

where phase transformations could not be suppressed by water quenching, high temperature X-

ray diffraction (HT-XRD) was employed to investigate high-temperature equilibrium.  
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In Chapter 4 the extension of the primary β-phase field is addressed, and it is determined 

that prior phase diagrams did not accurately predict high-temperature equilibrium in the region 

of interest. Through the use of thermal analysis and the development of specialized high 

temperature X-ray diffraction equipment it was determined that the L/β/γ bivariant equilibria 

should be adjusted. The bivariant equilibrium lines are connected to each other at a point on the 

invariant plane. This led us to address the invariant reactions relevant to the high Al region of the 

phase diagram, which is of interest for high-temperature alloy design. 

The relationship between the γ+σ two-phase region and how the γ+σ+η three-phase region 

evolves from the liquid phase through its invariant reaction were the motivation behind the study 

reported in Chapter 5. The invariant reactions dictate the formation of solid-phase equilibrium 

from the liquid and are represented by the reacting three-phase tie-triangles. The sides of two 

three-phase tie-triangles (γ+σ+η and γ+σ+β) are connected by the γ+σ two-phase region that is 

of prime interest. The η-phase extends from the Al corner of the ternary system and exists in 

both the Ti-Al and Nb-Al binaries. The invariant reaction was examined by thermal and 

microstructural analysis of the as-cast and heat-treated materials. 

In Chapter 6 the invariant reaction involving the L, γ, σ, β phases, which dictates how the 

(L, γ, σ), (L, σ, β) and (L, γ, β) bivariant equilibrium lines evolve, and, most importantly, 

identifies the reaction from which the (β, γ, σ) tie-triangle develops, is discussed. The location of 

this invariant reaction is key to the development of alloys that solidify as the β-phase and 

precipitate out the γ and σ at lower temperatures. Essentially this solid-state reaction divides 

alloys that solidify as primary β, σ or γ and dictates the initial location of the (β, γ, σ) tie-

triangle.  
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During the examination of the L, γ, σ, η invariant reaction a significant retraction of the γ-

phase field was observed between the temperatures of 1510C and 1410C. This inspired further 

investigation of the high-temperature equilibrium among the γ, σ, β phases at 1510C. At this 

temperature the γ-phase was noticed to extend furthest into the Nb corner of the ternary phase 

diagram. A series of alloys were heat-treated and characterized in order to develop a 1510C 

isothermal section, which is discussed in Chapter 7. Upon quenching of the γ-phase from 1510C 

a solid state transformation was observed. This solid state transformation did not occur in 

samples quenched from 1410C therefore it is associated with the retraction of the γ-phase 

between the temperatures of 1510C and 1410C. The instability of the γ-phase during quenching 

was further investigated and discussed in Chapter 8. 
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CHAPTER 2 
BACKGROUND 

2.1  Important Phases in the Ti-Al-Nb Alloy System 

The goal of this study is to provide an accurate assessment of high-temperature equilibrium 

in the Ti-Al-Nb alloy system in support of the development of σ+γ phase alloys. Several 

equilibrium and metastable phases with ternary extension within this system are important for 

the development of such alloys. The important equilibrium phases are the β, σ, γ and η phases 

along with the non-equilibrium Ο and h phases. A crystal structure summary of these phases are 

given in Table 2-1. Each phase is also discussed in further detail in this chapter. 

Table 2-1 Important phases in the Ti-Al-Nb system and their structural data 

Phase System Prototype 
Space 
Group reference 

β Cubic W Im-3m [18] 
O Orthorhombic NaHg Cmcm [19] 
γ Tetragonal AuCu P4/mmm [20] 
h Orthorhombic ZrGa2 Cmmm [21] 
σ Tetragonal sCrFe P42/mnm [22] 
η Tetragonal Al3Ti I4/mmm [23] 

 

The β-phase is a BCC phase that extends from across the Ti-Nb binary and Ti side of the 

Ti-Al binary into the ternary system. This phase has received significant attention within our 

group and recently in the literature due to its ductile nature. The incorporation of this phase in γ-

based Ti-Al-Nb alloys enhances the forgeability of these alloys [9, 10]. Our work seeks to 

process materials within this phase field and precipitate out the desired microstructure from it. 

The β-phase undergoes an ordering transformation within the ternary system forming a B2 or 

CsCl structure that is associated with a decrease in ductility. The B2 structure has been shown to 

form in the Nb-Al binary within the composition range of 13.5-16.9 Al at% [24] from which it 

extends into the ternary system [25]. Based on available structural data [23], a lattice model for 
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this structure is generated and is shown in Figure 2-1 for the binary Ti-Al. The high temperature 

BCC β-phase undergoes a shear transformation to a metastable orthorhombic phase (O-phase) 

[19]. This phase is often found within the β-phase in materials that are rapidly cooled into the β-

phase phase field [26-38]. 

The γ-phase has received significant attention since the 1980’s due to its good combination 

of mechanical properties and low density. The majority of the research is based on γ+α2 alloys. 

The a2 Ti3Al phase is used as a second phases strengthener in this class of alloys. The γ-phase 

also known as the TiAl phase, has an L10 structure. This phase extends from the binary well into 

the ternary phase diagram. A lattice model of this phase is generated based on the available 

structural data [39-41] and is shown in Figure 2-2a. The solubility range for off-stoichiometric 

compositions extends to the Al-rich side of TiAl at high temperatures. A metastable 

orthorhombic phase (Al2Ti) has been shown to form when off-stoichiometric γ-phase is rapidly 

cooled [21, 42-44]. A lattice model shown in Figure 2-2b is generated here based on structural 

data available in the literature. The Al2Ti structure is a super lattice that forms by the ordering of 

the Al atoms on the (100) and (002) planes of the TiAl L10 structure, thus, its lattice parameter is 

inherent to that of parent γ-phase. 

A double ordering of high Nb-containing γ-phase has been discussed in the literature, 

although this is still a topic of much debate. Initial investigations showed that this phase is a 

stable equilibrium phase that exists only in the ternary system, and has a wide range of solubility 

near the stoichiometric formula Ti4Nb3Al9 [45-47]. Independent studies argued that this ternary 

phase is not an equilibrium phase, and, in fact, does not exist in the ternary phase diagram [48]. 

A separate series of studies has also confirmed this phase’s existence [49, 50]. Currently this area 

remains under investigation, as it has implications in the phase diagrams at 1200C and below. 
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The σ-phase is a complex tetragonal structure that contains over 30 atoms in its unit cell. It 

has been viewed as a topologically closed-packed structure similar to a distorted hexagonal 

closed-packed lattice [41]. A lattice model of this phase is shown in Figure 2-3 [22, 41, 51]. This 

phase exists in the Nb-Al binary and extend well into the ternary phase diagram. It forms in the 

binary system through a peritectic reaction with the β-phase at 1940C [52]. This intermetallic 

phase is hard and brittle, and therefore it has been generally avoided in Ti-Al alloys. Its high 

melting point has inspired some interest in incorporating the σ-phase in TiAl as a second phase 

in order to improve the high temperature mechanical properties. Ti-Al-Nb alloys based on σ+γ 

microstructures have shown promise within our group for high-temperature applications [11, 15]. 

These microstructures have shown improved creep life over TiAl-based alloys.  

The η-phase is a tetragonal phase that exists on the Al-rich sides of the Nb-Al and Al-Ti 

binaries, and extends into the Al-rich corner of the ternary. This phase is brittle with a low 

melting point, however, it remains of interest due to its interaction with the L, σ and γ phases 

though an invariant reaction. A lattice model of the η-phase is shown in Figure 2-4 [23]. The 

lattice models shown here are used for structure-factor calculations and the subsequent 

simulation of single crystal and powder diffraction patterns. 

2.2  Liquidus Surfaces 

The liquidus surfaces and the representative liquidus projections have been successively 

modified over the years based mostly on fairly limited experimental evaluations of as-cast 

materials. The melting point and as-cast microstructures were analyzed for clues retained from 

the liquid/solid interactions [23, 53-55]. These data have been used to optimize several phase 

diagrams, from which liquidus projections have been reported [18, 56]. A critical reevaluation of 

the Ti-Al-Nb system was performed in [16], which included a redrawing of the bivariant 
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equilibrium lines. In this section, the experimental and computational liquidus projections 

considered in this study are discussed.  

Focusing on the development of σ+γ alloys, our main interest is among the L, γ, σ and β 

phases. These phases are involved in two important interconnected reactions, namely the (L, 

γ, σ, β) and (L, γ, σ, η) invariant reactions. These invariant reactions define the extent of the 

adjacent liquidus surfaces and are connected by the bivariant equilibrium lines. The first 

experimental evaluations of the liquidus projections were reported independently by Kaltenbach 

et al. [53] and later Perepezko et al. [57]. The as-cast microstructures reported in these 

examinations of alloys ranging across the ternary system were examined. A liquidus projection 

was generated based on the analysis of alloys near the invariant reactions. The slope of the 

liquidus surfaces is determined by thermal analysis, which is shown in Figure 2-5a [57]. It was 

determined in this study that the two invariant reactions involving the (L, γ, σ, η, β) phases 

consist of a transition reaction (L+η→σ+γ) which cascades into a second transition reaction 

(L+σ→β+γ). Based on the work of Kaltenbach et al. [53] and in collaboration with Perepezko 

along with unpublished work, Kattner and Boettinger made the first published thermodynamic 

calculation of this system’s phase diagram [56]. The liquidus projection from this assessment, 

shown in Figure 2-5b, disagreed with the transition reaction (L+η→σ+γ) as well as the second 

transition reaction. A maxima was calculated in the L, β and γ and L, β and γ bivariant 

equilibrium lines that resulted in the computation of two adjacent ternary eutectic reactions 

among the (L, γ, σ, β) and (L, γ, σ, η) phases. 

A reinvestigation was performed by Zdziobek et al. [55] that addressed the invariant 

reaction and bivariant equilibrium based the pyrometric measurements of the melting point of as-

cast samples. In this study he used the melting points of a series of alloys to develop the slope of 
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the liquidus surface, thus attaining possible invariant reaction type and location. Within this 

study Zdziobek generated the experimental liquidus projection shown in Figure 2-6a [55]. 

Similar to the work of Perepezko et al. [57] he determined that the liquid undergoes two 

consecutive transition reactions that are the (L+η→σ+γ) reaction, which cascades into the (L+σ-

>β+γ) reaction.  

Servant and Ansara also published a thermodynamic assessment of the phase diagram in 

1998 based on the available literature [18]. A liquidus projection based on their database was 

calculated, and is shown in Figure 2-6b. Similar to the calculations of Kattner and Boettinger, 

Servant and Ansara found a maximum in the L, β and γ bivariant equilibrium line, however, this 

line connects to a different invariant reaction. They calculated that the liquid reacts with the β 

phase through a transition reaction that forms the σ+γ phases. The invariant reaction then 

connects into a eutectic reaction between the L, γ, σ, η phases. 

Leonard et al. [54] experimentally reinvestigated the liquidus projection reported by 

Zdziobek et al. [55]. The two transition reactions were in general agreement, although Leonard’s 

work did not focus on the invariant reactions. Rather his work focused on the two bivariant 

equilibrium lines (L, β, σ), (L, β, δ) involving the L, β, σ, δ phases. Leonard examined the as-

cast microstructures of several alloys along these bivariant lines. It was determined that both of 

these bivariant equilibrium lines should be moved closer toward Nb-Al side of the ternary phase 

diagram as shown in Figure 2-7a [54]. Based on the results in Zdziobek et al. [55] and Leonard et 

al. [54], Raghavan redrew the liquidus projection to match the binary phase diagrams and 

included the extension of the β-phase into the prior δ and σ primary phase regions [16]. 

Raghavan’s liquidus projection is shown in Figure 2-7b which also agrees with the two transition 

reactions involving the (L, γ, σ, η, β) phases. 
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In summary several discrepancies were found among the two invariant reactions involving 

the (L, σ, η, γ) and (L, γ, σ, η) phases. The reaction class and composition were found to be 

inconsistent. With the exception of the study in Perepezko et al. [57], where the L, γ, σ, η was 

studied, the experimental investigations reviewed here did not directly target the invariant 

reactions. These studies mostly focused on the contours of the liquidus surfaces to determine the 

possible reaction class and composition. These data were used to optimize the liquidus surfaces 

and high-temperature equilibrium in the Ti-Al-Nb phase diagram. 

2.3  Isothermal Sections 

There has been significant work on complete isothermal sections at 1200C and below [25, 

53, 55, 57]. Independent phase fields and multi-phase stability have also been investigated 

significantly [10, 58-66]. An isothermal section by Hellwig et al. is shown in Figure 2-8 taken 

from reference [25]. The majority of the isothermal sections published are in agreement, 

although there is series of papers on a disputed γ1 single-phase field. Chen et al, has reported an 

extended solubility range of the γ1 phase, which is shown in Figure 2-8b [47]. The γ1 phase, 

however, is under current investigation and several comments and replies have been published 

that disagree whether this is a true equilibrium phase or a metastable phase [46, 47]. In 2005, 

Chen et al. demonstrated the existence of this phase, although the solubility range and relevance 

of this phase in the equilibrium phase diagram is still not well established [45]. 

Limited experimental data have been published in isothermal sections above 1200C. Chen 

et al. investigated heat-treated alloy in order to determine equilibrium at 1400C [46, 47]. The 

majority of these alloys existed in the single-phase fields at the equilibrating temperatures. The 

samples were sealed in quartz tubes during the heat-treatment at 1400C, a temperature at which 

reactions between the quartz and sample is possible. The author discussed a relatively large 
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environmentally affected zone that was removed. A series of liquid-phase diffusion couples were 

investigated in order to determine the multi-phase equilibrium regions. These were combined in 

order to generate the phase diagram shown in Figure 2-9. 

2.4  Invariant Reactions  

The Ti-Al-Nb ternary alloy system has a complex phase diagram with several 

interconnected ternary invariant reactions with the liquid phase. These invariant reactions are 

connected by the bivariant equilibrium lines involving the liquid. The convention set by Rhines 

is used in this work, which defines valleys formed by adjacent liquidus surfaces as a bivariant 

equilibria [67]. Recently in the literature the bivariant equilibria are called univariant equilibria, 

based on the assumption that pressure is fixed. The difference between the terms is, in reality, 

semantic. In the current study the author will use the term “bivariant equilibria”. The 

solidification path an alloy takes is dependent on the composition of the alloy relative to the 

invariant reaction, and on the rate at which the alloy solidifies. Two solidification models are 

applied in order to link the equilibrium phase diagram with the observed solidification path. The 

first model is based on direct interpretation of the equilibrium phase diagram. This model best 

fits infinitely slow cooling rates, where the phases present in the microstructure at any 

temperature are directly “read off” the equilibrium phase diagram. At non-equilibrium cooling 

rates, an application of the Gulliver-Scheil solidification model is applied. In this model it is 

assumed that diffusion rates are infinite in the liquid and non-existent in the solid [68, 69]. 

Although Scheil was the first to demonstrate the application of his model to linear phase 

diagrams [69], Gulliver’s derivation preceded [68], therefore the model is called the Gulliver-

Scheil model [70]. A modification of the Gulliver-Scheil model allows for some back diffusion 

in the solid during solidification. This modification best predicts the solidification of as-cast 

materials, therefore it is also employed here. The equilibrium “lever law” and Gulliver-Scheil 
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models are the extreme limits, and the addition of “back diffusion” through the solid essentially 

bridges the gap between these limits. 

2.4.1  Ternary Peritectic 

Ternary peritectics are seldom found in metallic systems. This reaction consists of a liquid 

and two solid phases reacting isothermally to form a third solid phase. A classic example of a 

theoretical simple ternary peritectic was conceptualized and reported by Rhines [67]. His phase 

diagram was based on thermodynamic laws and not on a particular observed system. The ternary 

phase diagram as he presented it is shown in Figure 2-10. 

The two solidification models are applied to a hypothetical alloy within this phase 

diagram. The equilibrium cooling path of a hypothetical alloy composition is marked directly on 

Figure 2-10 with a red solid line, whereas the related non-equilibrium cooling path is marked 

with a blue dotted line. In the case of equilibrium cooling, this alloy would solidify as primary 

L+β followed by L+β+α. Upon reaching the invariant plane, the liquid phase will react with all 

of the α-phase and part of the β-phase to form the γ-phase. In reality, the formation of the γ-

phase will obstruct the liquid’s ability to react with the β and α phases “peritectic walling”, thus 

preventing the peritectic reaction from reaching completion. 

Under non-equilibrium cooling following the Gulliver-Scheil model the solidification 

paths is significantly different. Mainly, this model is based on the fact that one always has local 

equilibrium at the interface, and any solid that forms does not change in composition. In Figure 

2-10 the blue dotted line shows the non-equilibrium cooling path. This alloy will solidify as 

cored primary β, which remains unchanged thoughout the solidification path. Next to solidify are 

the α and β phases, which form together while the liquids composition follows the path 

delineated by the dotted line along the bivariant equilibrium troughs on Figure 2-10. Finally 
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upon reaching the invariant plane, the α and β phases cease to form, and the γ-phase forms 

directly from the liquid. A key difference between this solidification path and the equilibrium 

path is the fact that the γ-phase forms directly from the liquid without interaction with the prior α 

and β phases. Additionally, any solids formed during solidification are predicted to be retained in 

the microstructure, unchanged in composition, essentially forming a cored structure. In the case 

where back diffusion has occurred within the solid, it is predicted that the γ-phase grows from 

the liquid as well as partially consumes the adjacent α and β phases. 

There are limited examples available of ternary peritectic reactions in metallic systems. An 

example of a high temperature ternary peritectic reaction in the Ni-Al-Ta system was reported by 

Johnson and Oliver [71]. The solidification path of an alloy within this system was found to 

occur by the simultaneous growth of two phases, namely the NiAl and NiAlTa phases. The third 

peritectic phase Ni2AlTa forms within the interdendritic region between the coupled growth 

microstructure of the two primaries. An SEM micrograph taken from [71] is shown in Figure 2-

11. This micrograph shows a lamellar structure consisting of the NiAl and NiAlTa 

microconstituents, with the Ni2AlTa phase located in the region adjacent to them. 

2.4.2  Ternary Eutectic 

A similar treatment is conducted on a hypothetical ternary eutectic reaction. In this case 

however an alloy composition that does not cross though the invariant plane is selected. The 

composition of this alloy on a hypothetical ternary eutectic taken from Rhines [67] is shown in 

Figure 2-12 and is marked with a solid red line. The first phase to solidify under equilibrium is 

the β-phase, followed by the β and γ phases growing simultaneously from the liquid. Finally, a 

β+γ microstructure forms, since this alloy never crosses through the invariant plane. Under non-

equilibrium cooling, the solidification path is significantly different, as is shown in Figure 2-12. 
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Again a dotted line represents the compositional path of the liquid phase during non-equilibrium 

solidification. The Gulliver-Scheil model shows that this alloy will solidify as primary β. In 

contrast to the equilibrium solidification, the liquid’s composition will drift into the bivariant 

equilibrium with the β and α phases, where these phases begin to form together. The liquid’s 

composition will fall into the invariant reaction point and, finally, the last remaining liquid will 

solidify through the eutectic reaction. In this case, although the equilibrium solidification path 

misses the invariant plane all together, during non-equilibrium cooling the liquid composition 

passes through the invariant point. 

2.5  Interpretation of DTA Data for Ternary Alloys 

The analysis of DTA data pertaining to the solidification of ternary alloys is best 

interpreted with an understanding of the associated bivariant equilibria and invariant reactions. 

As ternary alloys solidify, the nucleation and growth of phases has an associated heat-evolution. 

The DTA response is mainly dependent on the heat capacity of the material and the enthalpy of 

formation of the solid phases. Nucleation events are seen as inflection points and subsequent 

changes in curvature. Invariant reactions that occur isothermally are seen as peaks, which are 

smeared across the temperature axis due to transformation kinetics and the instrument’s thermal 

lag. Thermal lag is discussed in Chapter 3. Two examples of a DTA’s response to the 

solidification of ternary alloys are described in a NIST special publication by Boettinger et al 

[72]. These examples are discussed here and are used in the analysis throughout this work. 

These examples are based on the non-equilibrium solidification of two alloys within the 

Al-Cu-Fe ternary alloy system. A liquidus projection of the composition range pertinent to the 

solidification of these two alloys is shown in Figure 2-13. The invariant reactions in this region 

are marked alphabetically (A-E). The invariant reactions that these two alloys cross through 
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during solidification are a ternary transition reaction marked with a D, which cascades into a 

ternary eutectic reaction marked with an E. These reactions are connected by the L, α, FCC 

bivariant equilibria line.  

The 1st alloy discussed here is marked with a 1 on Figure 2-13. This alloy is predicted to 

solidify through the following solidification path. 

L→FCC 

L→FCC+β 

L→FCC+β+θ 

Alloy 1 solidifies with a formation of a primary phase (FCC) followed by the solidification 

of the primary and the β-phase together. This occurs when the composition of the liquid drifts 

into the bivariant equilibrium line as shown in Figure 2-13. The liquid composition continually 

follows the bivariant equilibria line while forming the FCC and β phases together, until it finally 

reachs the invariant point. At the invariant point, the remaining liquid forms the FCC, β and θ 

phases together through the eutectic reaction. 

A DTA curve representative of alloy 1’s solidification was simulated in [72] using the 

thermodynamic parameters (heat capacity and enthalpy data) for this system and reproduced in 

Figure 2-14. Three inflection points are seen on this curve. The first inflection point corresponds 

to the liquidus surface, whereas the second point corresponds to the FCC and β phase forming 

together. Finally, the last inflection point corresponds to the invariant reaction. The invariant 

reaction in this case is a ternary eutectic reaction. This reaction occurs isothermally, which is 

represented by a narrow and sharp peak. Due to the thermal lag of the instrument, however, this 

reaction is spread across a temperature range. 
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The 2nd alloy marked with a 2 solidifies through two invariant reactions. This alloy first 

crosses though the ternary transition reaction at point D, before finally reaching the eutectic 

reaction at point E. The solidification path of this alloy is as follows: 

L→FCC 

L→FCC+α 

L→FCC+β 

L→FCC+β+θ 

This alloy differs in that as it crosses through the transition reaction the growth of the FCC 

and α phases ceases and the FCC and β phases begin to form. This occurs when the liquid’s 

composition crosses from the L, FCC, α bivariant equilibria to the L, FCC, β bivariant equilibria. 

Similar to alloy 1, the remaining liquid finally crosses through the ternary eutectic reaction. 

A DTA curve is simulated by once again using the thermodynamic parameters for this 

system, and is shown in Figure 2-15. Two main features are of interest in this curve and how it 

relates to the invariant reactions. The first is the fact that although the transition reaction is an 

isothermal reaction among four phases, it reveals itself as a subtle change in slope. This is due to 

the fact that during non-equilibrium cooling the transition reaction manifests itself as a switching 

between the two primary phases that form together from the liquid. Thus, the DTA only 

measures a change in slope due to differences in the heat capacity and enthalpy of formation 

among these phases. Further cooling of this alloy forces the liquid to cross through the ternary 

eutectic plane, resulting in a sharp peak. In the current study, the DTA data were analyzed using 

a methodology parallel to the one set forth by Boettinger et al. [72]. Further details of the 

analysis are discussed in the associated sections where thermal data are presented. 
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2.6  Outstanding Questions 

Our work is primarily interested in the stability of the β-phase at high-temperatures and the 

interrelationship between this phase and the σ and γ phases. Literature review brings forward a 

number of outstanding questions pertaining to this region in the high temperature equilibrium 

phase diagram. The literature revealed that the extent of the β-phase was not well known. This 

was due mostly to the experimental difficulties in the examination of high temperature 

equilibrium. Secondly, the invariant reactions between the (L, β, γ, σ) and (L, σ, γ, η) are not 

well understood. These two areas where significant controversies exist are critical in the 

assessment of the Ti-Al-Nb phase diagram in particular for its application in the development of 

σ+γ alloys.  
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Figure 2-1 A lattice model of the B2 structure based on crystallographic data reported in [18]. 
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Figure 2-2 A lattice model of a) the γ-phase [20] and b) the h-phase [21]. 
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Figure 2-3 A lattice model of the σ-phase based on crystallographic data reported in [22]. 
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Figure 2-4 A lattice model of the η-phase based on crystallographic data reported in [23]. 
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Figure 2-5 Liquidus projections by a) Perepezko et al (1990). [57] and b) Kattner and Boettinger (1992) [56]. 
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Figure 2-6 Liquidus projections by a) Zdziobek et al. (1995) [55] and b) Servant and Ansara (1998) [18]. 
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Figure 2-7 Liquidus projections by a) Leonard et al. (2000) [54] and b) Raghavan (2005) [16]. 
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Figure 2-8 Isothermal sections at a) 1200C by Hellwig et al. (1998) [25] and b) 1150C by Chen et al. (1996) [47]. 
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Figure 2-9 Isothermal sections at 1400C by Chen et al. (1996) [47]. 
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Figure 2-10 Hypothetical ternary peritectic phase diagram taken from Rhines (1956) [67] marked 
with a theoretical non-equilibrium solidification path. 
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Figure 2-11 SEM micrographs showing a reported ternary peritectic reaction in the Ni-Al-Ta 
alloy system [71]. 
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Figure 2-12 Hypothetical ternary eutectic phase diagram taken from Rhines (1956) [67] marked 
with a theoretical non-equilibrium solidification path. 
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Figure 2-13 Calculated liquidus projection of the Al-Cu-Fe alloy system showing the 
solidification path of two alloys through a ternary transition reaction and a ternary 
eutectic reaction [72]. 

 



 

51 

 

Figure 2-14 Calculated DTA response of the solidification of alloy 1 through the liquidus and 
ternary eutectic reaction [72]. 

 

Figure 2-15 Calculated DTA response of the solidification of alloy 2 through the liquidus, 
ternary transition reaction and finally through the ternary eutectic reaction [72]. 
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CHAPTER 3 
EXPERIMENTAL 

3.1  Alloy Preparation 

All experimental alloys were produced by non-consumable arc melting (tungsten 

electrode) of high-purity starting components (Ti, Al, Nb) (99.99at% purity) using a water-

cooled copper crucible in a gettered ultra high-purity argon atmosphere. The chamber was 

evacuated and backfilled with argon at least 3 times, upon which the final fill was allowed to 

continuously exhaust gas through a >1 atm relief valve, thus ensuring a slight positive pressure 

throughout the duration of the melting procedure. Due to the substantial differences in density 

and melting points among the starting materials, it was difficult to melt the approximately 5 gram 

buttons completely in one step. Consequently, the buttons were turned over and remelted 4-6 

times in an attempt to insure homogeneity. Prior to each melt, the chamber was gettered by 

melting approximately 1 gram of Ti. The Ti was inspected for surface oxides after each melt in 

order to verify that no gross oxidation had occurred. 

3.2  Thermal Analysis 

A Setaram Setsys Evolution 1750 equipped with a DSC 1600 sensor was used for thermal 

analysis. Solid state transformation temperatures as well as solidus and liquidus temperatures 

were measured by a DTA technique. Although a DSC style sensor was used, at high 

temperatures the capabilities of this sensor to measure heat-flow are limited due to heat transfer 

by radiation to and from the sample. Therefore this sensor was used in “DTA mode”. In a DTA 

the sample and the reference are placed in a temperature-controlled environment (furnace) 

surrounded by a gas called the “carrier gas”. The function of this gas is to assist the transfer of 

heat to and from the sample, and in the present study, provided a shielding atmosphere. As the 

temperature of the furnace is changed, heat is transferred to and from the sample and reference. 
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Due to the heat capacity differences and thermal events associated with transformations a 

temperature difference develops between the sample and the reference. This signal is measured 

as a function of the sample’s temperature. 

A schematic taken from Flemings [73], which is representative of the system used here, is 

shown in Figure 3-1a. Several main heat flow contributions are relevant to this work. In every 

system the transfer of heat flow into the sample and reference by radiation and the carrier gas are 

critical. The latter is controlled by the thermal conductivity of the carrier gas. A second major 

contribution is the heat flow between the sample and reference through the heat flow plate. This 

is referred to as “cross talk” between the sample and reference. 

There are two main considerations in the design and interpretation of DTA experiments. 

The first is the sensitivity, which is directly proportional to the temperature difference that 

develops between the sample and reference. The second is the temperature resolution, which is 

linked to the thermal lag, or time required to transfer heat between the sample and reference. 

Thermal lag and the sensitivity are mutually exclusive. In the extreme case where there is no 

thermal lag, the sample and reference would not develop a temperature difference, therefore 

sensitivity is not possible. Conversely, in the case where the thermal lag is large, heat transfer 

from the furnace is sluggish and magnifies the temperature difference causing an increase in 

sensitivity. In the study discussed here, an accurate measurement of the temperatures at which 

thermal events occur is sought after. Therefore, a compromise in sensitivity is acceptable in order 

to maximize the temperature resolution of the measurements.  

In practice, it is common to model thermal analysis equipment with equivalent electrical 

circuits for the purpose of making calculations and simulations. In this type of model, 

temperature is equivalent to voltage and heat flow is equivalent to current. An equivalent circuit 
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for the system described above was generated using the Pspice software package. A schematic of 

this system is shown in Figure 3-1b, where the thermal conduction between the gas and sample is 

modeled by the resistors (Rsample and Rreference). Thermal conduction between the sample and 

reference is labeled as RcrossTalk. The heat capacities of the sample and reference are modeled by 

capacitors Csample and Creference, whereas the furnace temperature or voltage is supplied by a 

programmable voltage source. The equivalent temperature of the sample, reference and furnace 

are measured by marked voltage leads.  

Two simulations were run on Pspice in order to investigate the effects of varying the 

thermal conductivity between the furnace and both the sample and reference. Both of these are 

controlled by the selection of the carrier gas. Investigations of this effect were accomplished by 

varying the resistance values related to conduction between the furnace and the sample and 

reference (Rsample and Rreference) in each simulation by the same amount. For the first simulation, a 

value of 10K was used for both Rsample and Rreference and for the second simulation the value was 

changed to 1K. The 10K resistance was used to model the low conductivity gas and the 1K to 

model the high conductivity gas.  

The furnace in this simulation was ramped up at a constant rate and the difference between 

the sample and reference was measured as a function of time. The results of the simulations are 

shown in Figure 3-2. The red curve represents the furnace temperature, whereas the two dashed 

curves (grey and blue) represent the temperature difference between the sample and reference for 

each simulation. The blue curve shows the temperature difference that develops when using a 

high conductivity carrier gas, and the grey curve represents it for the low-conductivity carrier 

gas. Comparison of the curves associated with the high-conductivity and low-conductivity gases 

reveals that a high-conductivity gas results in higher temporal resolution. This is evident from 
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the fact that the high-conductivity gas develops a greater temperature difference at the beginning 

of ramping the furnace. For the low-conductivity gas, the temperature difference surpasses the 

other gas after 23 seconds, demonstrating that the low-conductivity gas yields a higher 

sensitivity. 

He and Ar gases were considered as possible candidates in this study. The thermal 

conductivities are 0.1513  W m-1 K-1 for He, and 0.01772  W m-1 K-1 for Ar . There is nearly an 

order of magnitude difference between them, which will directly affect the temperature 

difference that develops between the sample and the reference, as well as the thermal lag of the 

instrument. Based on the objective of maximizing the temperature resolution of the instrument at 

the expense of some sensitivity, ultra high-purity He gas was selected for all measurements. 

High-temperature calibrations (temperature correction) were performed by melting three 

pure elements at three heating rates. The elements used were high purity Al, Cu and Ni. Standard 

pure Cu and Ni were purchased from NIST, whereas the pure Al was purchased from Alfa Aesar. 

The samples were placed in alumina crucibles with alumina caps. The standard materials were 

each heated at 20 K/min to 50C above the melting temperature and held isothermally for 5 min. 

The samples were then cooled to 150C below the melting temperature, thus allowing them to 

solidify against the crucible and ensure a good thermal contact between the standard material and 

the crucible. The samples were heated at scan rates of 10, 5 and 2 K/min to approximately 50C 

above the melting temperature. The melting point of each element at each scan rate was 

determined using the extrapolated onset method [73]. The melting temperatures at each scan rate 

are listed in Table 3-1, along with the standard melting temperature reported for each element. 

The melting temperatures as function of the scan rate are plotted in Figure 3-3. These curves 

were used to calculate the theoretical melting temperature associated with the zero heating rate 
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by linear regression. These values were used to obtain the adjustable parameters of a temperature 

correction equation. 

Table 3-1 Melting temperatures at the respective scan rates of standard materials. 

Standard Scan rate (K/min) Melt temp (C) 
Theoretical 

melt temp (C) 
Ni 2 1449.69 1455 
Ni 5 1449.47 1455 
Ni 10 1449.5 1455 
Cu 2 1080.04 1084.62 
Cu 5 1080.31 1084.62 
Cu 10 1080.38 1084.62 
Al 2 658.2 660.32 
Al 5 658.22 660.32 
Al 10 658.32 660.32 

 
The heat flow dynamics of the furnace, crucible and DSC plate are accounted for by a 

temperature correction equation. This equation is a function of the scan rate and sample 

temperature. In theory once tuned to the system, this model corrects for thermal lag and errors 

associated with the thermocouples location relative to the sample. The temperature correction 

equation is: 

Dt = b0 + b1.T + b2.V + b3.V2 

Where   
T: Sample temperature in °C 
V: Scan rate in K.min-1 
Dt: Temperature correction 
bx: Adjustable Parameters 

The melting temperatures as a function of the scan rate are used to calculate the adjustable 

parameters through statistical analysis. Data points for each material consisted of the scan rate, 

the melting point measured at that scan rate, and the theoretical melting point or melting point at 

the infinitely slow scan rate. This data matrix is then used to calculate the coefficients of the 

temperature-correction equation. 
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3.3  Heat Treatments 

3.3.1  Heat Treatment Schedules 

Heat treatments were conducted in a vertical vacuum tube furnace under a flowing ultra 

high purity gettered argon atmosphere. Heat-treatment specimens, sectioned from the as-cast 

material were wrapped with tantalum foil and suspended. The wrapped samples were tied off 

with a Ta wire, which extended approximately one inch off the sample. This “loose end” was 

then inserted through a braided zirconia rope. This braided rope was approximately one foot long 

and extended outside the furnace’s hot zone. The cool end of the rope was attached to a steel 

wire and suspended from the drop quenching fixture. The water-cooled drop quenching fixture 

consisted of a rotating rod attached to a hook mechanism upon which the steel wire was attached. 

Rotation of the rod released the attachment between the steel wire and the fixture’s hook, 

allowing the entire suspension system to drop to the bottom of the sealed alumina tube. All heat-

treatments discussed were terminated by direct immersion water quenching. Water quenching 

was done by removing the bottom cap and nearly simultaneously dropping the sample into the 

water bath. The sample temperature was recorded from a B-type thermocouple located inside the 

alumina tube, situated near the furnace’s hot zone and the sample. After the quenching 

procedure, the specimen was polished to remove any environmentally affected zones that may 

have formed as well as yield a smooth surface. The Ta suspension wires and foil were inspected 

in order to gauge if any gross oxidation had occurred. 

The heat-treatments conducted in this study are described by two generic heat-treatment 

schedules. The first schedule consisted of a 12K/min ramp to the heat-treatment temperature. 

After the required time at the isothermal hold temperature the sample was drop quenched and the 

furnace was ramped back down. The second schedule consisted of a 12K/min ramp to the upper 

isothermal hold temperature. After the isothermal hold the furnace was ramped down to a lower 
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temperature, where the sample was held for a specific time (double heat treatment). After the 

second isothermal hold the sample was quenched and the furnace was ramped down. The second 

heat-treatment schedule or double heat treatment was applied in the investigation of solid-state 

transformations detected by thermal analysis. 

3.3.2  Selection of Isothermal Hold Times 

In the study of phase equilibria the selection of holding times is important. During an 

equilibrating isothermal heat-treatment several events occur. These events consist of the 

formation of the equilibrium phases, equilibrium compositions and coarsening of the 

microstructure. Although coarsening does affect the equilibrium compositions through the 

contributions of surface energy to Gibbs free energy [74], these effects are negligible after 

coarsening. Ideally, an equilibrating heat-treatment will allow the material sufficient time to 

allow the equilibrium phases and compositions to develop. Therefore it is critical to determine 

the time sufficient to reach such a condition. 

The hold time selected for equilibrating heat-treatments was 4hrs. This was based on a 

series of DTA experiments designed to investigate the effect of the hold time. One such 

experiment based on alloy A133 (Nb42.7 Al42.6 Ti14.7) is described here. The details of this 

alloy are given in Chapter 7. A DTA curve of alloy A133 cycled through the transformation 

temperatures is shown in Figure 3-4. The peaks on this DTA curve were identified based on 

microstructural evaluations described in Chapter 7. Alloy A133 enters the σ+γ phase field at 

1410C and then crosses into the γ-phase field at 1562C. On this curve one of the heat-treatment 

temperatures used in this study is marked as Th. Based on this DTA a series of tests was 

designed. The results and analysis of one of these tests is discussed here. 
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Four separate DTA samples were prepared from the center of the same arc-melted button. 

Two series of tests were designed in order to investigate the selection of the isothermal hold 

time. The first series consisted of heating a sample to 1520C and holding it isothermally for 20hr. 

After a 20hr hold the sample was cooled to 1240C and then thermally cycled between the 

temperatures of 1240C and 1520C. The second test in this series consisted of subjecting a 

separate sample to the same thermal path, except the isothermal hold time was reduced to 4hrs. 

The 20hr isothermal hold time was used as the baseline for comparison to near equilibrium 

conditions. The DTA curves associated with each test are plotted in Figure 3-5a. The curves 

associated with the 4hr and 20hr heat-treatments are comparable, indicating that a 4hr heat-

treatment at 1520C resulted in an equilibrium microstructure. The logic behind this is that the 

transformation temperatures are dependent on the phases and compositions which constitute the 

microstructure. Had the microstructure that developed during the 4hr hold differed significantly 

in composition and structure from that of the 20hr hold, then the transformation temperatures 

would also be different. In these results a variation was not seen, therefore 4hrs at 1520C was 

considered to be equivalent to 20hrs in respect to the assessment of equilibrium. 

A second thermal cycle was designed to investigate the 4hr isothermal hold time further. 

This test however differed from the first in that it targeted the full transformation path by 

including the transformations above 1520C. This test consisted of heating a DTA sample of the 

same material to the isothermal hold temperature of 1590C for 20hrs. After the isothermal hold 

the sample was cycled between the temperatures of 1240C and 1590C. The second sample was 

subjected to an equivalent cycle, except the isothermal hold was 4hrs instead of 20hrs. A 

comparison of both DTA cycles is shown in Figure 3-5b. As with the first set of tests the 
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transformation temperatures did not vary, indicating that 4hrs is a sufficient time to bring the 

samples near to their chemical equilibrium. 

3.4  Microstructural Analysis 

As-cast and heat-treated materials were prepared for microstructural evaluations by 

standard metallographic techniques. The samples were pressed into a thermoset epoxy mold and 

later polished. Alumina water-based slurries were used for most of the polishing steps except the 

final step where a silica based slurry was used. The final step minimized contamination of the 

optical surface with alumina, which could possibly result in errors during chemical analysis. 

Optical microscopy of etched samples and SEM-BSE on a (JOEL 6400) were employed for 

microstructural evaluation. EPMA (electron probe microanalysis) using a JOEL Super Probe 733 

was employed for compositional measurements of the alloying elements, that constitute the bulk 

material as well as within each phase. 

TEM analysis was performed on select samples in particular regions of interest. 

Conventional TEM was performed on a JEOL 200CX, whereas STEM and TEM EDS was 

performed on a JEOL TEM 2010F. High Angle Annular Dark Field imaging (dark field STEM) 

was employed to facilitate z-contrast based imaging by the acquisition of only the incoherently 

scattered electrons. These electrons are highly sensitive to atomic mass and mostly insensitive to 

crystallography. 

In most cases conventional TEM sample preparation was not feasible, due to either the 

need of a site-specific TEM foil, or due to the mechanical integrity of the material itself. The 

latter is related to the fact that some mechanical integrity was required in order to thin, punch or 

drill out a thin disk and finally jet polishing. In those cases the samples were prepared by FIB 

specimen preparation methods using a FEI Strata DB235. 
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Several major drawbacks were unavoidable when using the FIB. This technique is time 

consuming, and the amount of electron transparent material attained within each foil is small 

compared to the more conventional methods. Additionally in micron-scale polycrystalline 

samples the number of crystallographic orientations available within each foil is limited by the 

small area. This reduces the number of zone axes that are reachable within the tilting limits of the 

instrument. Finally there is some beam damage that occurs even with careful sample preparation 

using this technique. 

A series of micrographs outlining the TEM foil preparation technique of a Ti-Al-Nb 

sample is shown in Figure 3-6. The sample was mounted on an aluminum stub using conductive 

carbon tape and pumped down in the FIB chamber. The region of interest was located using ion-

beam imaging. This imaging method provides sufficient z-contrast to allow for the identification 

of microstructural regions. Figure 3-6a exhibits the region of interest which in this example 

consist of the β and γ phases. Two X-shaped marks are cut into the sample to facilitate alignment 

of the beam and the sample’s region of interest. A strip of Pt is deposited directly across the 

region of interest to protect it from beam damage (Figure 3-6b). Two wedges are then milled on 

either side of the Pt strip using 5000 pA beam current (Figure 3-6c). The Pt protected area was 

next thinned with consecutively smaller beam currents up to the final thickness (Figure 3-6d). 

Care is taken in order to assure that the sample is thinned and scanned with a glancing angle thus 

minimizing the amount of implanted Ga ions. The 15µm wide sample is then mounted on a 

carbon coated Cu grid using an ex-situ micromanipulator and is ready for TEM analysis. 

3.5  High Temperature XRD 

High temperature XRD experiments were performed on a Philips High Temperature XRD. 

The high temperature XRD heating stage was redesigned in order to increase its temperature 
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capabilities from 900C to 1600C while under an inert He atmosphere. Analysis of the 

instruments power capabilities indicated that the primary limitation to its temperature capabilities 

were attributed to exceeding the current capacity of the power supply. A new heating stage was 

implemented that has a reduced cross section in the region where the sample is mounted, in 

contrast to the conventional heating stage that maintains a constant cross-section throughout its 

length. This reduced area resulted in a local increase in the current density, which yielded a 

higher temperature underneath the sample.  

Several iterations were tested to arrive at an optimal stage design. The final design 

consisted of 3 components shown in Figure 3-7a. The 2 to 3 mm thick Ta sections were cut and a 

thin section was prepared by rolling Ta sheet down to a foil. The three sections were then spot 

welded together. A Ta wire was also spot welded across the two thick Ta sections, bypassing the 

thin section. The function of this wire is to act as a continuous Ta getter during heating. A 

1.2mm thick slice of the as-cast material was lightly spot welded on a tantalum stage. The 

thermocouple was located directly underneath the thin foil. A photograph of a finished stage with 

a mounted sample is shown in Figure 3-7b. 

The HT-XRD stage and sample were removed after every test. Therefore, it was necessary 

to align the sample and calibrate the angular relationship between the source, detector and stage. 

All samples were aligned to a known peak position determined by conventional powder XRD 

measurements that were taken on a Philips APD 3720. The alignment was performed by making 

a series of small scans around the known peak. The height of the stage was adjusted in between 

each scan until the intensity of the peak is maximized. Once the intensity was maximized, a slow 

scan is conducted over the known peak. The peak position was found, and this angle was set to 

the known Bragg angle of the correspondent diffracting plane. 
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Figure 3-1 Schematics of a) a DTA comparable to the Setaram used in this study with heat-flow 

paths [73] and b) the equivalent circuit that models the heat-flow and capacitance 
through electrical simulations. 
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Blue= High conductivity gas
Grey=Low  conductivity gas

 
Figure 3-2 Simulation of a DTA modeling the systems response to a high and low conductivity 

gas. 
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Figure 3-3 Calibration (Temperature correction) curves using standard high purity reference 

materials (Ni, Cu and Al). 
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Figure 3-4 DTA curve of alloy A133 at 10K/min. 
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Figure 3-5 DTA curve of alloy A133 at 10K/min. with isothermal hold at A) 1510C and B) 

1600C. 
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Figure 3-6 Ion-generated secondary electron image during the FIB sample preparation showing a) initial area of interest b) deposition 

of protective Pt layer c) cutting of trenches and d) free standing thin foil. 
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Figure 3-7 Images of a) schematic of HT-XRD stage and sample and b) photograph of the stage 

after fabrication. 
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CHAPTER 4 
β-PHASE EXTENSION 

4.1  Introduction 

Much controversy exists regarding the extent of the β-field on the liquidus projection as 

discussed in Chapter 2. Although this region of the ternary phase diagram is an important 

compositional area for alloy development, limited experimental data exist to examine the validity 

of the calculated liquidus surfaces. The current chapter focuses on an accurate understanding of 

L/β/γ bivariant equilibria in order to develop optimized σ+γ phase microstructures. Past work 

within our research group demonstrated that high Nb additions to TiAl based alloys brought out 

a σ+γ microstructure that exhibited improved mechanical properties over γ+α2 based alloys [11]. 

The σ-phase, however, is a brittle intermetallic phase that reduces forgeability and fracture 

toughness. The β-phase, which is stable in these alloys at high temperatures is a ductile BCC 

phase, therefore there is much interest in its stability. In order to have an accurate understanding 

of the interrelation between the stability of the β-phase at high temperatures and how the σ and γ 

phases precipitate from the β-phase as temperature is decreased, the extension of this phase into 

the ternary phase diagram was examined. 

Figure 4-1 shows two superimposed calculated liquidus projections presented in the 

thermodynamics assessments of Servant and Ansara [18] and Kattner and Boettinger [56]. As far 

as the extension of the β-field is concerned, these calculations are somewhat similar and in 

accordance with the experimental work based on the analysis of the as-cast microstructures 

performed by Zdziobek et al. [55] and Perepezko et al. [57]. Leonard et al. [75] showed 

experimentally that the β-field should be expanded by pushing the L/β/η and L/β/σ bivariant 
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equilibrium towards the lower Ti contents also shown in Figure 4-1. These experimental results 

were analyzed and combined in a phase diagram evaluation conducted by Raghavan [16]. 

The stability of the β-phase in the current region of interest was first examined by our 

group on an alloy of composition 33Ti-40Al-27Nb, at% (alloy D2) [19]. A detailed series of 

heat-treatments combined with microstructural evaluation determined that this alloy solidifies as 

the β-phase, which precipitates a σ+γ phase microstructure at lower temperatures. In order to 

address the L/β/γ bivariant equilibria, the phase stability of an alloy that is in the calculated γ-

field was investigated, as marked in Figure 4-1. The composition of the arc-melted alloy 11 

(37Ti-44.5Al-18.5Nb, at%) was identified by EPMA of the as-cast materials. Alloy 11’s 

composition was higher in Ti and Al than alloy D2. Based on the existing liquidus projections, 

alloy 11 composition is predicted to solidify as γ-TiAl by calculations and experiment. 

Microstructural observations of the as-cast material, however, suggested that the γ-phase forms 

through a solid-state transformation, therefore the high-temperature stability of this alloy was 

analyzed for evidence of the β-phase. 

4.2  Thermal Analysis 

The liquidus, solidus and solid-state transformation temperatures were determined by DTA 

following the recommended practices guidelines [72]. The as-cast material was sectioned and 

placed in a covered alumina DTA crucible. The initial DTA thermal cycle was performed with a 

scan rate of 10K/min up to a temperature of 1600C after which the sample was held isothermally 

for 30 min in order to equilibrate the temperature and finally ramp down at a rate of 10K/min. 

Cursory microstructural evaluations of the DTA sample revealed complete melting.  
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4.2.1  Thermal Analysis of Phase Transformations and Melting 

The DTA temperature vs. heat-flow curve for both heating and cooling of the as-cast 

material are shown in Figure 4-2. Two pieces of information were sought after by this test, 

primarily the solidus temperature and, secondly, solid state phase transformation temperatures. 

The peak associated with melting was sharp and symmetric suggesting that the alloy melted as a 

single phase. The solidus temperature was measured to be 1532C, whereas the highest 

temperature solid-state transformation was complete at 1470C.  

A solutionizing temperature of 1500C was selected based on these temperatures and the 

thermal signatures indicating that the majority of the microstructure consisted of a single solid 

phase prior to melting. The solutionizing temperature was designed to be below the melting point 

of the alloy, but above the highest solid-state reaction. This temperature was used to equilibrate 

the material in the single-phase field, with the goal of erasing the microstructural characteristics 

inherent from the thermal history of the as-cast material. An isothermal hold time of 30 min was 

selected for solutionizing. 

The DTA curve exhibits two main peaks upon cooling indicating two major solid-state 

reactions. The heat flow signal returns to the baseline at 1161C, which is below the solid-state 

transformations, whereas upon heating above the transformation temperature, the baseline is 

reached at 1482C. Based on these results a thermal cycling profile was designed for A11, which 

was within the temperature range of 1100C to 1500C, in order to investigate the solid-state 

transformations. The thermal cycling profile consisted of heating to the solutionizing temperature 

followed by an isothermal hold, after which thermal cycling between the selected temperature 

range was performed. 

The DTA results of the homogenized structure are presented in Figure 4-3. The initial 

heating of the as-cast structure resulted in slightly lower transformation temperatures, which can 
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be attributed to its finer microstructure formed upon arc melting. Two sets of endothermic peaks 

were observed during heating, a double peak and a shallow peak. The shape of the double peak 

provided strong evidence of a convolution of two peaks, which exhibited maxima at 1277C and 

1322C and a first deviation from the baseline at 1239C that returns to the baseline at 1356C. The 

shallow peak begins near the end of the double peak, which exhibits maxima at 1463C before 

returning to the baseline at 1479C.  

4.2.2  Stability of Thermal Events  

Calculated phase equilibria predicted that there should only be one phase undergoing 

dissolution upon heating, namely, the σ-phase dissolving from a σ+γ microstructure. Yet, 

thermal analysis revealed a relatively complex set of peaks. This brought into question the 

validity of the DTA peaks shown in Figure 4-3. In particular, the accuracy of these DTA peaks at 

representing equilibrium phase transformations was not clear. To investigate this further, two 

series of test were designed: the first series targeted the cyclic stability of the thermal results, 

whereas the second series inspected the temporal stability of the transformation peaks. 

A series of tests were devised to target each set of peaks considering the two main events 

that could affect the cyclic stability of the phase transformations. The first phenomenon that 

could influence the cyclic stability of the thermal events arises from the high vapor pressure of 

aluminum at elevated temperatures. If the sample is exposed to high temperatures for too long, it 

is possible that the alloy will drift towards a leaner aluminum composition, thus changing the 

transformation temperatures. Secondly, in a material that is thermally cycled, the forward and 

reverse phase transformations result in a transient microstructural evolution with variations in 

morphology and scale between cycles. This transient microstructure may persist for several 

thermal cycles until a reversible condition is reached [72]. The transformation temperatures and 
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the peak shape are, in turn, directly linked to the microstructural evolution. Either event obscures 

the measurement of equilibrium, therefore the cyclic stability is examined. 

The cyclic stability of the phase transformations was examined by thermally cycling the 

DTA in a temperature range encompassing the lower temperature double peak, and a second 

range centered around the higher temperature shallow peak, both of which are shown in Figure 

4-4 and Figure 4-5, respectively. The first three cycles at a constant scan rate of 10K/min are 

plotted continuously on the same graph. Only minor changes were observed around the double 

peak between the first and second cycle, whereas significant changes did not occur between the 

second and third cycle. In contrast, the higher temperature shallow peak revealed no changes 

between any of the cycles. This result provided evidence that firstly the samples composition 

was relatively stable, and, secondly, after the solutionizing step the microstructure that evolves 

from cycling above and below the peaks is reversible on subsequent cycles. 

The temporal stability of the thermal events was also examined by a test termed the 

interrupted heating cyclic thermal analysis. This test was designed to evaluate if the solid-state 

transformation temperatures and peak widths are being affected by transformation kinetics. 

Essentially the interrupted heating thermal cycle consists of segmenting the heating leg of the 

ramp with isothermal holds at various temperatures around and/or within the peak. In the event 

that the scan rate exceeds the transformation kinetics, an isothermal hold at or around the peak 

will supply the additional time required for the phases to reach a minimum free energy state. A 

fraction or all of the thermal events would have occurred during the isothermal hold. Thus, upon 

the continuation of heating the measured peak position and shape is different from the 

uninterrupted cycle. The comparison between cycles with and without an interrupted heating 

allows for the characterization of the effects of kinetics on the analysis of transformations 
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occurring at equilibrium. Both the double peak and the shallow peak are examined by this 

method. 

The DTA curves for the interrupted heating of the double peak and shallow peak are 

shown in Figure 4-5a and b respectively. Four 30-min isothermal holds at various temperatures 

within the double peak, and six holds within the shallow peak upon heating, are selected. These 

isothermal holds appear in Figure 4-5 as a sharp endothermic drop due to the abrupt break in the 

heating segment and associated heat-flow reduction into the sample. 

After the hold, and upon the continuation of heating at the prescribed scan rate, the heat 

flow curve may either immediately return to the baseline or continue the peak, as if the 

isothermal hold had no significant effect. In the case that the curve returns to the baseline it may 

be assessed that the isothermal hold was actually outside the equilibrium transformation 

temperatures, and the peak which exists at this temperature during the conventional scan was 

only evident due to sluggish kinetics or too high of a scan rate. In alloy 11, the interrupted 

heating of both peaks resulted in the curve continuing on, thus validating the start and finish 

temperatures as true near-equilibrium transformation temperatures. In addition, the scan rate of 

10K/min was considered to be acceptable in these materials. The transformation temperatures 

were subsequently used as a guide to design heat treatments and high temperature XRD 

experiments in alloy 11. 

4.3  Microstructural Evaluations 

XRD results revealed that the as-cast alloy consisted of mostly the γ-phase with some β-

phase (Figure 4-6). The as-cast microstructure shown in Figure 4-7 suggests that the major phase 

had formed by a solid-state phase transformation as evident in the acicular morphology. The 

SEM micrograph revealed that at least two different composition phases existed in the as-cast 



 

74 

microstructure. This observation implies that a single-phase existed at high temperatures, which 

transformed to form a multi-phase structure through a solid-state reaction. 

Bright field TEM micrographs are shown in Figure 4-8. The low magnification TEM 

(Figure 4-8a) exhibits a morphology which confirms nucleation and growth of a phase though 

solid-state transformation. The aspect ratio suggests that particular growth directions into the 

parent phase are preferred. At higher magnifications (Figure 4-8b) the γ-phase (which appears 

bright) grows into the β-phase (which appears dark) forming micron-scale Widmanstätten-like 

morphology. The retained β-phase is located in between the γ-phase laths. A third submicron 

scale precipitate was found to form within the γ-phase. This phenomenon is an important area of 

interest that currently is being analyzed in detail by the group member, Sonalika Goyel. 

4.4  In Situ High Temperature Phase Evaluation 

4.4.1  High Temperature X-Ray Diffraction 

The microstructural evidence suggesting the γ-phase formed through a solid-state 

transformation motivated the development of specialized equipment for a high temperature X-

ray diffraction study. Thermal analysis revealed that temperature capabilities approaching 1550C 

were required in order to investigate the highest temperature solid-state reactions. Alloy D2 in 

contrast to alloy 11 retained the β-phase to room temperature when subjected to fast cooling 

rates. Prior work established the phase transformation path of alloy D2 with a series of heat-

treatments combined with microstructural evaluation of quenched samples. The transformation 

path of this alloy established in [19] is outlined in Figure 4-9a. Alloy D2 was selected to develop 

instrumentation capabilities for high-temperature structural measurements. A sample with alloy 

D2’s composition was arc-melted and thermally cycled in the DTA (Figure 4-9b). The 

transformation temperatures were determined to be consistent with those reported in [19]. With 
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the prior knowledge of this alloy’s phase transformation path, high-temperature XRD 

measurements were performed in order to take an in-situ structural measurement of the high-

temperature β-phase.  

Simulated XRD patterns were generated from available structural data for the sigma (σ) 

[22, 41, 51], gamma (γ) [39-41], beta (β) [39] and orthorhombic (O) phases [19] and compared 

to the room temperature XRD patterns. The O-phase forms via a martensitic transformation from 

the β-phase only upon quenching [19]. In order to investigate the identity of the high temperature 

phase and confirm the formation of the γ-phase upon cooling, HT-XRD was conducted for this 

alloy using a custom Ta heating stage. The details of the design and alignment of this stage were 

discussed in Chapter 3. The sample was aligned to the Bragg’s angle of the γ-(202), based on the 

room temperature XRD profile of the as-cast material. The simulated patterns for the β, σ and γ 

phases revealed distinct non-overlapping diffraction peaks in the two-theta range of 50 to 80 

degrees, as shown in Figure 4-10. Although this range does not include the maximum intensity 

peaks, all high-temperature scans were performed over this range in order to provide a clear 

distinction between the β, σ and γ-phases. A minor amount of diffraction from the Ta-(200) stage 

was recorded in some of the HT-XRD scans. 

Alloy D2 was heated to approximately 1500C in the HT-XRD. This temperature is marked 

with a 1 on the DTA curve shown in Figure 4-9b. At this temperature the β-phase should be 

stable according to the DTA curve and Figure 4-9a. After a 30min isothermal hold in the HT-

XRD, a 15min scan, shown in Figure 4-11, was performed over the two-theta range of 50 to 80 

degrees, revealing the presence of the β-phase in the microstructure. The temperature was then 

lowered to 1100C in the HT-XRD (marked with a 2 in Figure 4-9b). After a 30min isothermal 

hold a second 15min scan was performed. As established in [19] the σ+γ phases were identified 
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and all diffraction peaks associated with the β-phase were not detected (Figure 4-11). This result 

established the ability of the HT-XRD at taking in-situ structural measurements at elevated 

temperatures near 1500C as well as confirmed that the β-phase extends past alloy D2’s 

composition at high temperatures. 

In order to investigate if the β-phase field also extends over alloy 11, and if this alloy is 

near the bivariant equilibria, a sample was heated to near the edge of the highest temperature 

peak, as indicated by pointer 1 in Figure 4-3, and held isothermally for 15min. The 15min scan at 

this temperature, as shown in Figure 4-12a scan 1a, reveals a strong signal from the β-phase with 

diminished intensity of the γ-peaks in comparison to the as-cast structure (Figure 4-6). 

Immediately upon the completion of the first scan, a second 15 min scan shown in Figure 4-12a 

1b (also in Figure 4-12b curve 1) was run, which exhibits further intensifying of the β-phase’s 

(200) peak. This finding confirms that indeed the β-phase, in contrast to the computed liquidus 

projections, is the primary phase that solidifies in this alloy. It should be noted, although the β-

(211) peak is the prominent peak in the standard powder XRD pattern, texturing combined with a 

relatively large grain size resulted in a higher relative intensity from the β-(200) than from the β-

(211) in the microstructure studied. 

The temperature was lowered after the second scan at marker 1 below the second solid-

state transformation temperature range, as indicated by pointer 2 also in Figure 4-2. After a 

30min isothermal hold, the XRD profile shown in Figure 4-12b revealed that the β-phase was 

completely eliminated at this temperature, while the σ-phase appeared and the γ-phase signals 

became stronger. This result shows that σ+γ phases are stable at this temperature, consistent with 

the calculated and experimental phase diagrams [25, 57]. 
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Next, the temperature was raised into the range encompassed by the lowest temperature 

peak, which is marked by pointer 3 in Figure 4-2. Following a 30 min isothermal hold the HT-

XRD scan (Figure 4-12b curve 3) revealed the re-appearance of the β-phase as indicated by the 

β-(211) peak and the dissolution of some of the σ-phase. A strong β-(211) signal shows upon 

reheating, instead of the β-(200) peak, due to a change in the microstructure. Now the β-phase 

forms from a σ+γ microstructure that provides many nucleation sites. These results show that 

three phases exist within this temperature range. Finally, the temperature was raised into the 

highest temperature region, as indicated by pointer 4 in Figure 4-3, and again held isothermally 

for 30 min. This scan exhibited increased intensity from the β-(211) peak and the disappearance 

of the σ−phase signature peaks, as shown in Figure 4-12b curve 4. This finding confirms heat-

treatment results, suggesting the presence of γ+β phases in this temperature range.  

4.4.2  Microstructural Analysis of HT-XRD Samples 

The microstructures of a rapidly cooled HT-XRD samples were analyzed. Rapid cooling 

was accomplished by abruptly stopping the power to the resistive heating strip, which resulted in 

the sample cooling to below 500C with 5 seconds. A sample was cooled from the two-phase β+γ 

region in between temperatures 1 and 2 marked on Figure 4-3. SEM analysis of the high 

temperature XRD sample in cross section (Figure 4-13a) revealed a minimal environmentally-

affected zone, verifying the efficiency of the in-chamber Ta oxygen getter at maintaining low 

oxygen partial pressures. The micrograph shown in Figure 4-13b revealed a two-phase 

microstructure, comparable to the as-cast material but on a much coarser scale. Prior analysis of 

the HT-XRD profile identified these as the β and γ phases. The microstructure shown in Figure 

4-13b revealed the formation of coarse γ-phase that grows with crystallographic preference. The 

retained β-phase is situated in the regions between the γ-phase. 
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4.5  Summary 

The results of this study indicate that the existing assessed phase diagrams for the Ti-Al-

Nb system underestimate the extension of the β-phase on the liquidus projection and, 

consequently, do not accurately predict the solidification and phase transformation paths of σ+γ 

alloys situated in the central region of the phase diagram. One reason for such discrepancy is that 

the limited experimental evaluations reported have been based on the analysis of as-cast 

microstructures. We have demonstrated that the dominant presence of the γ-phase at room 

temperature in the microstructure is from the transformation of the β-phase to the γ-phase, which 

can not be avoided even with the fast cooling rates attained during arc-melting. 

These findings suggest that in alloys for which the β-phase transforms to the γ-phase upon 

cooling, the fast kinetics of this transformation obscures the determination of high temperature 

phase equilibrium. This effect also becomes quite important in the microstructural evaluations of 

alloys that include the β and γ phases at high temperature. Additionally, we have provided 

evidences for the extension of the β-phase field to higher Al contents. The high-temperature 

phase stability investigation presented here has recently aided in the optimization of the Ti-Al-

Nb system [76] and has been published in [77]. The existence of a high-temperature single-phase 

β-field will also assist in the improvement of thermo-mechanical capabilities of these alloys. 
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Kattner and Boettinger (solid)
Servant and Ansara (large dashed)
Leonard (small dashed)

 
Figure 4-1 Combined liquidus projections of Kattner and Boettinger [56], Servant and Ansara 

[18] and Leonard et al. [54] which is published in Rios et al. [77] showing the 
composition of alloy 11. 
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Figure 4-2 DTA curve of as-cast alloy 11 though the solidus and liquidus at 10K/min. 

 

 
Figure 4-3 DTA curve of thermally cycled alloy 11 at 10K/min, which is marked with the 

temperatures at which HT-XRD measurements were taken. 
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Figure 4-4 DTA curves of solutionized alloy 11 at 10K/min cycled around the a) lower 
temperature peaks and b) higher temperature peaks. 
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Figure 4-5 Interrupted heating DTA curves of solutionized alloy 11 at 10K/min with isothermal 
holds within the a) low temperature peaks and b) high temperature peaks. 
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Figure 4-6 XRD of as-cast alloy 11 which identified the β and γ phases. 

200µm

 

Figure 4-7 SEM micrograph of as-cast alloy 11. 
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Figure 4-8 TEM micrographs of as-cast alloy 11 marked with the β and γ phases. 
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Figure 4-9 a) Transformation path of alloy D2 reported by Hoelzer [19] and b) DTA at 10K/min 
of alloy D2, which was arc-melted for this study, marked with the temperatures at 
which XRD measurements were taken. 
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Figure 4-10 Simulated powder XRD profiles for the β, γ and σ phases marked with the 2 theta 
range where a minimum number peaks between the three phases were found to 
overlap. 
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Figure 4-11 HT-XRD measurements of alloy D2 at temperatures 1 and 2 marked on the 
respective DTA curve in Figure 4-9b. 
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a
 

Figure 4-12 HT-XRD measurements of alloy 11 at a) temperatures within the edge of the two-phase region and b) temperatures 1, 2, 3 
and 4 marked on the respective DTA curve in Figure 4-3. 
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Figure 4-13 SEM micrographs of alloy 11 HT-XRD samples that were rapidly cooled from the 
two-phase β+γ region at a) low magnification including the samples edge and b) high 
magnification showing the β (bright) and γ (dark) phases. 
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CHAPTER 5 
TERNARY EUTECTIC REACTION INVOLVING THE L, γ, σ, η PHASES 

5.1  Introduction 

In Chapter 4 it was experimentally demonstrated that the β-phase field should be expanded 

by pushing the L/β/γ bivariant equilibria towards the lower Ti contents [77]. Several 

discrepancies exist in the Ti-Al-Nb phase diagram at temperatures above 1200ºC, where there is 

a lack of experimental data. There are four ternary invariants involving liquid in this system, 

which cascade into each other. Regarding the invariant reaction involving L,σ,γ, and η phases, 

prior computational studies have predicted a class 1 [56] eutectic reaction or a class 2 transition 

reaction [16], whereas experimental work has supported a class 2 reaction [57]. Recently, at 

different levels of the optimizations of this system we have arrived at both the class 2 and class 1 

reactions [78]. 

Alloys based on γ+σ microstructures show a relatively high creep resistance at elevated 

temperatures [11]. Our research group therefore has interests in understanding the high 

temperature phase equilibria in the high-Al corner of the Ti-Al-Nb phase diagram, with specific 

interest in the evolution of the β, γ and σ phases from the liquid phase. The γ+σ two-phase 

region connects the sides of two three-phase tie-triangles (σ+γ+η and σ+γ+β). This highlights a 

need to evaluate how the σ+γ+η three-phase region evolves from the liquid phase through its 

invariant reaction. 

An important reaction-class (class 1 or 2) dependent difference, results in liquidus 

projection and related high-temperature equilibrium. Mainly if L/σ/γ/η exist as a class 2 

(transition) reaction then it cascades into the L/β/γ/σ invariant reaction, whereas if the reaction is 

a class 1 (ternary eutectic) reaction, the L/σ/γ bivariant equilibria must connect into this reaction. 
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Either reaction implicates fundamental differences in the path that the L/σ/γ tie-triangle takes 

through temperature-composition space. 

The class 1 or ternary eutectic reaction has 3 participating three-phase equilibria (L+σ+η, 

L+γ+η, L+γ+σ), which all react to form a single σ+γ+η equilibrium. The class 2 reaction differs 

in that 2 three-phase equilibria (L+σ+η, L+γ+η) react to form the L+γ+σ and γ+η+σ tie-

triangles. In order to investigate the nature of this ternary invariant reaction, two alloys were 

designed, based on prior experimental work and calculations. The bulk alloy compositions of 

7Ti-57Al-36Nb at% and 8.5Ti-51.5Al-40Nb at%. are shown on our calculated liquidus 

projection shown in Figure 5-1. In order to shed light on the class of this invariant reaction, 

specific heat treatments were designed and the reaction path was investigated through 

microstructural, thermal and compositional evaluations. The details of the multi-phase equilibria 

participating in each reaction are summarized below. 

The class 1 reaction was defined in this system via the following reaction schemes: 

L+σ+γ 

L+σ+η -> σ+γ+η         (5−1) 

L+γ+η 

At the class 1 invariant point, 

L->σ+γ+η         (5−2) 

The class 2 reaction was defined in this system via the following reaction schemes: 

L+σ+η -> L +γ+σ or γ+η+σ       (5−3) 

L+γ+η  -> L +γ+σ or γ+η+σ       (5−4) 

At the class 2 invariant point, 

L+η->σ+γ         (5−5) 
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5.2  Thermal Analysis 

The liquidus, solidus and solid-state transformation temperatures were determined using 

DTA. The DTA results for the as-cast alloy samples are given in Figure 5-2a. Care was taken in 

preparing the as-cast DTA samples such that the mass and geometry of samples were similar, 

thus allowing for the comparison of peak heights as well as peak positions. The samples were 

heated at 10K/min to 1600C, held for 5 min to stabilize the temperature followed by a 10K/min 

ramp down to 1000C. Based on this DTA result a temperature cycling range of 1400C to 1580C 

was selected for detailed thermal analysis (Figure 5-2b). Several cycles resulted in reproducible 

results indicating that the transformations were stable and the alloy composition is not exhibiting 

any major changes.  

Table 5-1 presents the transformation temperatures for as-cast and cycled alloys. The 

initial heating of the as-cast structure resulted in slightly lower transformation temperatures, 

which can be attributed to its finer microstructure formed upon arc melting. The first and second 

cycles, after melting and upon cooling exhibited similar transformation temperatures upon 

heating. Two sets of endothermic peaks were observed during heating of both alloys – a double 

peak and a sharp peak.  

The first set of peaks, i.e. the double peak, was similar in shape for both alloys although 

the onset temperature differed by 5K. The shape of these peaks provided strong evidence of a 

convolution of two peaks which showed maxima at 1475C and 1495C for alloy A1 and 1471C 

and 1486C for alloy A2. Both alloys exhibited a single sharp peak with exactly the same first 

deviation temperature (Table 5-1).  

Within the temperature window between the end of the double peak and the beginning of 

the sharp peak (1510C to 1535C for alloy A1, and 1499C to 1534C for alloy A2) there is a flat 

range. The flat range, where the curve is parallel to the base-line, indicated no detectable heat 
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absorption other than that due to the materials heat capacity. This region is important because it 

indicates that major phase transformations were not occurring within this temperature range. 

Thus it is targeted for subsequent equilibrating heat-treatments. 

Table 5-1 Transformation temperatures of as-cast and thermally cycled materials showing the 1st 
deviation from the baseline (1st dev), the peak positions (max) and the return to the 
baseline (return) for the 1st and 2nd peak in the convoluted double peak (DB) as well 
as the single peak (SP). 

 DB 1st 
dev (C) 

DB 1st 
max (C) 

DB 2nd 
max (C) 

DB return 
(C) 

SP 1st  
dev (C) 

SP return 
(C) 

A1 as-cast 1454 1461 1484 1503 1528 1563 
A2 as-cast 1456 1465 1477 1492 1525 1583 
A1 cycled 1467 1475 1495 1514 1534 1571 
A2 cycled 1463 1471 1486 1499 1535 1591 

 
5.3  As-Cast Materials 

Figure 5-3 is a series of SEM micrographs of the as-cast alloy A1. This alloy contained a 

dendritic primary phase, which appeared dark (Figure 5-3a and b), whereas the remaining 

microstructure seemed to have a lamellar structure consisting of three distinct composition 

phases (Figure 5-3c and d) 

In order to investigate further the phases present in the lamellar structure a FIB TEM 

sample was prepared and analyzed. FIB sectioning was performed such that the thin foil was 

close to being perpendicular to the observed lamellar structure. An ion-beam generated 

secondary electron image of the specific sectioning site and the foil are shown in Figure 5-4a and 

b. From this figure it is possible to see the general orientation between the foil normal and the 

lamellar structure. 

Figure 5-4c shows a typical bright field image of the three-phase microstructure. The 

analysis of the diffraction patterns identified the three phases as σ−Nb2Al, γ-TiAl and η-Al3Ti. 

The corresponding selected area diffraction patterns (SAD) with [100]σ, [101]γ, and [010]η zone 
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axes are shown in Figure 5-4 (d, e, f), respectively. The morphology of the three phases 

confirmed that they formed through a coupled growth mechanism.  

The γ-phase was found in the smallest phase fractions and always at the interface between 

the σ and η phase lamella. Examples of this are this are shown in bright-field images (Figure 5-

5a, b and c) and a dark-field image of this corresponding to c in Figure 5-5d. The σ and η phases 

are also marked in these images. The γ-phase’s morphology was indicative of its formation 

simultaneously with the lamellar structure, however, its location and phase fraction suggested 

that it underwent a solid-state transformation during cooling. A clear example of this is evident 

in Figure 5-5a that shows the γ-phase was located with two different interfaces (σ/γ and σ/η). 

The σ/γ interface marked on this figure shows regions in which the concavity is into the γ-phase. 

Several instances of this were found in this alloy. 

Each SAD pattern was recorded at the same camera length from equal magnification 

images, thus eliminating the need for rotation correction. Only a minor amount of tilting (less 

than 0.5degree) was required to bring the beam to the true zone axis of each phase. Comparing 

the acquired diffraction patterns revealed a crystallographic relationship between the (σ, γ and η) 

phases. Figure 5-6 shows an SAD diffraction pattern in which the η and γ phases are selected. In 

this pattern η-phase is on a true zone axis, and σ-phase is slightly off the zone axis, 

demonstrating the crystallographic relationship between the phases. The beam directions σ[100], 

γ[101] and η[010] are nearly parallel (Figure 5-4). The σ[011] direction revealed in the σ[100] 

zone axis is parallel to the γ[11-1] direction in gamma’s [101] zone axis. Similarly the γ[101] 

direction is parallel to the η[010] direction evident in their respective zone axis. These results are 

summarized in equations 5.6 and 5.7. 
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[100]σ//[101]γ beam direction, [011]σ//[11-1]γ direction     (5.6) 

[101]γ//[010]η beam direction, [020]γ//[004]η direction     (5.7) 

In order to establish a correlation between the observed z-contrast and the phases identified 

by TEM similar magnification images are compared. An ion-beam stimulated secondary electron 

image was collected near the end of FIB sectioning (Figure 5-4A). The electron signal was 

collected with a biased secondary electron detector. The intensity of emitted ion beam excited 

secondary electrons is inversely proportional to effective atomic mass number of the material. 

This is essentially an atomic mass sensitive contrast mechanism. Superimposed on the ion beam 

image is a low magnification BF TEM of the same finished FIB sample used for phase 

identification and analysis (Figure 5-4b). A comparison of the phases identified in the thin foil 

with the phase contrasts observed in SEM allowed establishing the relationship between them. 

For example in Figure 5-3b, the dark, grey and bright contrasts are identified as η, γ and σ 

phases, respectively.  

Alloy A1 showed a small fraction (5 vol%) of primary η-phase (Figure 5-3a and b). The 

dendritic morphology of this phase confirms that this phase is the first phase to nucleate and 

grow from the liquid. The lamellar structure (Figure 5-3b), which consists of σ, γ and η phases, 

then formed through a cooperative growth from the remaining liquid. The η-phase located in the 

primaries was found with three distinct morphologies marked numerically on Figure 5-3. The 1st 

morphology and scale are indicative of coarse single-phase dendrites that formed directly from 

the liquid during cooling. In the 2nd morphology of this phase was in the center of most lamellar 

colonies with highly anisotropic growth directions. The 3rd instance of this phase was as a 

constituent of the lamellar structure. The comparison of these three suggested that the 1st 

morphology precipitates first from the liquid, yielding nucleation sites for the lamellar structure. 
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The 2nd morphology nucleates at higher undercooling, providing constant nucleation sites for the 

lamellar structure. The bulk composition of the lamellar structure was measured at 37.3Nb, 

56.0Al, 6.8Ti at%.  

The microstructure of the as-cast A2 alloy is given in Figure 5-7. A significant amount (33 

vol%) of alloy A2’s microstructure consisted of primary γ dendrites, which appears grey in 

Figure 5-7 a, b and c. In this alloy higher magnification revealed that in addition to the lamellar 

structure, the η-phase appears in between the dendrites as well as inside the lamellar structure.  

5.4  Characterization of Heat Treated Alloys 

Heat-treatment experiments were designed in order to develop multi-phase equilibria, 

based on the DTA results shown in Figure 5-2 a and b. Examination of the DTA samples 

revealed that both alloys had fully melted by the end of the second peak. This presented a 

predicament in the design of targeted heat-treatments, due to experimental limitations in the 

vertical tube furnace. In this instrument the sample suspension system described in Chapter 3 is 

such that the melting of a suspended sample puts the alumina tube and internal thermocouple at 

risk. Therefore in preparation for heat-treatment experiments it was of high importance to know 

exactly which peak is linked to melting.  

In order to determine whether both peaks are attributed to the enthalpy of melting, or if 

only the higher temperature sharp peak is linked to melting, a sample was heated in the DTA to 

1510C, which is within the flat region of the DTA curve. After a 2 hour isothermal hold the DTA 

was ramped down to room temperature. Cursory surface evaluations revealed that this sample 

had not exhibited any signs of bulk melting. Microstructural evaluations confirmed that at 1510C 

both alloys are solid, thus the double peak is attributed to solid-state transformations. 
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Two heat-treatment temperatures were selected based on the DTA results shown in Figure 

5-2a and b, and the cursory microstructural evaluations of the DTA samples. Each heat-treatment 

was designed to equilibrate the phases stable in the flat regions. The 1510C heat-treatment is 

within the region between the double-peaks and the sharp peak, whereas the 1410C heat-

treatment is below the double- peaks. One set of samples was heated to 1510C and held 

isothermally for 4hrs, and the schedule was terminated by drop quenching into a water bath. The 

second heat-treatment schedule consisted of isothermal hold at 1510C for 1hr, and then the 

furnace was ramped down at 10K/min to 1410C. After 3 hrs of isothermal hold the samples were 

also drop quenched. The second heat-treatment consisted of two steps in order to insure the 

starting microstructure is comparable to that of the 1510C heat-treatment.  

Similar to the as-cast structure, three phases (σ, γ and η), were identified by XRD (Figure 

5-8). The SEM micrographs of alloys A1 and A2 heat-treated at 1410C are shown in Figure 5-9 

(a, b) and (c, d), respectively. A comparison of micrographs shown in Figure 5-3 and Figure 5-9 

demonstrated that the microstructures were coarsened and equilibrated upon heat treatment. 

Several EPMA line scans were performed across these phases in both samples. The values of the 

constant composition section of the EPMA line scan were averaged in order to determine the 

composition of each phase. The results of compositional analysis of each phase along with the 

bulk compositions are given in Table 5-2, which demonstrates how Ti, Al and Nb are distributed 

at the 1510C heat treatment temperature.  

Alloys A1 and A2 subjected to the 1510C heat-treatment schedule were examined by 

SEM, and typical micrographs are shown in Figure 5-10 (a, b) and (c, d), respectively. As in the 

1410C heat-treatment, three phases are present, though high magnification of the γ-phase region 

indicated that a solid-state transformation took place upon quenching. TEM analysis suggested a 
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spinodal decomposition of the γ-phase upon quenching. The details of this analysis are discussed 

in Chapter 8. It was possible to analyze the composition and fraction of this phase even though a 

structural change took place at a lower temperature as the thermal energy was insufficient to 

allow long-range diffusion to occur. Using the procedure outlined for the 1410C heat-treated 

samples, the bulk composition and the composition of each phase were measured (Table 5-2).  

Table 5-2 Compositional analysis of the heat-treated bulk materials as well as the composition of 
the individual phases . 

 Bulk Comp. at% σ Comp. at% η Comp. at% γ Comp. at% 
Alloy-HT Al Ti Nb Al Ti Nb Al Ti Nb Al Ti Nb 

A1-1410°C 57.2 7.1 35.7 42.6 9.5 47.9 69.9 4.5 25.6 54.3 11.5 34.1 
A2-1410°C 51.4 8.8 39.8 41.7 9.1 49.2 69.7 3.7 26.6 54.6 12.1 33.3 
A1-1510°C 57.4 6.7 35.9 42.2 7.5 50.3 69.9 3.2 26.9 47.8 12.2 40 
A2-1510°C 51.3 8.4 40.3 42.3 7.4 50.3 70.0 3.0 27.0 47.3 11.3 41.4 

 

The compositions of the phases (σ, γ and η) equilibrated at 1510C (Table 5-2), which is 

approximately 25K below the melting peak (1535C), as well as at 1410C, which is below the 

solid-state transformation that occurs between 1510C and 1410C, were plotted on the optimized 

phase diagrams (Figure 5-11) [76]. These phases form a ternary tie-triangle that represents the 

ternary equilibrium between these phases. The bulk composition along with the average 

compositions at the corners of the tie-triangle were used to calculate the theoretical weight 

percent (wt%) of each phase. The volume fractions of phases were measured from the SEM 

micrographs in Figure 5-9 and Figure 5-10. The crystal structures and lattice parameters of each 

phase (σ) [22, 41, 51], (γ) [40, 41, 48] and (η) [23] were combined with the measured 

compositions to estimate the density and, subsequently, calculate the weight percent (wt%) of 

each phase from its volume percent (vol%) shown in Table 5-3  



 

98 

Comparison of the calculated wt% (via compositional analysis) and the measured wt% (via 

microstructural analysis) shown in Table 5-3 are generally in good agreement. The σ+γ+η tie-

triangle that forms from the invariant reaction exists over a relatively tight composition range 

(Figure 5-11). Therefore, a small change (e.g., 2%) in the bulk composition or the composition of 

any of the phases may result in up to a 10 wt% difference in the calculated weight fraction. As a 

result, the differences observed between the measured and the calculated values were considered 

to be acceptable. These results indicate that sufficient time was allowed for the samples to reach 

the equilibrium weight fraction after heat treatments at 1410C and 1510C. 

Table 5-3 Calculated wt% of the phases computed from the η/γ/σ tie-triangle, the volume 
fractions of phases obtained from micrographs, along with the measured wt% of each 
phase using the vol % of phases. 

 Calculated wt% Measured Vol% Measured wt% 
Alloy-HT σ η γ σ η γ σ η γ 

A1-1410°C 49.0 42.1 8.9 40.4 44.7 14.9 39.4 51.0 9.6 
A2-1410°C 59.3 17.6 23.1 45.9 20.5 33.6 49.7 26.4 23.9 
A1-1510°C 26.9 43.1 30 18.7 39.5 41.8 18.8 49.8 31.4 
A2-1510°C 42.3 19.3 38.4 33.6 17.5 48.9 37.1 23.7 39.2 

 

5.5  Development of the Invariant Reaction 

The DTA results shown in Figure 5-2 combined with the microstructural observations of 

samples heat treated at 1510C revealed that the double peak is associated with a solid-state 

transformation, whereas the sharp peak is linked to melting. Knowing that the sharp peak is only 

attributed to melting, two main features of this peak are of interest. Firstly, the peak onset 

temperature is almost equal and at approximately 1535C for both alloys. This is consistent with 

alloys crossing through an invariant plane during solidification and/or melting. Secondly, the 

height of the peak for alloy A1 is significantly larger than that of A2 alloy. This observation 

correlates with the amount (vol %) of the lamellar structure in these alloys (Figure 5-3 and 
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Figure 5-7). Alloy A1 contained only 5 vol% primary phase with 95% lamellar structure, 

whereas the fraction of the primary phase in alloy A2 was roughly 7 times greater. Furthermore, 

the symmetry and sharpness of this peak after thermal cycling are indicative of a eutectic 

reaction (Figure 5-2b) [72]. The melting of the primary phases can be distinguished as a shallow 

peak upon heating (Figure 5-2a). However, upon cooling, owing to the extensive undercooling 

needed for the nucleation of the primary phases, the exothermic solidification peaks for the 

primary phases overlap the invariant solidification peaks.  

Compositional analysis further points to the nature of the invariant reaction. The tie-

triangle presented in Figure 5-7a helps in identifying the class of the invariant reaction from 

which it forms. In a class 1 reaction, the composition of the invariant point lies within the three-

phase equilibrium that forms through the eutectic reaction. On the other hand, in any class 2 

reaction the invariant point lies on the edge of the two three-phase equilibria and forms through a 

transition reaction. The overall composition of the lamellar microstructure that forms from the 

invariant reaction (7.3Nb, 56.0Al, 6.8Ti at%) lies well within this tie-triangle, hence indicating a 

class 1 or ternary eutectic reaction [67].  

The solid-state transformation that takes place between 1510C and 1410C is identified to 

be a compositional movement of the σ−γ−η tie-triangle with changing temperature (compare 

Figure 5-11a and b). As apparent from the movement of the tie-triangle and the results shown in 

Table 5-2, the most significant change is in the γ-phase that loses solubility for Nb. The Nb is 

replaced with Al, whereas the Ti remains almost unchanged. This is a general trend in the phase 

diagram where the Nb solubility in the γ-TiAl decreases with reducing temperature. It is also 

interesting to note that the γ-phase contains approximately 12 at% Ti. The rapid change in the 
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equilibrium concentration of the Nb content upon cooling is believed to be responsible for the 

instability of the γ-phase upon water quenching directly from 1510C. 

5.6  Solidification Path in As-Cast Materials 

Using the invariant composition and the associated three-phase equilibrium compositions 

at 1510C, a tie-triangle at 1535ºC was developed as shown in Figure 5-11c. The positions of the 

alloys are also shown on this invariant plane. The information presented in Figure 5-3 suggests 

that alloy A1 solidifies with primary η-phase followed by a minor amount of the primary γ until 

the liquidus crosses through the eutectic invariant plane. The A1 alloy is compositionally located 

near the measured invariant point (Figure 5-11c), thus the majority of the microstructure should 

be composed of the eutectic structure. Consistently, microstructural evaluations (Figure 5-3) 

revealed the presence of small volume fraction of the eta phase with a dendritic morphology. 

Occasionally γ-phase was found adjacent to the primary η, but it was difficult to distinguish it 

from the γ-phase that formed upon the eutectic reaction. Upon crossing through the invariant 

plane, the σ, γ and η phases form isothermally, developing a lamellar structure. The equilibrium 

fraction of the γ-phase decreased with temperature as the γ corner of the (σ, γ and η) tie-triangle 

moves to lower Nb contents. Since the amount of the primary γ-phase is quite small in this alloy, 

the volume fraction of this phase closely represents the γ constituent present in the fine lamellar 

microstructure observed in the as-cast microstructure. As shown in Table 5-3, the amount of the 

γ-phase reduced sharply from 41.8% to 14.9% upon reducing the temperature from 1510ºC to 

1410ºC. Microstructural evidence of this was also observed in TEM which is shown in Figure 5-

5 

Close evaluation of the phase diagrams shown in Figure 5-11 revealed that the alloy A2 

solidifies through the following equilibrium transformation path: L+σ; L+σ+γ; L+σ+γ+η; 
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σ+γ+η. The interpretation of the as-cast microstructure of the A2 alloy is somewhat less direct. 

Phase fraction calculations using the compositions measured in the tie-triangle at 1510C (Figure 

5-11c) reveal that approximately 40 wt% of the primary dendrites should be the σ-phase while 

the remaining 60 wt% of the primaries should be the γ-phase, yet microstructural analysis 

revealed γ-phase as the primary dendrites (Figure 5-7). This finding suggests that the interfaces 

that form upon nucleation of the σ-phase are high in energy, thus nucleation requires a 

substantial driving force. Additionally, the DTA results revealed that for alloy A2 the liquidus 

surface and the invariant plane are only separated by about 50K, which is a small temperature 

window for the primary σ-phase to form. Therefore, during solidification of this alloy there is a 

driving force for primary σ-phase to form but its nucleation is difficult. Thus, the γ-phase, which 

is the second primary phase to evolve from the liquid, nucleates as the main primary dendrite in 

this alloy. 

Furthermore, primary η-phase was found in the interdendritic regions (Figure 5-7). The 

composition of the dendritic primary γ-phase was measured to be 42.9Nb, 45.3Al, 11.8Ti at%. 

This phase has significantly less aluminum content than the alloy composition, hence aluminum 

is rejected into the interdendritic regions shifting the entrapped liquid’s composition such that the 

primary η-phase can form. 

A slow solidification experiment was performed in an attempt to solidify alloy A2 close to 

its equilibrium solidifications path. As previously discussed it was not possible to melt an alloy 

in our vertical tube furnace without substantial modifications. Therefore the slow solidification 

experiments were conducted in the DTA. A sample of this alloy A2 was heated in the DTA to 

1600C, which is above the liquidus temperature, and solidified at a rate of 10K/min. Upon 

reaching the temperature of 1510C the sample was rapidly cooled at 80K/min in order to 
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preserve the characteristics of the slow solidified sample as best as possible. The cooling rate 

was set based on the DTA’s capabilities and a 20% safety factor from the maximum rate of 

99K/min. 

The microstructure of slowly cooled A2 is shown in Figure 5-12, in which the γ-phase 

formed as the main primary with adjacently forming σ-phase as a second primary phase. The η-

phase was found to form within the primary γ-phase. This revealed that the σ-phase has 

difficulties nucleating even at slow solidification rates. A coupled growth microstructure 

consisting of the σ, γ and η phases was again found throughout the sample filling in the regions 

between the primaries. 

Addressing the as-cast microstructure of alloy A2 alone one could arrive at the conclusion 

that this sample solidified through a transition reaction. However, thermal and compositional 

evidence prove this is not the case. The fact that the γ and η phases seem to make up the primary 

phases could in the lack of further examination be explained through the solidification path of 

the L+η->σ+γ invariant reaction. Assuming that this was the actual invariant reaction, and that 

alloy A2 crosses through the L+γ+η tie-triangle during solidification, primaries containing the σ 

and η phases should be found. Upon crossing through the invariant plane the remaining liquid 

should form the σ+γ+η phases isothermally. This reaction is found to be a ternary eutectic in 

light of the significant compositional and thermal evidence developed here, and the observed as-

cast microstructure directly results from the failure of the σ-phase to nucleate from the liquid.  

5.7  Summary 

The invariant reactions among L, γ, σ and η phases in the Ti-Al-Nb system were 

investigated using compositional, microstructural and thermal analyses. This reaction was 

defined by detailed examination of two alloys with nominal compositions of 7Ti 57Al 36Nb and 
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8.5Ti 51.5Al 40Nb (at%). Compositional analysis of the equilibria comprising the invariant 

reaction showed that the invariant point lies within the three-phase tie-triangle, thus clearly 

pointing to a class 1 ternary eutectic reaction. Microstructural evaluation demonstrated that after 

the primary phases nucleated and grew, a lamellar structure consisting of three phases (γ, σ and 

η) developed from the liquid, which provides morphological evidence of a eutectic reaction. 

Analysis of the as-cast and slow-solidified microstructures highlighted the failure of the σ-phase 

to nucleate as a primary phase. DTA revealed that the alloys melted through a single 

endothermic event typical of a ternary eutectic reaction. The composition of the eutectic was 

found to be at 37.3Nb, 56.0Al, 6.8Ti all in at% and the invariant temperature was recorded at 

1532C. 

The solid-state reaction peaks below the melting peak of 1532C were found to be 

associated with compositional and volume fraction changes in the σ, γ and η phases as evidenced 

by microstructural analysis. The γ-phase was shown to lose its solubility for Nb rapidly as 

temperature was decreased from 1510C to 1410C. This substantial composition shift to higher Al 

contents resulted in the decomposition of the γ-phase into a nano-scale microstructure upon 

water quenching. 
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Figure 5-1 Calculated liquidus projection marked with the composition of alloys A1 and A2. 
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Figure 5-2 DTA at 10K/min of alloys A1 and A2 in the a) as-cast condition and b) heating of the 

thermal cycled materials 
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Figure 5-3 SEM of as-cast alloy A1 showing a) the overall microstructure b) centered on the primary dendrites c) centered around the 

lamellar structure and d) high magnification showing three phases in the lamellar structure. The η, γ and σ phases are 
identified as dark, grey and bright contrasts respectively. 
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Figure 5-4 TEM of alloy A1 showing a) FIB secondary electron image b) BF image superimposed on FIB image c) BF TEM image of 

lamellar structure showing the σ, γ and η phases including the respective diffraction patterns for d) σ-phase, e) γ-phase and 
f) η-phase. 
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Figure 5-5 A series of TEM micrographs of the γ-phase in lamellar structure showing this phase 

a) adjacent to the η-phase in BF b) adjacent to the σ-phase in BF c) adjacent to 
alternating lamella of η and σ in BF and d) DF of the γ-phase in C 
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Figure 5-6 TEM SAD patterns showing the orientation relationship between the η and σ phases. 
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Figure 5-7 SEM of as-cast alloy A2 showing a) the overall microstructure b) centered on the coarse primary dendrites c) higher 
magnification centered around the coarse and fine the primary dendrites d) high magnification showing three phases in the 
lamellar structure. The η, γ and σ phases are identified as dark, grey and bright contrasts, respectively. 
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Figure 5-8 XRD of alloy A1 heat-treated subjected to the 1410C heat-treatment that identifies the 

σ, η and γ phases. 
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Figure 5-9 SEM micrographs of alloys subjected to the 1410C heat-treatment showing a) low magnification of alloy A1 and b) higher 
magnification next to c) low magnification of alloy A2 and d) higher magnification. The η, γ and σ phases are identified as 
dark, grey and bright contrasts, respectively. 
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Figure 5-10 SEM micrographs of alloys subjected to the 1510C heat-treatment showing a) low magnification of alloy A1 and b) 
higher magnification next to c) low magnification of alloy A2 and d) higher magnification. The η, γ and σ phases are 
identified as dark, grey and bright contrasts, respectively. 
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Figure 5-11 Calculated isothermal sections at a) 1510C and b) 1410C marked with the experimental data obtained from the respective 

heat-treatments. c) Shows the four phase invariant equilibrium point and participating three phase equilibriums. 
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Figure 5-12 SEM micrographs of alloy A2 solidified at 10K/min showing A) the overall 
microstructure and B) high magnification of the primary dendrites and adjacent 
lamellar structure. The η, γ and σ phases are identified as dark, grey and bright 
contrasts respectively. 
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CHAPTER 6 
TERNARY PERITECTIC REACTION INVOLVING THE L, γ, σ, β PHASES 

6.1  Introduction 

L, γ, σ, β invariant reaction is important in the development of σ+γ alloys as it connects the 

(L, γ, σ), (L, σ, β) and (L, γ, β) bivariant equilibrium lines that are shown on the calculated 

liquidus projection (Figure 6-1) [79]. The details of the composition and reaction class were not 

known yet they are key for the optimization of the Ti-Al-Nb phase diagram and the development 

of high-temperature thermomechanical processing schemes. Sparse experimental data have been 

reported in the literature therefore alloys and heat treatments were designed to investigate the 

nature of the L, γ, σ, β invariant reaction. 

Several controversies exist in the Ti-Al-Nb phase diagram at temperatures above 1200ºC, 

where there is a lack of experimental data. There are four ternary invariant reactions involving 

liquid phase in this system, which cascade into each other. Regarding the invariant reaction 

involving L,σ,γ, and β phases, prior computational studies have predicted a class 1 eutectic 

reaction [56] and a class 2 transition reaction (L+β→σ+γ) in [18], whereas experimental work 

has all supported a class 2 reaction transition reaction (L+σ→β+γ) [16, 54, 55, 57]. Recently, at 

different levels of the optimizations we have considered both a class 2 transition reaction based 

on the reported experimental observations and a class 3 ternary peritectic reaction [78].  

Available experimental studies and calculated phase diagrams provided some guidance to 

the development of initial alloys. These combined with the current work on the β-phase 

extension and the investigation of the L, γ, σ, η invariant reaction made it possible to narrow 

down a compositional window for the probable location of the L, γ, σ, β invariant reaction. The 

compositions of the experimental set of alloys used in the development of the L, γ, σ, β invariant 
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reaction are listed in Table 6-1 and marked on the optimized phase diagram (Figure 6-1). These 

alloys were cast sequentially and the interdendritic regions were searched for clues leading to the 

location of this reaction. This methodology was based on the fact that the interdendritic regions 

always follow the contours of the liquidus surface downward. Essentially, alloys which cross 

through the liquidus surface at temperatures above the invariant reaction temperature will 

develop interdendritic regions with compositions closer to the invariant plane than the bulk alloy 

composition. Conversely, alloys which cross the liquidus surface at temperatures below the 

invariant temperature will have interdendritic regions compositionally located away from the 

invariant plane. The analysis of non-equilibrium solidification paths is based on the work of 

Gulliver-Scheil [68, 69] and it application to complex ternary phase diagrams by Rhines [67] is 

discussed in Chapter 2. The overall compositions of each interdendritic region are listed in Table 

6-2. 

6.2  The L, σ, β Bivariant Equilibrium 

Alloys A110 and A120 were cast in order to analyze the L, σ, β bivariant equilibrium. 

These alloys were predicted to each lie on one of the sides of the bivariant equilibrium. If this 

prediction was in fact correct, analysis and comparison of compositional segregation which 

develops during solidification could provide useful information on the L, σ, β bivariant 

equilibrium. Alloy A110 solidified to form a highly segregated dendritic microstructure with 

large grains of over 0.5mm indicating a single phase existed at high temperature (Figure 6-2). 

XRD analysis identified the β-phase which was preserved from high temperature in the as-cast 

material (Figure 6-3a). No other phases were detected by XRD indicating that, if present, their 

phase fraction was below the instruments detection limit with the chosen scan time, The z-

contrast which develops is therefore due to the compositional segregation within the β-phase 
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itself. Compositional analysis of the interdendritic region, which is listed in Table 6-2, revealed 

that near alloy A110 the β-phase liquidus surface slopes down in temperature away from the Ti 

corner of the ternary. This indicated that the L, σ, β bivariant equilibrium was compositionally 

located below the alloy A110 shown in the Figure 6-1. 

Table 6-1 Composition of alloys measured by EPMA 
Alloy # Nb at% Al at% Ti at% 
A110 34 31.9 34.1 
A120 41.8 36.8 21.4 
A167 38.6 37.6 23.8 
A141 33.2 41.1 25.7 
PG1 27.1 45 27.9 
PG2 24.1 46.7 29.2 
PG3 19.8 47.1 33.1 

 

Alloy A120 also formed a dendritic microstructure during solidification. The primary 

dendrite core and secondary dendrite arms are shown in the optical micrograph presented in 

Figure 6-4a. Close observation of the interdendritic regions exposed that a second phase 

nucleated and grew from the last remaining liquid, forming a fine-scale microstructure. The fact 

that a second phase formed directly from the last remaining liquid, which was entrapped in the 

interdendritic region, suggested that alloy A120’s bulk composition lies near a bivariant 

equilibria with the liquid phase. 

Powder XRD of the as-cast material revealed that the structure consisted of mostly the σ-

phase with some intensity from the β-phase (Figure 6-3b). Since alloy A120 was determined to 

exist near the bivariant equilibria, DTA analysis was performed in order to identify the 

temperature regions of multi-phase and single-phase stability. As shown in Figure 6-5 the DTA 

curve revealed a wide peak that indicated that a temperature region of multi-phase stability 

extended from 1325C to 1552C. A heat-treatment was conducted at 1550C, which is near the end 

of the multi-phase stability window. The heat-treatment was terminated by drop quenching into 
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water after 2hrs. XRD structural analysis of a powdered sample is shown in Figure 6-3b revealed 

that the fraction of the β-phase in the microstructure increased. The evidence that alloy A120 

contains a second phase in the interdendritic regions combined with the fact that both the σ and β 

phases exist at high temperature suggested that this alloy existed near the L, σ, β bivariant 

equilibria. 

Table 6-2 Compositions of interdendritic regions of each experimental alloy. 
Alloy # Nb at% Al at% Ti at% 
A110 34.7 35.4 29.9 
A120 39.5 36.4 24.1 
A167 35.7 40.6 23.7 
A141 31.5 44.2 24.3 

 

The interdendritic regions of the as-cast microstructure were further analyzed by SEM-

BSE shown in Figure 6-4. There was a clear distinction between the primary dendrites and the 

secondary nucleation that took place in the interdendritic regions. The overall composition of the 

interdendritic region was measured by EPMA and listed in Table 6-2. Compositional analysis 

revealed that the liquidus surface near alloy A120 exhibited a downward slope in temperature 

toward lower Nb contents. An alloy with approximately the composition of alloy A120’s 

interdendritic region was targeted, namely A167. 

Alloy A167 was arc melted and its as-cast microstructure was evaluated though SEM-BSE 

shown in Figure 6-6. The alloy’s bulk composition along with the composition of the 

interdendritic region are listed in Table 6-1 and Table 6-2, respectively. Again a second phase 

was found in the interdendritic regions in a greater volume fraction than that of alloy A120. The 

morphology suggested that this phase formed adjacent to the primary phase. Alloy A167 was 

determined to be near the L, σ, β bivariant equilibria based on its second phase nucleation and 

the composition of the interdendritic regions. Using the interdendritic region as an indicator to 
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the “flow lines” in the liquidus projection alloy A141 was cast, which is compositionally near 

alloy A167’s interdendritic region. 

6.3  Phase Transformation Path in Alloy A141 

6.3.1  Phase Reactions in the Interdendritic Region 

The as-cast structure of alloy A141 was of particular interest as it provided evidence of 

three phases reacting with the liquid phase, an indication that its interdendritic region 

composition had drifted into an invariant plane during non-equilibrium solidification. SEM of 

this alloy’s as-cast microstructure is shown in Figure 6-7. Figure 6-7a and b, which are low 

magnification micrographs, elucidate a fine structure of two different z-contrast phases in the 

primary dendrites and a large volume fraction of a third contrast phase in the interdendritic 

regions. Higher magnification in Figure 6-7 c and d revealed at least 3 contrast phases, which 

seemed to form directly from the last remaining liquid trapped in the interdendritic regions. XRD 

structural analysis of the as-cast material revealed three structurally distinct phases, namely the γ, 

σ and β phases (Figure 6-8). The O-phase, which is a metastable phase, which forms via a shear 

transformation occurring in the β-phase upon quenching, was also identified [19]. The evidence 

showing three structurally and compositionally distinct phases formed directly from the liquid 

motivated further investigations of A141’s interdendritic regions for evidence of the invariant 

reactions class and composition. 

6.3.2  Microstructural Evolution of Three-phase Reaction from the Liquid 

The evolution of this microstructure became of key interest in the development of the 

invariant reaction. Two phases provided morphological evidence that their formation was 

coupled. This region is marked as region 1 in Figure 6-7. A second region marked as region 2 

showed a coarse phase surrounded by second composition phase that seemed to grow from the 
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liquid adjacent to region 1. Regions 1 and 2 are marked in subsequent micrographs throughout 

this chapter and referenced to throughout the discussion. The microstructure of the as-cast 

material was analyzed in order to determine the solidification sequence of region 1 and region 2 

using optical microscopy shown in Figure 6-9a and b. 

Phase evolution in as-cast materials: Regions 1 and 2 are also marked on this 

micrograph. The lamellar morphology of region 1 strongly suggested that it formed though a 

reaction with the liquid. It may be implied that if region 2 cut though region 1 then region 2 

formed via a reaction of the lamellar like structure and the liquid. Examining the optical 

micrographs shown in Figure 6-9a and b provided several instances of region 2 cutting through 

region 1 as evident by the continuation of the lamella through the coarser phase. Two examples 

of this are marked on Figure 6-9b with lines highlighting several laths. This event was found 

throughout the interdendritic regions examined. 

Knowing that region 1 consisted of two phases that formed via a coupled growth 

mechanism, and the fact that the third phase forms via a reaction of these phases with the liquid, 

it became evident that this alloy crosses through the invariant plane of either a transition or 

ternary peritectic reaction. Both the transition reaction and ternary peritectic reactions may 

produce two primary phases that form together from the liquid followed by a third phase that 

forms upon crossing through the invariant plane. 

6.3.3  Analysis of the Solid State Transformations after Solidification 

In this alloy system solid-state transformations during cooling to room temperature often 

obscure the interpretation of microstructures. To be able to analyze confidently the reactions with 

the liquid phase occurring within the interdendritic region the solid-state transformations were 

characterized. Alloy A141’s DTA curve for the thermally cycled material between 1150C and 
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1600C is shown in Figure 6-10. The DTA sample’s microstructure was evaluated and showed no 

evidence of melting therefore the peaks are associated with a solid-state transformation. 

Three endothermic peaks were measured upon heating, consisting of a sharp peak and two 

convoluted wide peaks marked 1 and 2 in Figure 6-10. The sharp peak has an onset temperature 

of 1299C that ends at 1366C at the beginning of the 1st wide peak. This peak persisted up to 

1431C where the onset of the last wide peak was located. The signal returned to the baseline at 

1528C. Knowing that these peaks were associated with solid-state transformations, heat-

treatment temperatures of 1535C and 1155C were selected which are above and below the solid-

state transformation, respectively. By addressing the two microstructures it was possible to 

identify the solid-state transformations. 

The microstructure that resulted from the 1535C heat-treatment, shown in Figure 6-11a 

revealed that the alloy had gone into the edge of a two-phase region at high temperature as 

indicated by a mostly single-phase microstructure. Evidence of a solid-state transformation was 

evident upon quenching due to the fine structure microstructure throughout. Just as in the as-cast 

material, XRD structural analysis shown in Figure 6-8 identified the σ, γ, β and O phases, yet the 

peaks associated with the β and O-phase were significantly greater indicating that the β-phase is 

the highest temperature phase. The quenched material was then sealed in a quartz tube and heat-

treated at 1150C for 8hrs. A coarser σ+γ two-phase microstructure evolved after this heat 

treatment as shown in Figure 6-11b. This set of experiments indicated that the solid-state 

transformation associated with the DTA peaks result from the β-phase transforming to the σ and 

γ phases. It is therefore important to note that upon cooling, the β-phase has a significant driving 

force to transform any traces of this phase that are in the microstructure retained from high 
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temperature. The driving force for this phase transformation is important in the analysis of as-

cast alloy A141. 

6.3.4  TEM Investigation of the L, σ, β, γ Invariant Reaction 

The microstructure shown in Figure 6-12a was determined to evolve by the formation of 

two phases forming though a coupled growth mechanism from the liquid with a third phase 

finally forming. This led to the notion that the interdendritic region of alloy A141 crossed 

through the invariant plane of either a transition reaction or a ternary peritectic reaction. Bulk 

structural evaluations (powder XRD) revealed the presence of the σ, γ and β phases. With this 

knowledge it was important to identify the phases and their location in the microstructure in 

order to classify which reaction is taking place. To address this conventional TEM and STEM 

were performed. 

Compositional analysis also became important in the understanding the location of this 

reaction. TEM observation revealed that the fine-scale morphology of these phases is such that 

interaction volume in EPMA is often greater than the depth of the phases in the interdendritic 

region. As a result TEM EDS was employed in order to identify accurately the composition of 

the phases partaking in this microstructure. This compositional analysis is used to develop a tie-

triangle representative of the high temperature equilibrium. 

A site specific TEM foil of the interdendritic region was prepared by FIB from the as-cast 

material shown in Figure 6-12a. A low-magnification bright-field image and a low-magnification 

composite bright field STEM image are shown in Figure 6-12b and c respectively. Two main 

regions are distinguishable in these images, marked as regions 1 and 2 on the micrographs. 

Following the same convention established in the previous section, we found that region 1 

corresponds to the fine-scale two-phase region whereas region 2 corresponds to the region 
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including the third coarser phase. Figure 6-12b and c exposed the high aspect ratio of the coarse 

third phase. This is an important feature in TEM analysis as the long side of this phase may be 

normal or parallel to the foil thickness. In Figure 6-12b the coarse phase marked with a 2 is 

parallel to the foil normal whereas in Figure 6-12c it is perpendicular to the foil normal. 

The σ and γ phases were identified throughout the microstructure while the β-phase was 

found to be retained in locations adjacent to the coarse phase, which was identified as the γ-

phase. Diffraction patterns for the γ[100], σ[001] and β[125] zone axes are shown in Figure 6-

13a, b and c, respectively. The bright and dark field images shown throughout this section are all 

taken from transmitted and diffracted beams in a two-beam condition slightly off the zone axes. 

Each micrograph is presented with a bright field and corresponding dark field image. STEM 

images were taken with the transmitted beam. 

6.3.4  Region 1 Microstructural Evaluations of Phases in Lamellar Structure 

The γ-phase was identified in the fine two-phase microstructure as demonstrated in Figure 

6-14. Dark-field imaging in Figure 6-14a and b showed high intensity from the γ-phase, 

elucidating the location of this microconstituent. The average cross-section had a diameter of 

slightly over 0.5µm which is a comparable scale to the lamellar spacing of the L, γ, σ, η eutectic 

discussed in Chapter 5. The morphology between the γ-phase and adjacent phase did show 

evidence of cooperative growth with another phase although a true lamellar structure was not 

evident. 

In region 1 the γ-phase was always found to be surrounded by a second phase that was 

identified as the σ-phase. Bright-field images and the corresponding dark field images of the σ-

phase are shown in Figure 6-15. It was not possible to make all of the σ-phase in the 

micrographs “light up” with a single two beam condition, therefore several adjustments were 
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made for crystallographic variations between them. In doing so it was possible to phase identify 

most of the microstructure in Figure 6-15. In Figure 6-15a and b there are clear examples of how 

the σ and γ phases are in direct contact throughout this region of the microstructure. 

A STEM bright field image of region 1 is shown in Figure 6-16a. The σ and γ phases are 

both marked on this micrograph. The compositions of the σ and γ phases were measured by 

TEM EDS, which are listed in Table 6-3. These are also plotted on Figure 6-16b, which includes 

a liquidus projection calculated from the optimized phase diagram [79]. These compositions 

approximately represent the composition of the σ and γ phases forming from the liquid prior to 

crossing the invariant plane. 

Table 6-3 TEM EDS compositional analysis of each phase in regions 1 and 2. 
 Nb at% Al at% Ti at% 

γ Region 1 27.4 48.8 23.8 
σ Region 1 37.8 41.6 20.7 
γ Region 2 27.4 47.9 24.7 
σ Region 2 36 43.1 20.8 
β Region 2 29.2 45.7 25.1 

 

6.3.5  Region 2 Microstructural Evaluations of Phases Formed through the Invariant 
Reaction 

The γ , σ and β phases were identified in the region 2, where the third coarser phase 

formed adjacent to the fine σ+γ phase microstructure. The coarse phase was identified as the γ-

phase as evident in the bright and dark field images shown in Figure 6-17. The long side of this 

phase is parallel to the foil normal in this micrograph. The smooth continuous interface curvature 

and general morphology indicated that at least some portions of this phase were in direct contact 

with the liquid during solidification. This evidence reveals the formation of the coarse γ-phase 

from liquid. 
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The σ-phase was found adjacent to the γ-phase as marked in Figure 6-18. The dark-field 

images in Figure 6-18c and d provided significant intensity from the σ-phase. The interface 

suggests that the γ-phase grows partially into the σ-phase, consuming it. In all cases σ-phase 

surrounds the γ-phase, indicating that there is a diffusional reaction between the phases. 

A small amount of retained β was identified as shown in Figure 6-19. In this figure the γ 

and σ phases are marked, and the location of the β-phase is revealed in the dark field image in 

Figure 6-19b. Dark-field imaging revealed that this phase was only retained near the σ/γ 

interfaces. Further analysis exposed that this phase contained many dislocations that is consistent 

with a disordered BCC phase retained in a high-temperature microstructure down to room 

temperature. 

Compositional analysis was performed on the σ, γ and β phases retained from high 

temperature in region 2. A conventional bright field TEM image along with a STEM image of 

approximately same location are both shown in Figure 6-20a and b. Each phase is marked on the 

micrographs. The approximate locations used for TEM EDS measurement are marked on these 

micrographs. The γ and σ phases were relatively coarse compared to the minor amount of 

retained β-phase that was located near the γ/σ interface.  

The compositions of the β, γ and σ phases were used to develop a ternary tie-triangle 

representative of high-temperature equilibrium near the invariant reaction temperature and 

composition. The compositions that define this tie-triangle are listed in Table 6-3 and are also 

plotted on our calculated liquidus projection (Figure 6-20). The β and γ phases have a fairly close 

composition relative to the σ-phase, which is compositionally located further away. The fact that 

the β and γ corners of the tie-triangle are close, and both are further from the σ-phase, is 

consistent with the general trend seen in calculations using a recently published phase diagram 
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database [80] as well as the β, γ and σ tie-triangle we measured at 1510C discussed in Chapter 7. 

At 1510C the β and γ phases were also only separated by a few at% Nb, Al and Ti. 

6.4  Development of the L, β, γ and σ Ternary Peritectic Reaction 

In the microstructure there was evidence of the coupled growth of the σ and γ phases 

followed by what the microstructural evolution suggested to be a peritectic-like formation of the 

γ-phase. This evidence was found in the heart of the interdendritic region where support in favor 

of a reaction between the L. σ, γ and β phases was found. The fact that the γ-phase is forming 

from the last liquid though this invariant reaction defines this phase as a principal invariant 

reaction product. This means the γ-phase is forming from a reaction between the L, σ and β 

phases. 

The microstructural evidence suggesting that the coarse γ-phase formed through a reaction 

between the coupled growth microstructure and the liquid phase, signaled that the γ-phase should 

not be present in the primary regions. The β-phase was not found in the coupled growth 

microstructure, however, this does not preclude its existence as a primary microconstituent at 

high temperature. The development of the β-phase extension discussed in Chapter 4 revealed that 

this phase readily transforms to the γ-phase even under severe cooling rates. Therefore, in the 

interdendritic regions of this as-cast microstructure it is likely that most of the high-temperature 

β-phase transformed to the γ-phase under the less severe cooling rates.  

The evolution of the interdendritic region was, therefore, determined to be the σ+β phases 

forming through a coupled growth mechanism, followed by the formation of the γ-phase via a 

reaction between the σ+β phases and L phase. Two possible invariant reactions could cause the 

evolution of such a microstructure, namely, a transition reaction and a ternary peritectic that are 

both shown graphically in Figure 6-21. The transition reaction, at the invariant point consists of 
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the L+β phases reacting to form the σ+γ phases. The ternary peritectic reaction on the other hand 

consists of the L+β+σ phases reacting to form peritectic γ-phase. 

In the event of a transition reaction there are two three-phase regions, namely the L+β+σ 

and L+γ+σ tie-triangles, reacting to yield the L+β+γ and β+γ+σ tie-triangles. These triangles are 

shown schematically in Figure 6-21. This reaction may yield the observed microstructure if the 

alloy is compositionally located within the L+β+σ tie-triangle above the transition reaction 

invariant plane and within the β+σ+γ tie-triangle below the reaction plane. An alloy with such a 

composition is marked on Figure 6-21. Above the invariant plane the microstructure will evolve 

by the coupled growth of the β+σ phases directly from the liquid. Upon crossing through and 

under the invariant plane the alloy composition now within the β+σ+γ tie-triangle with result in 

the formation of the γ-phase via a reaction with the liquid and β+σ phases. 

Similarly, if a ternary reaction of the L, σ and β phases form peritectic γ-phase an identical 

two region microstructure is possible. An alloy that is compositionally located within the L, σ 

and β tie-triangle above the invariant plane and within the tie-triangle below the invariant plane 

is shown in Figure 6-21. In this alloy, similar to the transition reaction, a coupled growth 

microstructure consisting of σ and β phase microconstituent forms from the liquid as the alloy 

crosses through the L, σ and β tie-triangle. Upon cooling through the invariant plane the liquid 

phase reacts with a fraction the σ and β phases to form the γ-phase through a peritectic reaction.  

Thermal Development of the L, γ, σ, β invariant reaction 

The microstructural evolution of the as-cast and fast solidified alloy A141 provided 

evidence of the formation of γ-phase via a reaction between the L, σ and β phases. This 

information alone however was not sufficient to distinguish between a transition and ternary 
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peritectic reaction involving these phases. Examination of the bivariant equilibrium involving the 

liquid phase that feeds into and runs out of the invariant plane revealed a key difference in the 

contours of the liquidus surfaces. 

The lines of intersection between the liquidus surfaces are delineated by the path of the 

bivariant equilibrium lines through temperature composition space. At the invariant reaction 

temperature all three bivariant equilibrium meet and react. The three pertinent lines representing 

the (L, σ, γ), (L, β, γ) and (L, β, σ) bivariant equilibrium are expanded and shown in Figure 6-21 

for both the transition and ternary peritectic reactions. A principal difference between the paths 

of the (L, β, γ) bivariant equilibria through temperature composition space evident in these 

projections. In the case of the transition reaction the (L, β, γ) bivariant equilibria feeds into the 

invariant reaction, hence the liquidus temperatures decrease toward the invariant point. In 

contrast the ternary peritectic reaction case the liquidus temperatures decrease away from the 

invariant point. This key difference in the thermal behavior between reactions was exploited to 

provide an experimental distinction between the two types. 

Thermal analysis of liquidus surface contours: Alloys Pg1, 2 and 3 were designed in 

order to examine the slope of the liquidus surface. The compositions measured by EPMA are 

listed in Table 6-1 and plotted on Figure 6-1. The invariant reaction is known to be near alloy 

A141 and the three-phase equilibrium measured within its interdendritic region. Alloys Pg1, 2 

and 3 are successively located further from the location of the invariant reaction along the (L, 

β, γ) bivariant equilibria as can be seen in Figure 6-1. The as-cast SEM micrographs of alloys 

Pg1, 2 and 3 are shown in Figure 6-22 a, b and c, respectively. These micrographs revealed a 

two-phase solidification that is consistent with each alloy crossing through the liquidus surface 
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near the bivariant equilibria. Each of these alloys was thermally cycled in the DTA and the 

subsequent curves were investigated for signs of melting. 

The DTA curves for each alloy are shown on the same graph in Figure 6-23. The solid-

state transformations are similar in all three curves. Upon heating alloy Pg1, the first peak related 

to a solid-state transformation has an onset temperature of 1288C whereas the second solid-state 

transformation peak started at 1507C. Microstructural evaluations revealed this alloy did not 

exhibit any signs of melting. Similarly, the heating of alloy Pg2 revealed two peaks related to 

solid-state transformations that begin at 1274C and 1456C respectively, which are slightly lower 

than the temperatures measured in alloy Pg1. Alloy Pg 2 however commenced melting at 1544C 

indicating that the liquidus surface had decreased. Finally alloy Pg3 which is furthest away from 

the invariant reaction had solid-state transformations at 1270C and 1437C and entered the liquid 

phase stability range at 1519C and fully melted at 1577C.  

Comparison of the DTA curves revealed that liquidus surface was not reached by alloys 

near the invariant reaction, yet alloy Pg3 furthest away fully melted. This provides clear evidence 

that the (L, β, γ) bivariant equilibria decreases in temperature away from the invariant reaction 

thus proving the reaction is a ternary peritectic reaction. As a result the interdendritic region of 

alloys with compositions near the (L, β, σ) bivariant equilibria will fall towards the invariant 

reaction during none equilibrium solidification. Alloys near the (L, β, γ) or (L, σ, γ) bivariant 

equilibrium conversely will drift away from the invariant reaction. 

6.5  Summary 

Microstructural analysis revealed the formation of the γ-phase though either a ternary 

peritectic or transition reaction. The thermodynamic behavior of alloys near the (L, β, γ) 

bivariant equilibria line confirmed the peritectic formation of the γ-phase. In the case that γ-
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phase is forming though a peritectic reaction between the L, β and σ phases there should be 

evidence of coupled growth of the β and σ phases followed by the peritectic formation of the γ in 

the interdendritic region.  

The microstructure of alloy A141 shows that the γ-phase in the interdendritic is surrounded 

by σ and a small amount of retained β. Two phases namely the γ and σ phases which formed 

though a cooperative growth process are adjacent to this region. Although the γ phase is not an 

expected microconstituent, our work on the β-phase extension discussed in Chapter 4 and 

published in [77] demonstrated that the β-phase readily transforms to the γ-phase upon 

quenching. From the interdendritic regions it was possible to measure approximately the 

composition of the β and σ phases in equilibrium just above the invariant plane as well as the 

resulting (β, σ, γ) tie-triangle from the ternary peritectic reaction. The composition of the 

peritectic phase (γ-phase) in a ternary peritectic reaction is a close approximation of the invariant 

point. It was not possible to reach the invariant temperature with the available DTA therefore the 

invariant temperature is above 1600C.
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Figure 6-1 Calculated liquidus projection marked with the composition of the experimental 
alloys. 
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Figure 6-2 SEM micrograph of as-cast alloy A110 showing revealing a dendritic microstructure 
in a) low magnification across a grain boundary and b) higher magnification of the 
dendrites. 
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Figure 6-3 XRD of a) as-cast alloy A110 from which the β-phase was identified and b) of alloy 
120 in the as-cast condition and heat-treated at 1550C showing the β and σ phases 
with the signatures of the β-phase increasing with the heat-treatment. 
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Figure 6-4 Micrographs of as-cast alloy A120 showing revealing a dendritic microstructure in a) optical at low magnification and 
SEM showing b) overall dendritic structure, c)centered around interdendritic region and d) higher magnification of the 
lower z phases within the interdendritic region. 
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Figure 6-5 DTA of thermally cycled alloy A120 at 10K/min marked with the 1550C heat-
treatment temperature. 
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Figure 6-6 SEM micrographs of as-cast alloy A167 a) revealing a dendritic microstructure and b) 
and centered around interdendritic region. 
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Figure 6-7 SEM micrographs of as-cast alloy A141 a) revealing a dendritic microstructure b) centered around interdendritic region c) 
showing the formation of a coarse phase in the interdendritic region and d) showing three contrast phases with regions 1 
and 2 defined. 
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Figure 6-8 XRD of alloy A141 in a) the as-cast condition and b) heat-treated at 1520C. 
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Figure 6-9 Optical micrographs of alloy A141 which are a) centered around the interdendritic 
region and b) higher magnification showing the lamellar structure continuing though 
the coarse phase, this micrograph is also marked with region 1 and 2. 
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Figure 6-10 DTA of thermally cycled alloy A141 at 10K/min with peaks 1 and 2 marked along 
with the heat-treatment temperatures (1535C and 1155C). 
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Figure 6-11 SEM of heat-treated alloy A141 at a) 1535C and b) 1155C which shows the σ and γ 
phases which appear bright and dark, respectively. 
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Figure 6-12 SEM micrographs of a) as-cast alloy 141 marked with region 1 and 2. TEM micrographs showing b) a bright field image 
marked with region 1 and 2 and c) compound TEM micrograph generated by combining 3 adjacent STEM images across 
regions 1 and 2. 
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Figure 6-13 TEM SAD zone axis diffraction patterns of alloy A141 for a) γ-phase, b) σ-phase and c) β-phase. 
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Figure 6-14 TEM micrographs of alloy A141 a) centered on region 1 and b) corresponding dark 
field image of the γ-phase. 
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Figure 6-15 TEM micrographs of alloy A141 a) centered on region 1 and b) corresponding dark 
field image of the σ-phase and c) higher magnification of the σ and γ phases and d) 
corresponding dark field image of the σ-phase. 
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Figure 6-16 STEM micrograph of region 1 showing a) the  and  phases. TEM EDS 
compositional analysis of b) the  and  phases (blue) in region 1 plotted on a 
calculated liquidus projection along with the bulk composition of alloy A 141. 



 

147 

 

a

0.5µm

b

0.5µm
 

Figure 6-17 TEM micrographs of alloy A141 a) centered on region 2 and b) corresponding dark 
field image of the γ-phase. 
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Figure 6-18 TEM micrographs of alloy A141 a) centered on region 2 and b) corresponding dark 
field image of the σ-phase and c) higher magnification of the σ and γ phases and d) 
corresponding dark field image of the σ-phase. 
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Figure 6-19 TEM micrographs of alloy A141 a) centered on region 2 showing the σ and γ phases 
and b) corresponding dark field image of the β-phase adjacent to the σ and γ phases. 
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Figure 6-20 TEM micrograph of region 2 showing a) the ,  and  phases b) corresponding 
STEM image of the same region and c) TEM EDS compositional analysis of the  
and  phases in region 1 plotted on a calculated liquidus projection. 
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Figure 6-21 Three-phase tie-triangles that react at the invariant temperature shown slightly above 
and below the reaction shown for the ternary peritectic and transition reactions along 
with the respective liquidus projections. 
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Figure 6-22 SEM micrographs of as-cast alloys a) Pg1 b) Pg2 and c) Pg3. 
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Figure 6-23 DTA curves at 10K/min of thermally cycled alloys Pg1, Pg2 and Pg2 marked with 
peaks a and b as well as solidus peak M in alloys Pg2 and Pg3. 
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CHAPTER 7 
HIGH TEMPERATURE EQILIBIRUM AMONG THE L, γ, σ, β PHASES 

7.1  Introduction 

Our work on the L, γ, σ, η invariant reaction, the details which were discussed in Chapter 

5, revealed a solid-state transformation between the temperatures of 1510C and 1410C. This 

transformation was linked to a compositional retraction of the γ phase field between 1510C and 

1410C as the γ-phase abruptly looses solubility for Nb. The γ corner of the γ, σ, η tie-triangle is 

important to the development of γ+σ alloys since it defines the point at which the three-phase 

field meets the σ+γ two-phase field and the γ single phase field. Knowing that the solid-state 

transformation is linked to the movement of this three-phase equilibrium, an experimental 

isothermal section at 1510C, which is slightly above the solid-state transformation, was 

developed. 

7.2  Selection of Alloys 

A series of 9 alloys were designed in conjunction with the L, γ, σ, η invariant reaction 

alloys in order to develop the phase equilibria between the β, γ, σ phases. The alloy selection was 

based on γ, σ, η tie-triangle that, on one side, attaches to the γ+σ phase field boundaries. This 

provided guidance to the selection of alloys that exist in the γ+σ or γ+β two-phase regions at 

1510C as well as the somewhat elusive γ+σ+β three-phase field that connects the latter two. 

The bulk alloy compositions of the 9 alloys were measured by EPMA from the as-cast 

materials using a wide, defocused, 5µm beam. The average of five measurements is given in 

Table 7-1. These alloys were wrapped in Ta foil and heat-treated at 1510C for 4 hours under an 

argon atmosphere. The heat-treatment was terminated with a drop quench into a water bath. The 

samples were then sectioned and prepared via standard metallographic techniques. Details of the 
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heat-treatment and sample preparation are given in Chapter 3 along with the selection of the 4hr 

isothermal hold time. Three groups of alloys were formed based on their equilibrium state at 

1510C, namely γ+σ alloys (A133, A170 and A171), β+σ (A120, A134, A139 and A163) alloys 

and the γ+β+σ alloy (A132). The thermal, microstructural, and structural behavior of these 

groups are discussed individually in the following sections. 

Table 7-1 The bulk composition of the experimental alloys measured by EPMA 
Alloy Nb at% Al at% Ti at% 
A133 42.7 42.6 14.7 
A170 41.9 41.8 16.3 
A171 42.8 44.3 12.8 
A132 40.8 40.7 18.5 
A138 36.7 29.8 33.5 
A120 41.8 36.8 21.3 
A134 43.7 35.1 21.2 
A139 49.8 30.3 19.8 
A163 45.8 32.7 21.5 

 

7.3  σ+γ Equilibrium: Alloys A133, A170, and A171 

7.3.1  Evaluation of A133 Alloy 

7.3.1.1  Thermal analysis 

The transformation temperatures of alloy A133 were examined by DTA of the as-cast 

thermally cycled material. Due to instrumental limitations it was not possible to melt this alloy 

fully or obtain any significant information regarding the solidus temperature. In order to 

determine the equilibrium transformation temperatures the as-cast material was heated to the 

DTA’s maximum temperature of 1600C and held isothermally for 2 hrs before thermal cycling. 

This was an attempt to remove the microstructural history of the as-cast material, after which 

three thermal cycles were performed from 1100C to 1600C. The transformation temperatures 

were recorded from the thermally cycled materials. 
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Alloy A133’s thermally cycled DTA curve is shown in Figure 7-1. Upon heating this curve 

shows a sharp highly endothermic peak, with a first deviation from the baseline at 1418C that is 

followed by a shallow, wide peak with a start temperature of 1454C and a return to the baseline 

at 1565C. On this figure the 1510C heat-treatment temperature is marked with an arrow. This 

arrow is located within the second wide peak thus associating 1510C with a region of multi-

phase stability. Subsequent DTA hold experiments for this alloy are discussed in the 

experimental section. 

7.3.1.2  Structural and chemical analyses: as-cast alloys 

Alloy A133’s as-cast microstructure varied within the arc melted button. Two types of 

microstructures were found in the as-cast material, a highly dendritic microstructure near the 

center to top of the button and a more compositionally homogeneous microstructure near the 

bottom of the button. The microstructure became more dendritic further from the copper chill. 

Optical micrographs of chemically etched samples taken from the cross-section of the as-cast 

materials are shown in Figure 7-2. Figure 7-2a reveal a highly dendritic microstructure, whereas 

Figure 7-2b shows a more uniform microstructure. There was evidence of a solid-state 

transformation in both microstructures that were coarser in the interdendritic regions. 

SEM-BSE revealed two contrast phases (a low z and high z) in the as-cast microstructure 

shown Figure 7-3. Again a dendritic structure was evident. The interdendritic regions consisted 

of a higher volume fraction of the darker contrast phase shown in Figure 7-3a and b. A grain 

boundary phase was present that was uniformly located along every boundary examined as 

shown in Figure 7-3 c and d. The grain boundary phase appeared with the same contrast as the 

bright phase throughout the microstructure. Figure 7-3d reveals that the grain boundary phase 

provided nucleation sites for the bright contrast phase to grow into the grains. The fact that the 

light contrast phase forms as a grain boundary phase implies that it nucleated on the prior grain 
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boundaries of a higher temperature phase. Closer evaluation of the region within the grains 

indicated that the bright contrast phase’s growth consumes the dark contrast phase. 

7.3.1.3  Structural and chemical analyses: heat-treated alloys at 1510C  

An optical micrograph of etched alloy A133 equilibrated at 1510C is shown in Figure 7-4, 

which reveals a multi-phase microstructure. X-ray diffraction was performed on a powdered 

sample prepared from heat-treated alloy A133 shown in Figure 7-4c. The XRD pattern of Alloy 

A133 was identified to consist of the σ and γ phases, but, as will be demonstrated in Chapter 8, 

the γ-phase decomposed upon quenching to a γ-phase with slightly different composition and h-

phase. Correspondingly, two regions were identified in the optical micrographs shown in Figure 

7-4. The σ-phase region appears bright in the optical micrograph, whereas the second region that 

appears dark provides evidence of a single phase that underwent a solid phase transformation. 

The morphology of this region was comparable to the microstructure that developed when the γ-

phase transforms upon quenching as discussed in Chapter 8 for alloy A2.  

Close inspection of the dark contrast phase in Figure 7-4 revealed that at least two different 

phases formed on a fine scale within the prior phase boundaries. A bright field TEM image of 

this region is shown in Figure 7-5 with the associated SAD pattern of the γ[111] zone axis, 

confirming a solid-state transformation of the γ-phase upon quenching. This verified the 

existence of a prior single γ-phase in equilibrium with the σ-phase. The average compositions of 

each region were measured by EPMA and are tabulated in Table 7-1. These compositions were 

used to form a σ+γ tie-line. 

7.3.2  Evaluation of Alloys A170 and A171 

Similar to Alloy A133, structural and chemical analyses were performed on alloys A170 

and A171. SEM-BSE micrographs of the alloys equilibrated at 1510C and then quenched are 
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shown in Figure 7-6, revealing a comparable microstructure to that of alloy A133. In both these 

alloys a high-z phase that appears bright is in equilibrium with a dark contrast lower-z region that 

underwent a solid-state transformation upon quenching. The compositions of these regions as 

evaluated by EPMA are given in Table 7-2 and were used to form a series of σ+γ tie-lines. 

Table 7-2 The composition of phases equilibrated at 1510C for each alloy. 
  Sigma Gamma Beta 

Alloy Nb at% Al at% Ti at% Nb at% Al at% Ti at% Nb at% Al at% Ti at% 
A133 48.1 40.3 11.5 38.5 45 16.5       
A170 47.9 39.6 12.5 37.3 43.8 18.9       
A171 48.8 41.6 9.7 39.8 46.4 13.8       
A132 47.4 38.4 14.3 37 42.3 20.7 37.6 41.2 21.2 
A120 47.5 36 16.4       38.4 38.2 23.4 
A134 48.4 34.5 17.1       40.1 36.4 23.6 
A139 52.1 31.7 16.2       46.7 28.6 24.7 
A163 50 33.4 16.6       42.7 32.5 24.9 

 

7.4  γ+β+σ Equilibrium: Alloy 132 

7.4.1  Thermal Analysis 

A DTA curve of thermally cycled alloy A132 is shown in Figure 7-7. Upon heating a 

single wide endothermic peak with an onset temperature of 1385C persisted up to 1553C. Alloy 

A132’s thermal behavior differed from that of alloy A133 in that there was the absence of a 

sharp exothermic peak prior to the wide peak hinting at a difference in the nucleation 

mechanism. The heat-treatment temperature of 1510C falls within the wide endothermic peak 

suggesting a multiphase equilibrium existed in this state. 

7.4.2  Microstructural and Chemical Analyses 

As shown in Figure 7-8, X-ray diffraction of powdered alloy A132 showed the presence of 

two phases, namely the σ and γ phases. However, optical and SEM/BSE micrographs revealed 

that alloy A132 equilibrated at 1510C consists of three phases. Optical microscopy of the heat-
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treated materials, that are shown in Figure 7-9, revealed three distinct phases based on their 

morphology, hence suggesting the possibility of a three-phase equilibrium as marked on the 

figure. Similar to the previously reported alloys, the σ-phase that appears bright did not show 

any evidence of a solid-state transformation upon quenching. The region adjacent to this phase, 

marked as the γ-phase, shows clear evidence of a solid-state transformation upon quenching. 

Finally there is the bright phase located in the center of the γ-phase region marked as the β-

phase, which clearly shows a different morphology than the σ-phase. This phase is believed to be 

the β-phase, which showed concaved shape boundaries suggesting that it was consumed by the γ-

phase. However, the σ-phase boundary has a convex shape, indicating that this phase grew into 

another phase.  

The presence of three phases at 1510C in Alloy A132 was further established by 

investigating the compositional differences in the three regions detected on the optical 

micrographs. The three regions of interest are marked as the σ, γ and β phases. The β-phase 

region showed a fine transformed microstructure with at least two compositionally different 

microconstituents. The σ and β phase were found to be compositionally homogenous. The 

results of the EPMA analysis as listed in Table 7-2 confirmed three significantly different 

composition phases. The composition of the bright contrast phase in Figure 7-9 is chemically 

located near the σ-phase boundary extrapolated from the analysis of alloys A133, A170 and 

A171. Both the γ and β phases are chemically located near the extrapolated γ-phase field 

boundary and their compositions are close to each other. Measurements taken from many 

different locations consistently revealed two separate compositions for γ and β phase regions 

indicating that at 1510C they existed as separate phases in equilibrium. 
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In order to examine the nature of the γ-phase region a site specific FIB TEM foil was 

prepared. A bright field TEM micrograph of the region is shown in Figure 7-10 revealing a fine 

scale two microconstituent microstructure. EDS compositional analysis of the microconstituents 

revealed the γ-phase had transformed into two separate compositions Nb32.4 Al48.0 Ti19.6 and 

Nb42.4 Al37.7 Ti19.9 marked on Figure 7-10. The β-phase region was also compositionally 

located within the just mention bounds yet it did not transform. This phenomenon confirms that 

the structure of the γ-phase region prior to quenching was different from that of the β-phase 

region prior to quenching. This combination of microstructural, compositional and structural 

evidence was considered to be sufficient to accept the three-phase tie-triangle between the σ, γ 

and β phases. 

7.5  σ+β Alloys 

7.5.1  Thermal Analysis 

The transformation temperatures of alloys A120 A134 A139 and A138 were examined by 

DTA of the as-cast cycled materials shown in Figure 7-11 a, b, c and d, respectively. The solidus 

temperature was above 1600C in this series of alloys as melting did not occur. In order to 

determine the equilibrium transformation temperatures, the as-cast material was heated to the 

DTA’s maximum temperature of 1600C. After a 2hr isothermal hold, thermal cycling was 

performed in an attempt to remove the microstructural history of the as-cast materials. Finally, 

three thermal cycles were performed from below the solid-state transformations up to 1600C. 

Each alloy exhibited one or more endothermic peaks upon heating of the cycled materials. 

A higher temperature wide shallow peak was evident in all the alloys. The onset temperature of 

this peak was 1310C, 1361C, 1362C, and 1416C for alloys A120 A134 A139 and A138 

respectively. The heat-treatment temperature of 1510C is marked in each DTA curve. With the 
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exception of A138, in each alloy, 1510C falls within the higher temperature peak. At 1510C 

alloy A138 is near the temperature where this peak ends and returns to the baseline. 

7.5.2  Microstructural and Chemical Analysis 

As expected alloy A138 was found to exist as a single phase at high temperatures as shown 

in Figure 7-12a. The SEM-BSE micrographs divulge some evidence of incomplete solutionizing 

however, overall there was little to no variation in the back scattered electron yield throughout 

the sample. The combination of thermal analysis and microstructural evaluations was correlated 

to a β-phase transus of 1526C. 

Optical microscopy of alloy A134 shown in Figure 7-13a revealed a two-phase 

microstructure. Powder XRD of the heat-treated materials identified the presence of the σ and γ 

phases (Figure 7-13d). One key difference that exist between the this curve and the XRD of alloy 

A133 is the disappearance of the γ(310) peak. A similar effect was noticed in alloy A11 when it 

was quenched from the β-phase field with the γ-phase forming upon quenching of the metastable 

β-phase [77]. Simulations revealed that the γ(310) peak increases by a factor of 5 when Nb is 

randomly substituted into the Ti and Al sites in the TiAl structure. The loss of reflected intensity 

from the γ(310) in alloys that undergo a β to γ transformation upon quenching may be inherited 

from the disordered distribution of elements in the high-temperature β BCC phase. 

SEM-BSE of alloy A134 shown in Figure 7-13b and c revealed a bright and dark contrast 

region. The bright contrast phase is marked as the σ-phase and the dark contrast phase is marked 

as the β-phase. The dark phase provided evidence of a solid-state transformation upon quenching 

that formed a fine two-phase structure. The EPMA compositional evaluation of each phase is 

listed in Table 7-2. 
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Parallel compositional analysis was performed on heat-treated alloys A120, A139 and 

A163 in order to form a series of σ+β tie-lines thus defining this two-phase region in the 

composition ranges of interest. SEM-BSE micrographs of these alloys are shown in Figure 7-14 

and Figure 7-15 with the pertinent phases marked with σ or γ phase. The compositions of these 

phases as evaluated by EPMA are listed in Table 7-2. 

It should be noted that alloy A139 (Figure 7-14c and d) showed two different contrast in 

the β-phase region. Extensive EPMA and EDS showed no compositional difference on either 

contrast phase within the prior β-phase region. The contrast mechanism thus originated from the 

formation of a compositionally equal yet less dense phase through a solid-state transformation. In 

Chapter 4 it was shown that the β-phase transforms to the γ-phase upon quenching. In alloy 

A139 it is possible that some of the β-phase transformed upon quenching that causes two 

separate contrast in Figure 7-14c and d. 

7.6  Summary 

A series of 9 alloys were developed in order to investigate the high-temperature 

equilibrium between the β, σ and γ phases in the Al-Ti-Nb. The compositional boundaries of the 

multi-phase equilibrium were determined through a series of tie-lines and a tie-triangle. The 

compositions of the series of β+σ and γ+σ tie-lines listed in Table 7-2 along with the β+σ+γ tie-

triangle are plotted on a 1510C isothermal section of our optimized phase diagram (Figure 7-16). 

Generally there is an excellent agreement with calculations and experimental evaluations. Slight 

differences were seen in the location and span of the β+σ+γ tie-triangle. In Chapter 4 it was 

established that the high-temperature β-phase transforms to the γ-phase upon quenching. This 

rapid transformation, however, did not allow sufficient time for long range diffusion to take 

place. 
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Temp (°C)1200 1300 1400 1500 1600 Temp (°C)1200 1300 1400 1500 1600  

Figure 7-1 DTA of thermally cycled alloy A133 at 10K/min marked with the 1510C heat-
treatment temperature. 
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Figure 7-2 Optical micrographs of as-cast alloy A133 showing a) a dendritic structure and grain 
boundaries and b) a more uniform structure near the copper chill centered on the grain 
boundaries within the uniform region. 
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Figure 7-3 SEM micrographs of as-cast alloy A133 showing a) a dendritic structure and b) higher magnification of the dendritic 
structure while in the micrographs are c) centered around the grain boundary phase and d) higher magnification showing 
phase that nucleates at the grain boundaries. 
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Figure 7-4 Optical micrographs and XRD of alloy A133 heat-treated at 1510C showing a) the 
overall microstructure, b) higher magnification marked with the σ and γ phases, and 
c) XRD profile of alloy A133 identifying the σ and γ phases. 
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Figure 7-5 a) A bright field TEM micrograph centered on the γ-phase in alloy A133 heat-treated 
at 1510C and b) the corresponding SAD pattern. 

. 



 

167 

100µm 100µm

10µm

a c

b d

10µmσ

γ
σ

γ

 

Figure 7-6 SEM micrographs of alloys heat-treated at 1510C showing a) the overall microstructure of alloy A170, b) higher 
magnification of (a) marked with the σ and γ phases, c) the overall microstructure of alloy A171 and d) higher 
magnification of (c) marked with the σ and γ phases. 
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Temp (°C)1100 1200 1300 1400 1500 1600
 

Figure 7-7 DTA of thermally cycled alloy A132 at 10K/min marked with the 1510C heat-
treatment temperature. 
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Figure 7-8 XRD profile of alloy A132 heat-treated at 1510C identifying the σ and γ phases. 
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Figure 7-9 Optical micrograph of alloy A132 heat-treated at 1510C showing the overall 
microstructure in which the γ, σ and β phases are marked. 
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Figure 7-10 BF-TEM micrograph of alloy A132 heat-treated and quenched from 1510C showing 
a) the transformed γ-phase and b) TEM EDS compositional analysis of the phases that 
form upon quenching along with the bulk compositions of the β, σ and γ phases. 
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Figure 7-11 DTA at 10K/min of thermally cycled alloy a) A120 b) A134 c) 138 and d) A139. The arrow indicates the 1510C heat-
treatment temperature.  
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Figure 7-12 SEM micrographs of alloy A138 heat-treated at 1510C. 
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Figure 7-13 Alloy A134 heat-treated at 1510C that shows a) optical micrographs of two phases, b) SEM micrograph of overall two 

phase region, c) higher magnification SEM with σ and β phases marked, and d) XRD profile identifying the presence of 
the σ and γ phases. 
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Figure 7-14 SEM micrographs of alloys heat-treated at 1510C showing a) the overall microstructure of alloy A120, b) higher 
magnification of (a) marked with the σ and γ phases, c) the overall microstructure of alloy A139, and d) higher 
magnification of (c) marked with the σ and γ phases. 
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Figure 7-15 SEM micrographs of alloy A163 heat-treated at 1510C showing a) the overall 
microstructure and b) a higher magnification micrograph marked with the σ and β 
phases. 
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Figure 7-16 Calculated isothermal sections at a) 1510C and b) 1410C marked with the 
experimental data obtained from the respective heat-treatments. 



 

177 

CHAPTER 8 
TRANSFORMATION OF THE γ-PHASE UPON QUENCHING  

8.1  Introduction 

The results presented in Chapter 5 revealed that the γ-phase in equilibrium at 1510C was 

not stable upon quenching to room temperature. It was shown that the γ-phase has extensive 

solubility for Nb at temperatures above 1510C that decreases drastically within a 100C window. 

The details of the retraction of the γ-phase field are shown graphically in Figure 5-11. The phase 

transformation of the γ-phase upon quenching from 1510C resulted in an ultra-fine multiphase 

structure that was of interest. This chapter discusses the transformational changes in the γ-phase 

when the formation of equilibrium phases is kinetically inhibited. Literature reviews did not 

disclose any reported structural transformations in ternary high Nb containing γ-phase alloys. In 

the Ti-Al binary system, however, several references reported two metastable structures, that 

form upon the quenching of the off-stoichiometry TiAl, namely the Al2Ti (h-phase) and Al5Ti3 

phase [42, 43]. Both of these phases are superstructures that form by the reordering of Al atoms 

to form layers on particular lattice sites of the TiAl L10 structure. Among other possibilities these 

structures were used as comparative starting point for consideration in the identification of the 

phases within the transformed γ-phase boundaries found in this study. 

8.2  Microstructural Evaluation 

Alloy A2 in the heat-treated and quenched from 1510C condition was selected for 

evaluating the γ-phase transformation. This is the same material and heat-treatment used in the 

development of the L, γ, σ, η invariant reaction discussed in Chapter 5. In this alloy quenching 

from the γ, σ, η three-phase region forced the γ-phase to undergo a solid-state transformation. An 

SEM micrograph centered on the transformed γ-phase is shown in Figure 8-1. The σ and η 
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phases also marked on this micrograph. Close observation of the prior γ-phase boundary revealed 

a dark contrast phase that seemed to grow into the γ-phase. In addition to the material within the 

γ-phase, the interfacial region was also investigated. 

To further investigate the structure and composition of the microconstituent phases within 

the transformed region, TEM analysis was employed. A 15µm wide site specific TEM foil was 

prepared from alloy A2. The marker on Figure 8-1 shows the location of the TEM sample made 

using FIB. The sample was selected to consist mostly of the transformed γ-phase region while 

cutting though the σ/γ interface and include a small region of the σ-phase  

A typical bright field STEM image is shown in Figure 8-2a. Two contrast phases are 

revealed within the prior γ-phase boundary, a bright and dark contrast phase that are adjacent to a 

third contrast phase (σ-phase). Higher magnification bright and dark field STEM images of this 

region that includes both prior γ-phase and the σ-phase across the σ/γ interface are shown in 

Figure 8-2c and d. High Angle Annular Dark Field imaging was employed to facilitate z-contrast 

based images by the acquisition of only incoherently scattered electrons. The σ-phase produced a 

uniform contrast throughout the region indicating little to no compositional variation in this 

phase. The transformed γ-phase region conversely showed two distinct phase contrasts 

suggesting a compositional difference between the two phases that formed from the prior γ-

phase. This observation is indicative of a diffusional solid-state transformation. These phases are 

labeled as 1 or 2 on both the bright and dark field images shown in Figure 8-2. 

The dark contrast phase in bright field was located at the σ/γ interface as well as 

throughout the transformed γ-phase marked with “1” in Figure 8-2c and d. This phase was 

observed on every σ/γ interface essentially encasing the transformed γ-phase region. Dark field 
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imaging of this phase revealed that it was the higher z-phase. A bright contrast phase was seen in 

the interior of the transformed γ-phase region that is marked with a 2. Within the interior the 

region the two phases existed adjacent to each other to form a “wormy” like morphology. 

8.3  Compositional Analysis 

Dark field STEM imaging provided supporting evidence that the two contrast phases were 

compositionally distinct. EPMA measurements revealed that the bulk composition of the prior γ-

phase on both alloy A1 and A2 was 40.0Nb 47.5Al 12.2Ti at%. The details of the bulk 

compositional analysis were discussed in Chapter 5. TEM EDS was used to further investigate 

the compositions of the individual phases. A bright field STEM image of one of the regions 

examined by TEM EDS is shown in Figure 8-3a. 

The EDS analysis revealed that the bulk composition was made up of two statistically 

distinct compositions. The composition of region “2” was determined to be 31.2Nb 57.2Al 

11.6Ti at% while the region “1” contained 45.2Nb 43.9Al 10.9Ti.at%. These compositions are 

marked on a ternary plot showing the σ and η phases in equilibrium the γ-phase at 1510C and 

1410C (Figure 8-3b). This set of tie-triangles was developed in Chapter 5 from both alloys A1 

and A2. The bulk composition of the transformed phase is represented by the γ corner of the 

1510C tie-triangle. It was determined that the high-temperature γ-phase that existed as a stable 

phase at 1510C decomposes into two composition phases. The examination revealed that the 

bright phase (region “2”) rejected sufficient Nb for Al bringing its composition near the γ-

phase’s equilibrium composition below the solid-state transformation. The lower z phase in 

region “2” is compositionally located near the σ-phase corner of the 1410C tie-triangle. In the 

studies conducted here as well as the work of group members it has been shown that the 

nucleation of the σ-phase is difficult therefore it is unlikely that it nucleated out of the γ-phase 
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upon quenching. The dark contrast phase is suspect to be a metastable phase that forms upon 

quenching.  

8.4  Structural Analysis 

Structural analysis was performed by recording SAD patterns of phases individually as 

well as two adjacent phases simultaneously. Two SAD patterns near the zone axis of each phase 

are shown in Figure 8-4. The analysis of the diffraction patterns revealed that two structurally 

distinct phases existed in the microstructure. The gamma phase was identified through the 

analysis of the diffraction patterns. A diffraction pattern near the γ[110] zone axis is shown in 

Figure 8-4a. The second phase was determined not to be the γ-phase.  

Inspection of the diffraction patterns of the second phase near its zone axis revealed that 

the lattice parameter of this phase is close to triple that of the γ-phase (Figure 8-4b). Among 

many phases considered there is evidence in the literature of a metastable orthorhombic Al2Ti 

phase that forms in the binary TiAl system upon quenching the γ-phase [42, 43, 81]. 

Morphological similarities were found between the h-phase within the TiAl matrix and the γ-

phase transformation observed in this study. A structural model shown in Figure 8-5a and b was 

generated using the Crystal Maker software package from the reported structural data for both 

the TiAl [40, 48] and Al2Ti phases [43]. The details of these structures are discussed in Chapter 

2. The Al2Ti phase is a super lattice that forms by ordering of the Al atoms on the (100) and 

(002) planes of the TiAl L10 structure thus its lattice parameter is inherent to that of parent γ-

phase. Essentially the h-phase contains two lattice parameters that are equal to those of the γ-

phase and a third parameter that is three times L10’s length. Investigation of the diffraction 

patterns shown in Figure 8-4b and Figure 8-6 revealed the second phase within the transformed 



 

181 

γ-phase boundary is indeed the h-phase. A diffraction pattern near the h[001] zone axis 

confirmed the large lattice parameter supporting the orthorhombic supper lattice structure. 

The acquisition of SAD patterns individually from each phase was possible in the FE-TEM 

(Figure 8-4), however; the implementation of a very small aperture decreased the transmitted 

beam intensity excessively. A larger aperture in the conventional TEM was employed for 

diffraction contrast based imaging. This aperture roughly covered 2 to 3 phase boundaries 

simultaneously. A diffraction pattern taken near the γ[110] zone axis and slightly off the h[001] 

zone axis is shown in Figure 8-6a. Several diffracting planes from each phase are marked on this 

figure. The γ[110] zone axis is nearly parallel to the h[001] zone axis while there is a 35o rotation 

between γ-phase’s (00-1) and the h-phase’s (020) planes The relative orientation of the two 

crystals are shown in Figure 8-5c and d, where the models are position such that they are 

representative of the measured orientations.  

The foil was tilted slightly in order to reach a two beam condition off the γ[110] zone axis. 

This diffraction pattern was recorded and is shown in Figure 8-6b. The γ(-110) diffracted beam 

and the h(1-10) diffracted beams shown on this zone axis were used for dark field imaging of 

each phase. The transmitted beam shown in Figure 8-6b was used for bright field imaging. Low 

and high magnification bright field images are shown in shown in Figure 8-7a and b. These 

micrographs show bright and dark contrast phases both that have a similar morphology. The 

bright contrast phase is continuous while the dark contrast phase in every observed instance is 

isolated by the bright phase best seen in Figure 8-7a. 

Dark field imaging using the γ-phase’s (-110) diffracted beam are shown in Figure 8-7c 

and d. This identifies the location of the γ-phase in the microstructure. Using the h-phase’s (-1-

10) diffracted beam, dark field images of approximately the same area were taken that are shown 
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in Figure 8-7 e and f. This analysis was combined with STEM imaging and compositional 

analysis to correlate phase identification with the measured composition of each phase. The γ-

phase shown in Figure 8-7 was determined to be the dark phase in bright field STEM imaging 

that is marked with a 1 in Figure 8-2. The composition of the γ-phase is identified as 31.2Nb 

57.2Al 11.6Ti at%. The darker contrast phase in STEM imaging is identified as the h-phase that 

has a composition of 45.2Nb 43.9Al 10.9Ti.at%. 

8.5  Discussion 

In alloy A1 quenching from 1510C caused a solid-state transformation in the γ-phase, 

whereas a 1410C heat-treatment and quenching of the same alloy resulted in no detectable 

structural changes in the gamma phase. DTA results presented in Chapter 5 disclosed significant 

heat evolution or absorption between these two temperatures indicating a compositional and 

volume fraction change. TEM/STEM analyses revealed that during the transformation upon 

quenching from 1510C two phases identified as γ and h phases evolve. The composition the γ-

phase attained upon quenching was 31.2Nb 57.2Al 11.6Ti at% and it was close to the 

equilibrium composition of this phase found in the microstructure equilibrated at 1410C. This is 

shown in Figure 8-2c where now region 1 has been identified as the γ-phase. 

The h-phase, that showed a dark contrast in the STEM image, exhibited a composition of 

45.2Nb 43.9Al 10.9Ti.at%. Based on the composition measured, assuming Ti only sits in Ti sites 

and Al only sits in Al sites in the Al2Ti, in the ternary system, approximately 66% of Ti sites are 

filled with Nb atoms, whereas only 33% of the Al sites are occupied by Nb atoms. This indicates 

that Nb is preferentially sitting in the Ti lattice positions. Apparently the γ-phase has a high 

solubility for Nb at elevated temperatures that drastically decreases with temperature. When the 

formation of σ and η phases are inhibited by water quenching, the metastable γ-phase releases its 
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Nb by undergoing a spinodal decomposition. The significant change in the solubility of Nb in the 

γ-phase upon cooling is identified as the component driving this transformation.  

The morphology of the γ and h phases suggested a coupled growth mechanism. 

Microstructural evidence also provided evidence that the γ-phase underwent a spinodal 

decomposition. The morphology of the h-phase that could be described as appearing wormy 

when viewed in a 2 dimensional cross-section. The characteristic spacing between the phases of 

under 200nm scale suggests that nucleation was not the rate limiting mechanism. This spacing is 

also consistent with a slightly coarsened spinodal decomposition [82, 83]. Observation of the 

interface between the σ-phase and the transformed γ-phase region revealed that the h-phase 

covered the boundary. Compositional analysis revealed that the h-phase is a Nb rich phase 

therefore it is logical that it is found adjacent to the high Nb σ-phase. In contrast near the Al rich 

η-phase boundaries the h-phase was not observed. This further confirms that this phase forms by 

diffusion of Al and Nb.  

In the observed microstructure the orientation relationship is such that many coincidence 

sites exist between the two phases yet perfect alignment of the crystals was not found. The 

coincidence sites are shown in Figure 8-5 c and d and are marked with a series of circles. The h-

phase is suggested to form on the coincidence sites with minor lattice shifts and grows by 

diffusion thus resulting in a three dimensional morphology typical of a spinodal decomposition 

[83]. The instability of this microstructure under high intensity of the electron beam prevented 

high resolution TEM, therefore it was not possible to take lattice images of the phase boundaries. 

8.6  Thermal Stability of the Quenched Materials 

In the process of conducting TEM on the transformed γ-phase it was observed that this 

microstructure is highly unstable. In the TEM, it is common to select different size incident 
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beams by varying the strength of the 1st condenser lens. This is accomplished through the 

adjustment of the “spot size”. During the process of performing bright field imaging it is 

common to switch between spot size 1, 2 and 3. In imaging the transformed γ-phase region the 

sample was subjected to spot size 1, during which a phase transformation was observed to take 

place in situ. The spot size was immediately decreased to spot size 2 that stopped the 

transformation. After that a diffraction pattern was recorded. This procedure was repeated a 

second time and a third diffraction pattern was recorded.  

The diffraction pattern of the untransformed material prior to exposure to the higher 

intensity electron beam is shown in Figure 8-8a. Both the h and γ phases were identified in their 

[001] and [110] zone axes, respectively. After approximately 2 minutes of exposure to spot size 

1 a second diffraction pattern was recoded. The γ[021] and η[110] zone axes were found to exist 

indicating the precipitation of the η phase and the dissolution of the h phase (Figure 8-8b). A 

final 2 minute exposure to the high intensity electron beam resulted in coarsening of the η-phase 

while consuming the majority of the microstructure (Figure 8-8c).  

The bulk composition of the high-temperature γ-phase at low temperatures should, under 

equilibrium conditions, exist as a two-phase region, namely the σ+γ two-phase region. It has 

been shown that the σ-phase has difficulties nucleating, therefore η-phase alone forms. The two 

phase γ+h microstructure that is unstable at low temperatures transforms under e-beam excitation 

to the η-phase thus lowering the free energy of the system. A similar transformation of the 

binary Al2Ti h-phase has been reported in the literature [42]. In the binary system, however, long 

term heat-treatments at 900C are required to precipitate out the η-phase [42]. The highly 

unstable ternary alloy studied here, in contrast, undergoes a structural change under the generally 

mild excitation of the electron beam.  
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8.7  Summary 

In Chapter 5 it was shown that the γ-phase field retracts significantly by rejecting Nb into 

the σ-phase. This retraction was most drastic in between the temperatures of 1510C and 1410C. 

The retraction of the γ-phase was linked to instability during quenching from 1510C, conversely 

water quenching the sample directly from 1410C resulted in no major structural changes within 

the γ-phase. The high temperature γ-phase was found to compositionally separate by a spinodal 

decomposition to a lower Nb content γ-phase phase and a high Nb ternary h-phase based on the 

Al2Ti structure. The h-phase is a super lattice that forms by the ordering of atoms on specific 

planes on the L10 structure. The driving force for the γ-phase to transform was linked to the 

drastic decrease in the solubility of Nb in this phase at high temperatures. This transformation 

brought the composition of the γ-phase near its equilibrium value at 1410C. The wormy 

morphology of the h-phase within the γ-phase confirms that h-phase formed through a spinodal 

decomposition. The orientation relationship between the phases is such that the h-phase and γ-

phase lined up on coincidence sites. High resolution TEM was not possible due to the instability 

of the transformed γ-phase region. It was also shown that this region when excited by a high 

density e-beam transforms to more thermodynamically stable phases. 
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Figure 8-1 SEM micrograph of alloy A1 heat-treated at 1510C and quenched marked with the location of the thin foil machined via 
FIB. 
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Figure 8-2 STEM micrographs of alloy A1 showing a) bright field image marked with the σ and prior γ-phase, and b) corresponding 
dark field micrograph, c) higher magnification bright field image with regions 1 and 2 defined, and d) corresponding dark 
field image. 
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Figure 8-3 TEM micrograph of alloy A1 heat-treated and quenched from 1510C showing a) the 
transformed γ-phase and b) TEM EDS compositional analysis of the phases that form 
upon quenching along with the 1510C and 1410C tie-triangles. 
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Figure 8-4 SAD patterns of the phases found within the prior γ-phase boundary in that a) shows 
the [110] zone axis of the γ-phase and b) shows the [001] zone axis pertaining of the 
h-phase. 
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Figure 8-5 Lattice models of a) the γ-phase and b) the h-phase along with the relative orientation each crystal as measured in heat-
treated and quenched alloy A1 which is also marked with coincidence sites in c) the γ-phase and d) the h-phase 
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Figure 8-6 SAD patterns of a) the γ and h phases along with b) a two beam condition off the γ-

phase’s zone axis. 
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Figure 8-7 TEM micrographs of the transformed γ-phase region in a) and b) which are bright field images of the γ and h phases at two 
different magnifications. c) and d) show dark field images of the γ-phase corresponding to (a) and (d), while e) and f) are 
dark field images of the h-phase corresponding to bright field images in (a) and (b). 
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Figure 8-8 TEM SAD diffraction patterns with a) γ[110] and h[001] zone axes, b) formation of the η-phase after high intensity e-beam 

exposure, and c) complete transformation of the γ and h phases to the η-phase after further exposure to the high intensity e-
beam. 
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CHAPTER 9 
CONCLUSIONS AND SUGGESTED FUTURE STUDIES  

9.1  Summary and Conclusions 

High-temperature equilibrium in the Ti-Al-Nb system was studied through the examination 

of microstructure, transformation temperatures, composition and structure. Several regions of 

interest within the ternary phase diagram were targeted. These were motivated by the critical role 

of the phase diagram in the development of high-temperature γ+σ alloys. In this study the β-

phase field, the invariant reactions involving the L, γ, σ, β and L, η, σ, β phases, high-

temperature equilibrium among L, γ, σ, β phases and a metastable transformation occurring upon 

quenching of the γ-phase from 1510C were examined. These results and their analyses led to an 

assessment of the primary crystallization fields of the β, γ, σ and η phases along with high-

temperature equilibrium in the central portion as well as the high Al corner of the ternary Ti-Al-

Nb phase diagram. 

Based on the results of this study it was concluded that the primary β-phase field extends 

further into the ternary than was previously predicted. It was demonstrated that the 

transformation of the β-phase to the γ-phase cannot be suppressed by quenching, that was 

probably the cause of controversy in the previously reported studies. A reinvestigation of alloy 

D2 (33Ti-40Al-27Nb, at%) combined with a detailed study of alloy 11 (37Ti-44.5Al-18.5Nb, 

at%) using DTA, microstructural analysis and high-temperature XRD measurements revealed 

that the single β-phase exists below the solidus temperature in the latter alloy.  

Through the evaluation of thermal and microstructural evidences for two alloys, the 

invariant reaction involving the L, γ, σ, η phases is concluded to be a ternary eutectic reaction. 

Analysis of the as-cast alloy as well as slowly solidified alloy A2 (8.5Ti-51.5Al-40Nb, at%) 
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revealed that the σ-phase failed to nucleate directly from the liquid even though heat-treatment 

experiments at temperatures slightly under the invariant reaction (1510C) confirmed that the this 

phase should be a primary phase. Analysis of this alloy’s as-cast microstructure in the absence of 

heat-treatment experiments and thermal evidence could obscure the evaluation of the ternary 

eutectic reaction that quite possibly is a source for the discrepancies reported experimentally. 

The results of this investigation revealed that within 1510C to 1410C temperature range 

the solubility of Nb in the γ-phase decreases by over 10 at%. The solid-state transformation, that 

follows the eutectic invariant reaction, as well as the spinodal decomposition of the γ-phase upon 

fast cooling are suggested to be associated with this retraction of the Nb content.  

A series of 9 alloys were designed in conjunction with the L, γ, σ, η invariant reaction 

alloys in order to develop the phase equilibria between the β, γ, σ phases at 1510C. The σ+γ and 

σ+β two regions along with the σ+γ+β three-phase tie-triangle were measured and combined 

with the alloys used to develop the eutectic reaction. The isothermal section was compared to the 

optimized phase diagram in that the equilibrium involving the β, γ and σ phases were found to be 

in good agreement. The composition difference between the β and γ phases in equilibrium with 

the σ-phase was found to be smaller than predicted. This difference however, was consistent 

with the β, σ, γ tie-triangle measured near the L, γ, σ, β invariant reaction. These alloys and the 

isothermal section were searched for evidences associated with the L, γ, σ, η invariant reaction, 

however, it was determined that 1510C was too far below the invariant temperature to directly 

link the isothermal section to the invariant reaction.  

The study of seven alloys targeting the somewhat elusive L, γ, σ, β invariant reaction 

revealed the ternary peritectic formation of the γ-phase. The γ-phase was concluded to form 

through a peritectic reaction involving the L, σ, and β phases. A tie-triangle representative of the 
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composition of the γ, σ and β phases just below the invariant plane was measured by TEM/EDS 

of the interdendritic regions. The peritectic composition was found to be near 27.4Nb-47.9Al-

24.7Ti, at%. 

The results of this study were employed in a collaborative effort to optimize the high-

temperature phase equilibrium in the Ti-Al-Nb alloy system. The optimized phase diagrams were 

compared to the experimental results though out this study that after several iterations was 

generally in good agreement. This information combined with the isothermal section at 1510C 

compiles into a representative assessment of high-temperature equilibrium that fills in some of 

the gray areas where experimental results were lacking. 

9.2  Suggested Future Work 

Equilibrium in the Ti-Al-Nb alloy system forms an interesting and complex phase diagram. 

As with every complex phase diagram there is almost endless room for further optimization and 

experiments. In this study the focus was on examining a very specific region of the ternary phase 

diagram at generally high temperatures. We have shown two of the invariant reactions involving 

the liquid as well as developed and isothermal section at 1510C and a tie-triangle at 1410C. In 

any series of targeted experiments the researchers must choose what areas to focus on being 

mindful of time and resources. This work focused heavily on accurately determining equilibrium 

by interpretation of the attainable evidence. Many questions are left unanswered that could prove 

quite useful to the design of modern high-temperature alloys. The following are a few ideas from 

a wealth of interesting areas available to further address. 

1 Determine the effect of Nb on the γ-phase. The γ-phase interestingly formed through a 
peritectic reaction then extended toward the Nb corner of the ternary phase diagram at 
1510C followed by a retraction at lower temperatures. It may prove helpful to investigate 
the fundamental reasons as to why this phase is stabilized by Nb at high temperatures. 
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2 Perform further thermal analysis on the ternary peritectic reaction. The temperature 
capabilities of the DTA instrument were not sufficient to reach the peritectic invariant 
plane. Higher temperature thermal analysis could prove useful to measure the temperature 
of the invariant plane as well as allow for analysis of the melting curve through the 
peritectic reaction. To the best of the authors knowledge there is no DTA data showing the 
melting and solidification of a ternary peritectic reaction. 

3 Further investigate the nucleation of the σ-phase. The σ-phase did not nucleate in several 
alloys although there was a driving force for the event. It would be interesting to 
investigate why the σ-phase does not nucleate and what are the effects of alloying 
additions on the probability of its nucleation. 
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