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Ceria based materials because of their high ionic conductivity at low temperatures are 

potential candidates as the electrolyte component in the new generation of low temperature solid 

oxide fuel cells (SOFCs).  The effects of operation conditions in SOFCs on microstructure and 

mechanical integrity of ceria-based materials are evaluated in this research.  Pure ceria and 

gadolinium doped ceria (GDC) were selected to perform this investigation.  The state-of-art 

electrolyte material, yttria-stabilized zirconia (YSZ), was also studied for comparison purposes.  

The samples were heat treated at 800 oC under various oxygen partial pressures (
2OP s) until 

equilibrium was reached.  The defect concentrations were conserved to room temperature by fast 

cooling.  The crystal structure and the lattice parameter were evaluated by the x-ray diffraction 

method.  Microstructural evaluations and fractographic analyses were conducted using electron 

microscopy techniques.  The intrinsic elastic modulus was evaluated using nanoindentation 

techniques.  The bulk elastic modulus and fracture strength were measured using the four-point-

bend testing method and fracture toughness was evaluated using chevron-notched Brazilian disc 

samples loaded under the mode I condition. 
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The result of this study revealed that microcracks were formed during the reduction heat 

treatment in ceria and GDC when the 
2OP  was lower than 10-19 atm.  It was also found that ceria 

samples upon cooling experienced phase transformation that led to the formation of several 

ordered pseudo-cubic phases. 

The intrinsic elastic modulus of both ceria and GDC decreased drastically when heat 

treated at very low 
2OP s while the effect was insignificant in YSZ.  These results correlate well 

with our theoretical modeling.  Further analysis suggests that an increase in the point defect 

concentration weakens the attractive forces between atoms.  The degradation of bulk elastic 

modulus of ceria was more pronounced at low 
2OP s due to the presence of microcracks caused 

by the reduction treatments.  The results on fracture properties of ceria showed that the flexural 

strength decreased significantly after reduction in very low 
2OP s; however, in contrast, fracture 

toughness was increased by 30–40% when the 
2OP was decreased to the range of 10-20–10-22 atm.  

Fractographic studies showed that the microcracks developed during reduction treatment are 

responsible for the decreased strength.  In this dissertation, the enhancement in toughness was 

explained by crack deflection and microcrack toughening mechanisms.  

 



 

16 

CHAPTER 1 
INTRODUCTION 

A single solid oxide fuel cell (SOFC) unit is a ceramic multiple layer system which 

consists of two electrodes (anode and cathode) separated by the electrolyte.  The components are 

in close contact with each other and the entire cell is exposed to high temperatures with reducing 

fuel running through the anode side and air running through the cathode side.  Electric power is 

generated electrochemically.  Presently, yttria-stabilized zirconia (YSZ) is the state-of-the-art 

electrolyte material used for SOFCs.  Cells based on YSZ have to operate at very high 

temperatures (700 oC–1000 oC) to exhibit sufficient ionic conductivity [1].  The high operating 

temperature requires expensive and durable electrodes, sealing materials and interconnects.  

Therefore, it has been of great interest to decrease the operation temperature to a lower level to 

enable the long-term cell stability and the use of low cost metallic interconnects [2, 3].  

However, this low operating temperature increases the ohmic loss at the solid-state electrolyte 

and the polarization loss at both electrodes.  One possible solution to these problems is to 

identify other alternative metal oxides, such as ceria-based materials, which possess high ionic 

conductivity at much lower temperatures [4]. 

Stoichiometric ceria has a cubic fluorite crystal structure.  At elevated temperatures and in 

reducing atmospheres, ceria can deviate from its stoichiometric composition to an oxygen-

deficient composition, CeO2-x, by reduction of Ce4+ to Ce3+ without changing its fluorite 

structure.  As the lattice expands after reduction [5, 6], the intact fluorite structure provides a 

relatively open path for higher oxygen ionic conductivity, which is the most attractive aspect for 

low/intermediate temperature application in SOFCs.  At 800 oC, ceria can accommodate up to 

~14% oxygen vacancies, providing the opportunity to study the effects of large vacancy 

concentrations on a variety of properties of fluorite-structured oxides. 
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There has been extensive research on the thermo-chemical properties [5, 6], defect 

structural properties [7-19], oxygen diffusion properties [20-22] and electrical properties [23-32] 

of ceria based materials because of their applications as catalysts [33-35], high dielectric 

capacitors [36, 37] and components of SOFCs and sensors [4, 26-32].  However, there has been 

limited investigation into mechanical properties of ceria-based materials [38-44].  Mechanical 

failure is an important design factor for most applications of these materials.  In case of their 

applications in the field of SOFCs, the main source of mechanical failure is due to the build up of 

stresses arising from expansion/contraction mismatches between components [45]. 

During the operation of SOFCs, the partial pressure of oxygen varies across the electrolyte, 

which induces a gradient of lattice defects in the material.  For fluorite-structured oxides, oxygen 

lattice vacancies are known to be the major source of nonstoichiometry at low oxygen partial 

pressure and high temperature region [44, 46].  The lattice expansion caused by the formation of 

oxygen vacancy and the associated lower valance Ce3+ for ceria-based materials will lead to the 

mechanical stress gradient between the reduced surface and the unreduced interior.  Atkinson 

studied this issue [39] theoretically and found that the maximum tensile stress caused by 

nonstoichiometry increases as the oxygen partial pressure decreases, resulting in differential 

strain across the thickness of the electrolyte, and for the worst case scenario, cause fracture [38-

40].  Unfortunately, so far, no experimental work in literature has systematically studied the 

effect of nonstoichiometry caused by reduction on mechanical properties of ceria-based 

materials.  

Based on the above brief discussion, there is a need, to systematically study mechanical 

properties of ceria based materials because of their application in SOFCs.  In this dissertation, we 

chose pure ceria and 10 mol % gadolinium doped ceria for the investigation.  Both of these two 
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materials have fluorite structure.  In addition, the most popular electrolyte material, fluorite-

structured 8 mol % yttria doped zirconia, is also selected for the comparison purpose.  The 

objective of this work was to evaluate the effects of oxygen partial pressure on intrinsic elastic 

modulus, bulk elastic modulus, hardness, strength and fracture toughness. 

It has been shown theoretically that introducing oxygen vacancy in ceria significantly 

decreases the intrinsic elastic modulus owing to the expansion of the Ce-O bond length [43, 44].  

We employed nanoindentation technique in this research to confirm and quantify the effect of 

oxygen partial pressure on the intrinsic elastic modulus of ceria-based oxides.  Nanoindents can 

be introduced into single grains, and therefore, the contribution of pores, grain boundaries and 

other macroscopic defects on elastic modulus can be minimized.  However, nanoindentation is 

limited to room temperature tests only.  In order to investigate the effect of oxygen vacancy 

concentration on mechanical properties at room temperature, the samples were equilibrated at 

800 oC under various oxygen partial pressures and then the point defects were conserved to room 

temperature through fast cooling.  The microstructure change upon this type of heat treatment 

was systematically studied as a function of oxygen partial pressure using X-ray diffraction, 

optical microscope and electron microscopy.  In addition to elastic modulus, nanoidentation also 

provided information regarding the hardness of the samples.  To be consistent with these 

measurements, the same heat treatment plan was applied for all other mechanical property 

evaluations.  The bulk elastic modulus as well as the flexural strength was evaluated using four-

point-bend testing technique.  The fracture toughness of differently heat treated samples was 

measured using chevron-notched Brazilian discs loaded in mode I.  Scanning Electron 

Microscope (SEM) was utilized to characterize the fracture surfaces.  The ultimate goal was to 
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investigate the effects of the reduction treatment process on microstructure and mechanical 

integrity of ceria-based materials. 
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CHAPTER 2 
BACKGROUND 

Because this research is focusing on the particular application conditions of fluorite oxides 

in solid oxide fuel cell (SOFC), the fundamental aspects of SOFC are firstly reviewed in this 

chapter.  The related literatures on the fundamentals of point defect formation and point defect 

structure in fluorite oxides are summarized.  In order to provide basic information about 

mechanical testing, this chapter will also review the basics of fracture mechanics as well as the 

toughening mechanisms.  Finally, the effects of point defect on mechanical properties of ceria-

based oxides will be reviewed.   

2.1  Mechanical Requirements for SOFC Components 

2.1.1  Introduction to SOFCs 

A solid oxide fuel cell (SOFC) is a ceramic multiple layer system working at high 

temperature using gaseous fuel and oxidant, which electrochemically generates electric power.  

As SOFCs operate without combustion and moving parts, they have many advantages over 

conventional power-generating systems in terms of efficiency, reliability, modularity, fuel 

flexibility, and environmental friendliness [1, 47].  There are many different types of SOFC in 

terms of cell configuration.  Figure 2-1 schematically shows a planar type SOFC to explain the 

operation principle.  A single SOFC unit consists of two electrodes (anode and cathode) 

separated by the electrolyte.  The cell components are in close contact with each other and the 

entire cell is exposed to high temperatures with reducing fuel running through the anode side and 

air running through the cathode side.  Each of the components carries out a specific 

electrochemical function.  Oxygen combines with electrons and becomes oxygen ion at the 

cathode side.  The oxygen ions travel through the electrolyte membrane and combine with the 

hydrogen on the anode side and create an electric current, water and heat.  The corresponding 
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reactions at each electrode are also shown in Figure 2-1.  The output voltage then comes from the 

chemical potential difference in terms of oxygen partial pressure across the electrolyte. 

Presently yttria-stabilized zirconia (YSZ) is the state-of-the-art electrolyte material used for 

SOFCs.  The basic requirements for the electrolyte include a high ionic conductivity and no (or 

minimal) electrical conductivity with low ohmic loss.  The electrolyte must also be dense to 

prevent short-circuiting of the reactive gases and be stable in both reducing and oxidizing 

atmospheres at operating temperatures ranging from 700 oC to 1000 °C.  The electrodes should 

have good electrical conductivity, proper porosity and long term stability in the operation 

atmosphere (i.e., reducing atmosphere at the anode size and oxidizing atmosphere at the cathode 

side).  Currently, nickel/yttria-stabilized zirconia (Ni/YSZ) cermets are chosen as anode material 

according to these requirements.  The state-of-the-art cathode material used in conjunction with 

YSZ electrolytes is lanthanum manganate (LaMnO3), which has similar requirements as the 

anode.  Individual cells produce a maximum voltage of one volt at 800oC when hydrogen and air 

are used for the gas supply, therefore, in order to generate a reasonable voltage, fuel cells are 

arranged in series to create “cell stacks” providing power to operate various devices.  The anodes 

and cathodes of adjacent units are joined together using fully dense doped lanthanum chromite 

(e.g., La0.8Ca0.2CrO3) interconnects with glass sealing to separate gases from mixing.  In addition 

to the above basic requirements, matching thermal expansion coefficients (CTEs) of all the 

components becomes very important as far as the seal is concerned.  On top of these 

physical/chemical requirements, fuel cell materials and components must be cost-effective and 

compatible with mass-production processes. 

Cells based on YSZ have to operate at very high temperatures (700 oC-1000 oC) to exhibit 

sufficient ionic conductivity [1].  The high operating temperature requires expensive and durable 
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electrodes, sealing materials and interconnects.  Therefore, it has been of great interest to 

decrease the operation temperature to enable the long-term cell stability and the use of low cost 

metallic interconnects [2, 3].  However, this low operating temperature increases the ohmic loss 

at the solid-state electrolyte and the polarization loss at both electrodes.  There are two possible 

solutions for this issue.  The first is to optimize the electrodes and make the thickness of 

electrolyte from 100–500 μm range in conventional electrolyte-supported cells to 5–20 μm in 

anode supported cells [48-50] to achieve the above situation.  The second possible solution is to 

investigate other alternative metal oxides, such as ceria-based materials, which possess high 

ionic conductivity at much lower temperatures [4]. 

2.1.2  Mechanical Requirements 

Besides the above described basic requirements for the SOFC components, the mechanical 

properties are also important for the reliable cell design.  The fundamental mechanical 

requirements can be summarized to be their stability at the operation conditions and their 

stability for long term application.  It is vital that no damage of the electrolyte layer occur during 

handling and fabrication of the stacks or during the operation conditions where sudden external 

impacts or vibrations may exist.  Therefore, it requires the components to have good strength and 

fracture toughness under the severe operation conditions.  When it comes to long term stability, 

the cell must withstand a significant number of thermal cycles without degradation or build-up of 

internal stresses.  If we take creep as an example, a long term creep of the porous electrode may 

cause failure or degradation of the cell in terms of unwanted densification of the electrodes, 

cracking or delamination of the thin electrolyte layer and damage to the seals [50].   

The main source of mechanical failure due to the build up of stresses arises from 

expansion/contraction mismatches between components [45].  For example, experimental work 

on a half cell (Ni/YSZ anode and YSZ electrolyte) shows the mechanical failure of the 



 

23 

electrolyte (shown in Figure 2-2) after reduction and re-oxidation cycles [51].  The tensile stress 

that caused this fracture comes from the extensive expansion of the anode due to a Ni to NiO 

transformation during reoxidation cycle. 

Therefore, it is necessary and important to study the material mechanical properties for 

their application in SOFCs.  The focus of this work is to investigation the effects of the operating 

conditions of SOFCs on two fluorite-structured oxides, ceria and 10 mol % gadolinium doped 

ceria (GDC).  In addition, the most popular electrolyte material, fluorite-structured 8 mol % 

yttria doped zirconia (YSZ), is also selected for comparison purposes. 

2.2  Introduction to Fluorite Oxides 

2.2.1  Crystal Structure and Predominant Point Defect  

The fluorite oxide structure has a space group of Fm
−

3 m, with eight-coordinate cations 

(large quadrivalent M4+, e.g., Ce4+ , Zr4+) and 4-coordinate anions (O2-).  In the unit cell the 

cations occupy the FCC lattice sites, while oxygen atoms are located at eight tetrahedral sites.  

The unit cell is schematically shown in Figure 2-3, from which we can see that there are two 

MO2 “molecules” per unit cell. 

At high temperatures and under reducing atmospheres (or low oxygen partial pressure, 

2OP ), the process of creating oxygen vacancies in the fluorite oxides by exchange of oxygen 

between the crystal lattice and the gas can be written in Kröger-Vink notation as 

'
2O 2e V (gas) O ½  O ++= ••×

O .    (2-1) 

The equilibrium constant, rK , for the above reaction can be expressed as 

][

]'][[ 2/12
2

×

••

=
O

OO
r O

PeV
K

.     (2-2)  



 

24 

At 800 oC, a typical SOFC operation temperature, rK  was found to be ~1072 for pure ceria 

and GDC by extrapolating the information in reference [52], and for YSZ Kr~1060 referring to K. 

Sasaki and J. Maier [53].  These values indicate that less oxygen vacancies are generated in YSZ 

at a given temperature and for a given oxygen partial pressure. 

For GDC and YSZ, there are pre-existing oxygen lattice vacancies due to the effect of 

acceptor doping according to Equations 2-3 and 2-4, respectively. 

••× ++⎯⎯ →⎯ OOCe
CeO VOGdOGd 32 '2

32
2

.    (2-3) 

••× ++⎯⎯ →⎯ OOZr
ZrO VOYOY 32 '2

32
2

.    (2-4) 

K. Duncan et. al. [44, 54] have shown the relationship between ••
OV

C  and the partial 

pressure of oxygen for fluorite-structured oxides as 
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where, AC  is the dopant concentration.  From this equation, one can see clearly that oxygen 

vacancy concentration increases as oxygen partial pressure decreases.  Based on this model, 

Figure 2-4 shows the predicted variation in the oxygen vacancy concentration as a function of 

2OP  at 800 °C for ceria, GDC and YSZ.  Note that, the initial oxygen vacancies in GDC and YSZ 

are due to the pre-existing vacancies caused by acceptor doping.  It can be seen that at the 

practical testing temperature and 
2OP  range (0.21 atm–10-25 atm), no significant change in the 

vacancy concentration of YSZ is expected, however, ceria and GDC should develop a significant 

amount of defects when 
2OP  is lower than 10-17 atm. 

Because the total number of oxygen vacancy sites and oxygen atoms in ceria is twice of the 

number of cerium atoms, rewriting Equation 2-5 yields [44] 
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where, OC is the concentration of oxygen atoms and cationC  is the concentration of cerium atoms. 

This model’s prediction shows a good agreement with gravimetrically measured results for GDC 

(see Figure 2-5) [44, 55].   

In the case of ceria, extensive experimental work has been done on the nonsoichiometric 

measurement [11, 12].  Figure 2-6 shows the representative theromgravimetric measurement 

results by two research groups.  Comparing Figure 2-4 and Figure 2-6, one can see that 

experimental results indicate that the process of oxygen vacancies formation is gradually slowed 

down (showing by the convex curvature) at very low oxygen partial pressure (lower than 10-22 

atm), but the theoretically modeling does not predict this effect.  This discrepancy can be 

attributed to the theoretical modeling inability to incorporate any structural changes resulting 

from high oxygen vacancy concentration.  

2.2.2  Phase Diagram of Ce-O System 

At room temperature, there are two very stable intermediate phases known in Ce-O system, 

Ce2O3 and CeO2, which have type-A rare earth structure [7] and cubic fluorite structures, 

respectively.  Brauer et.al. [13,14] and Bevan [7, 11] detected four more intermediate phases 

between Ce2O3 and CeO2, a disordered C-type rare-earth-oxide phase stable above 600 oC 

between CeO1.67 and CeO1.714 , a nearly stoichiometric triclinic structured phase Ce7O12 

(CeO1.714) stable up to 1023 oC and two rhombohedral structured phases at CeO1.812 and CeO1.782.  

These intermediate “compounds” are thought to occur as a result of ordering in the cation and 

anion sub-lattices.  There has been an extensive work thereafter on other intermediate phases of 

the Ce-O system, but there exist some discrepancies [7, 15] in terms of composition and crystal 
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structure.  Investigations including specific heat measurement [16], thermogravimetric 

measurement [11], electromotive force [17], electron microscopy [8], neutron diffraction [18] 

and X-ray diffraction measurements [18, 19] have provided valuable information to understand 

Ce-O system.  Figure 2-7 shows the Ce–O phase diagram that is generally accepted by 

researchers [16].  It is shown that at room temperature a miscibility gap exists between CeO2 and 

CeO1.818 (Ce11O20), which contract with increasing temperature and closes at 685 oC (958K) at a 

composition of approximately CeO1.918.  Above the miscibility gap, ceria can ceria can 

accommodate up to significant amount of oxygen vacancies without changing of the fluorite 

structure.  

2.3.3  Relationship between Lattice Parameter and Nonstoichiometry in Ceria 

The lattice parameter of ceria-based materials has been shown to be dependent on dopant 

concentration and oxygen vacancy concentration created by reduction [5, 6, 9, 56-59].  In case of 

pure ceria, when oxygen vacancies are introduced at low oxygen partial pressures in to the 

material, the charge neutrality is restored by creating Ce3+ defects.  In case of doped ceria, 

substitution of Ce4+ with a lower valance cation through acceptor doping causes formation of 

oxygen vacancies in the lattice.  Experimental work [5, 6, 9, 56-59] on ceria-based materials has 

shown that both of the above processes result in a lattice expansion.  The reason for lattice 

expansion is believed to be the formation of larger ionic radii of the lower valance cations [59].  

Mogensen [6] has considered ceria with various vacancy concentrations as a simple solid 

solution of Ce2O3 and CeO2, to apply Vegard’s rule to the lattice parameter [60], i.e., that a linear 

relationship exists between lattice parameter and the concentration of the solute.  He found out 

that for homogeneous ceria sample at room temperature, the lattice parameter, a, as a function of 

vacancy concentration, x , in CeO2-x should follow 
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nmxnma 04612.05413.0 ×+=  .  (2-7) 

Figure 2-8 shows the good agreement of this prediction and experimental expansion 

measurement results [5, 6, 58].  

2.4  Effect of Defects on Mechanical Properties of Ceramics 

2.4.1  Elastic Modulus   

Material elastic modulus (E) (also known as the Young’s Modulus or modulus of 

elasticity) is an important material property because it is in nature a measure of the stiffness of 

atomic bonds.  The material elastic modulus can be related to inter atomic forces, F, and inter 

atomic potential, enet , through [61] 
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where, r is the inter atomic distance, and r=ro is the equilibrium distance at 0 K, which is 

determined as the interatomic distance where the attractive force component is equal to the 

repulsive force, which point corresponds to the minimum interatomic potential. ro is directly 

related to the lattice constant, a  

While the intrinsic elastic modulus is dependent on the interatomic forces, the macroscopic 

Young’s modulus can significantly be reduced by the presence of processing defects.  For 

example, it has been observed for some ceramic materials that macroscopic defects such as 

porosity and microcracks will significantly decrease the elastic modulus [62, 63].  For example, 

in case of alumina, the relationship between the magnitude of the elastic modulus, E, and volume 

fraction of porosity, p, can be expressed as [62] 

)9.09.11( 2
0 ppEE +−= ,    (2-9) 

where, E0 is the elastic modulus of a material with zero porosity. 
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In general, the effect of point defects on elastic modulus is of great interest.  The formation 

of point defects can modify the inter-atomic forces, and hence the elastic modulus will be 

affected.  Recent studies indicate that the influence of lattice vacancies on elastic modulus can be 

significant.  For instance, it has been shown experimentally that the elastic modulus of group IVb 

nitrides with rock-salt structure such as TiNx, ZrNx and HfNx decreases as the concentration of 

the nitrogen lattice vacancy increases [64-367].  Guemmaz [68, 69] has shown that in titanium 

carbides the elastic modulus is reduced as the carbon lattice vacancy concentration increases.  

Theoretically, computer simulation results using full potential-linear muffin tin orbital method 

[67-69] and ab initio pseudopotential density functional total energy method [70] have shown a 

good agreement with the above-mentioned experimental results.   

However, the work on the influence of point defects on elastic modulus of ceria-based 

oxides is limited [41, 43-44, 71].  Sato et.al. [41] studied the effect of dopant concentration on 

the elastic modulus of ceria based materials using a small punch testing technique (the concept of 

this technique is similar to flexural bend testing).  They reported the average elastic modulus of 

pure ceria as 175 GPa, which was slightly lower than the results reported as approximately 200 

GPa through flexural tests by Atkinson and Selçuk [71].  Their results showed that the elastic 

modulus of doped ceria ceramics was lower than elastic modulus of pure ceria.  The authors 

attributed the reduction in elastic modulus to the effect to the formation of oxygen vacancies 

caused by doping process.  Furthermore, since oxygen vacancies can also be formed through 

reduction treatment, our recent theoretical modeling based on the calculation of oxygen vacancy 

formation as a function of partial pressure of oxygen and a consideration of classical atomic 

potential predicts that elastic modulus decreases with a reduction of 
2OP  in fluorite-structured 
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oxides [44].  In this dissertation, experimental measurement on elastic modulus are attempted to 

confirm this effect.   

2.4.2  Effect of Point Defects on Fracture Properties of Ceria-Based Materials 

Depending on the material fabrication technique and measurement method, the strength of 

pure ceria reported in literature has a wide range [38, 71, 72].  Using the same standard solid 

state fabrication technique, the flexural strength of pure ceria of was reported to be less than 100 

MPa by Mashino et.al.[72] and about 150 MPa by Atkinson and Selçuk [71].  The fracture 

toughness of pure ceria was reported to be about 1.3 MPa•m1/2 by Sato et.al [41] and 1.5 

MPa•m1/2 by Mashino et.al. [72].  Besides the effect of processing techniques, the effect of point 

defects on fracture properties of ceria based materials is of great interest.  As discussed in section 

2.3.3, the ceria lattice will expand when oxygen vacancies are formed by the reduction process.  

In case of SOFCs, as the oxygen partial pressure varies significantly across the electrolyte, the 

expansion difference across the electrolyte thickness will lead to mechanical stresses, which 

gives rise to differential strain across the thickness and inevitably causes fracture [38-40].  In 

detail, Atkinson [38] has studied the relationship between the stresses and various parameters 

such as doping concentration, temperature and oxygen activity.  His analysis relates the 

maximum tensile stresses to the non-stoichiometry of the electrolyte.  A tensile  stress is found to 

be present at unreduced cathode side (air side) and a compressive stress at reduced anode side 

(fuel side).  The maximum tensile stress is found to increase with the decreasing oxygen pressure 

and dopant concentration or with increasing temperature.  The trade-off between temperature and 

oxygen pressure has bought up an interesting topic in order to keep the maximum tensile stresses 

to a manageable limit. 

Some experimental [40-44] work has shown doping process affects fracture properties of 

ceria based materials.  For example, Sato et. al. [41] found that the fracture strength and fracture 
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toughness of doped ceria appear to decrease with increasing dopant level when the dopant 

concentration is less than 20 mol %.  The authors attributed this decrease to the increase in 

concentration of oxygen vacancies caused by acceptor doping process.  Interestingly, they also 

find that the influence of the increasing oxygen vacancy concentration override the strengthening 

effects caused by finer grain sizes.  Further studies [41] on the fracture properties of rare earth 

(yttrium, gadolinium, and samarium) doped ceria ceramics showed that the fracture toughness 

was influenced by the dopant concentration rather than the kind of dopants (Figure 2-9).  As the 

increase in dopant concentration is directly associated with the increase in oxygen vacancy 

concentration, this result again indicates the important role of the oxygen vacancy effects on 

fracture properties.  

2.4  Fracture of Brittle Materials 

2.4.1  Fracture Mechanics for Brittle Materials 

When the applied stress exceeds the theoretical strength, thσ , which is defined as the 

maximum stress on the force-displacement curve, materials are expected to fracture in an 

unstable manner.  In a simplest approach, this theoretical cleavage stress can be expressed as 

Equation 2-10 [73].  Since cleavage takes place on specific crystallographic planes, the 

parameters given in this equation refer to specific crystallographic planes. 

0r
E

th
γσ = ,     (2-10) 

where, γ is the surface energy for the cleavage plane and r0 is the equilibrium unstressed inter-

planar spacing, and E is the elastic modulus perpendicular to the cleavage plane.  Using an 

estimated γ value, thσ  in Equation 2-8 can be approximated as 
10
E .  At room temperature, the E 

values for ceramics vary from tens of GPa (e.g., 70 GPa for pyrex glass) to as high as hundreds 
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of GPa (e.g., 400 GPa for trigonal alumina), therefore, the theoretical strength ranges from 

several GPa to tens of GPa.  This estimation is obviously much greater than experimental test 

strength values for ceramics which normally is several hundreds of MPa. 

In 1913, Inglis [74] carried out some pioneering work on stress analysis for a uniformly 

stressed plate with an elliptical cavity in the middle.  He showed that the local stresses ahead of 

an elliptical cavity tip can raise to as high as several times that of the applied stress.  Inglis’s 

stress concentration factor concept can provide some information about the difference between 

the theoretical strength and the experimental values.  While Inglis’s analysis incorporates the 

stress intensification, it fails to address the effect of crack size.  In other words, cracks of equal 

notch radius to crack length ratio would be equally effective in intensifying the stress.  Following 

this, Griffith proposed in 1920 a model, where instead of stress intensification, the energetic of 

crack propagation was considered.  It is generally considered as the first breakthrough in 

developing fracture criterion. 

Griffith’s criterion [75] adapted the thermodynamic equilibrium concept.  He considered a 

static shaper crack as a reversible thermodynamic system and sought to minimize the total free 

energy of the system.  In this system, strain energy was the driving force for the crack 

propagation and surface energy was the resistant component for crack propagation.  Based on 

this assumption, the Griffith’s theory implies that the critical stress, σf, for a crack to propagate is 

defined as 

2
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f π

γσ = ,     (2-11) 

where E’ identifies with elastic modulus (E) in plane stress and (E/(1-υ2)) in plane strain with υ 

the Poisson’s ratio.  The strength is therefore controlled by three basic parameters, which are the 

elastic modulus (E), the surface energy (γ) and the flaw size (C).  This relationship demonstrates 
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that failure occurs when the loss of strain energy is sufficient to provide the increase in surface 

energy.   

There are two important basic implications of this relationship.  The first is, the critical 

stress for a crack to propagate is inversely proportional to C .  The second is, when the applied 

stress is greater than this critical stress, crack will propagate spontaneously without limit.  This is 

the first time in fracture mechanics history one specified the criterion for crack growth.  

However, it has been shown that Griffith’s theory has some practical limitations.  For example, 

in 1930, Griffth’s theory ran into major obstacles when Obreimoff [76] tested his theory with a 

rigid wedge loading condition to cleave mica.  Obreimoff found that the failure for this loading 

geometry occurs in a stable fashion, which is against the second implication of Griffth’s concept.   

Linear Elastic Fracture Mechanics (LEFM) is a further development of Griffith’s concept 

in the history of fracture mechanics.  In the vicinity of a crack, the stress fields can be derived 

from three basic modes of loading, which are tensile mode or mode I, sliding mode or mode II 

and tearing mode or mode III respectively (see Figure 2-10).  Based on linear elastic theory, 

Iwirn in 1958 [77] described stresses in the vicinity of a crack tip as 
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where, r,θ are the cylindrical polar coordinates of a point with respect to the crack tip; K  is the 

stress intensification factor, which gives the magnitude of the elastic stress field; and )(θijf  is an 

angular function.  For a given loading mode, K can be expressed as 

CYK ii σ= ,     (2-13) 

where, Yi is a dimensionless parameter that depends on geometry of the crack and the loading 

mode and i represents the loading mode.  
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Following Griffith’s energy balance condition concept, Irwin was able to combine the 

stress intensification factor K with the the strain energy release rate G.  In case of mode I loading 

condition this relationship is shown as  

'

2

E
KG I=  ,    (2-14) 

The crack propagates when G reaches a critical value GC , which is determined by the 

resistance for crack propagation, R.  For the “ideally” brittle material, R is twice the surface 

energy, γ.  From Equation 2-14, the existence of GC implies there is also a critical value for the 

stress intensity factor.  For example, K1C can be identified to be the critical stress intensity factor 

for a material under mode I loading condition.  Here, K1C is a material property and termed as 

fracture toughness. 

2.4.2  Toughening Mechanisms for Brittle Materials 

Brittle ceramics usually fracture in a catastrophic or unstable way, which is not desirable 

for most practical applications.  In general, there are three alternative steps [73] that one can 

consider to overcome this problem with the help of understanding the basic equation between 

strength and fracture toughness.   

Because the material strength is inversely proportional to C , the first step is to decrease 

the flaw size to improve the strength.  Control of flaw sizes can be achieved through 

improvements in material processing, surface finishing procedure and service conditions.  The 

second step is to decrease applied stresses by a change in component geometry to remove 

unwanted stress concentrations so that the design stress can be decreased.  However, 

improvements through these two steps are most of the times difficult due to practical limitations.  

This leads to the advantage of third step, which is the enhancement of fracture toughness or flaw 

insensitivity from material science aspects.  Several toughening mechanisms have been 
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successfully developed over the last several decades.  A summary of the major toughening 

mechanisms for brittle materials are summarized in the following.  

Firstly, toughening can be caused by crack tip perturbations.  The basic concept of this 

mechanism is to impede the crack by obstacles in form of second phase.  The magnitude of 

perturbations of crack front by the second phase depends on the character of the particles and the 

nature of the crack interaction.  There are two dominant perturbations in brittle materials, i.e., 

crack bowing [78-79, 81] and crack deflection [82-84], which may operate simultaneously 

during crack propagation.  The following reviews the development of both processes.  

In case of crack bowing, the process originates from the second phase in the path of a 

propagating crack and produces a non-linear crack front.  The material strength of is determined 

by the stress to propagate these secondary cracks.  This stress is usually greater than the stress to 

extend the primary crack except the case when the ratio between phase spacing and second phase 

dimensions is relatively large.  Lange [78] suggests that the increase in both the strength and the 

fracture surface energy may be similar to a line tension effect observed for dislocation motion 

[85].  Evans [79] calculated this line tension effect and found a good correlation with the 

experimental results [80] for the fracture surface energy of glass/alumina system.  The fracture 

surface energy includes all the resistance to form new surfaces by crack propagation.  Crack 

bowing is found to be the major contribution to the strength increase for brittle second phase 

(impenetrable second phase) in brittle matrix composites, but a minor contribution to the strength 

increase for fiber composites or ductile second phase [79].  

Unlike crack bowing process, crack deflection creates a non-planar crack during 

propagation, which leads to lower stress intensity than that experienced by corresponding planar 

crack.  The sources of crack deflection can be either residual strain presented in the material [84] 
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or the existence of weakened interface.  Figure 2-11 schematically shows two types of crack 

deflection mechanisms, i.e., crack tilt and crack twist [82, 83].  The twisted and tilted cracks are 

subjected to a mixed-mode loading.  In case of crack tilt (Figure 2-11A), the local stress 

intensities have a mixed mode I and mode II components, and combined mode I and mode III for 

crack twist (Figure 2-11B).  It is clearly to see that crack deflection is accompanied by an 

increased roughness of the fracture surface.  Based on Faber and Evans’s calculations [82], the 

increase in toughness only depends on the shape and volume fraction of the second phase.  The 

most effective morphology for deflecting crack is predicted to be the rod of high aspect ratio (the 

ratio of length divided by the diameter).  The major toughening increment by crack deflection 

appears to develop volume fraction of second phase less than 0.2. 

Secondly, crack tip shielding mechanism can also improve fracture toughness.  Some 

microstructural change in brittle material under deformation may cause the stress intensity factor 

in front of the crack tip , tip
IK , is less than the applied stress intensity factor, app

IK , and shielding 

occurs.  Failure occurs when tip
IK = 0

IcK , the fracture toughness of local highly stressed portion at 

the crack tip, or the process zone.  If this statement is expressed in an equation for the critical 

situation, i.e., the situation when failure occurs, the shielding criterion becomes  

0
ICc

app
IC KKK +Δ= ,   (2-15) 

where cKΔ  is the value of shielding effect at the point of fracture.  The measured fracture 

toughness app
ICK  is therefore higher than the fracture toughness of the process zone material by 

the amount of cKΔ .  It has been proven that there are three types of dominant shielding 

mechanism [86], transformation toughening [87-89], crack bridging [90, 91] and microcrack 
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toughening [92-102].  The basic concept behind each of these toughening mechanisms is 

explained in the following contexts.  

The majority work on transformation toughening is on using metastable tetragonal zirconia 

as toughening agent [87, 88].  When the stress level around the crack tip reaches a critical value, 

the metastable tetragonal zirconia tends to transform into the stable monoclinic phase.  This 

transformation is accompanied by a volume increase, and the result is the creation of 

compressive stress around the crack tip, which tends to shield the crack.  

Crack bridging toughening occurs when the primary crack front by-passes obstacles.  For 

composite materials, the bridging process may come from the second phase.  If the bridges are 

elastic, failure may occur when the bridges are pulled out of the matrix [90]; or if the bridges are 

ductile, failure occurs through plastic deformation.  The increase in toughness by crack bridging 

can be attributed to the decrease of the stress intensity factor at the crack tip. 

The microcrack toughening mechanism [92-102] has been proven to cause crack tip 

shielding effect by amount of KΔ through redistributing and reducing the average near-tip 

stresses.  There are two sources of this redistribution effect [92, 97].  One is due to the reduction 

in the effective elastic moduli resulting from microcracking formation and extension in the 

process zone.  The other is the strain arising from the release of residual stresses or the 

dilatational effect when microcracks are formed.  Between these two sources, the dilatational 

effect is found to be more substantial.  Figure 2-12 schematically shows these two effects in the 

stress-strain curve along with the rising crack resistance curve, KR curve, for a microcracked 

material [97].  Frontal zone microcrack causes minor increase in KΔ , and dilatation toughening 

will occur when microcracks enter the crack wake.  Because of the importance of nucleation and 

extension of microcraks for this mechanism to operate, the control of microcracking sites 



 

37 

becomes essential.  These sites are expected to be weak interfaces between the matrix and the 

second phase for composites or the grain boundaries for single phase polycrystals.  It needs to be 

pointed out that toughening by microcracking is normally accompanied by reduction of strength 

of ceramic materials [103].  The challenge for successfully applying this mechanism will involve 

minimum sacrificing of strength. 
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Figure 2-1.  Schematic diagram for the principle of a solid oxide fuel cell. 

 

Figure 2-2.  Fracture of the electrolyte after the half-cell (nickel/yttria stabilized zirconia (or 
Ni/YSZ) anode and YSZ electrolye) experienced reduction and reoxidation cycles.  
(A) Cross section and (B) electrolyte surface[45] 
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Figure 2-3.  Schematic drawing of the atomic structure for fluorite oxides. 

 

 

Figure 2-4.  Predicted dependence of oxygen vacancy concentration on oxygen partial pressure 
(

2OP ) at 800 oC for pure ceria, GDC (gadolinium doped ceria) and YSZ from 
theoretical modeling [44].  
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Figure 2-5.  Dependence of CO/Ccation atom ration on oxygen partial pressure at 800 oC for 
Ce0.9Gd0.1O1.95-x. (●) Themogravimetric data from Wang et al.[55] and (—) model 
[44]. 
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Figure 2-6.  Themogravimetric measurement results (800 oC) of oxygen vacancy concentration 
as a function of oxygen partial pressure for pure ceria [14, 15].  
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Figure 2-7.  Phase diagram for CeO2-x.[16] 

 

 

Figure 2-8.  Expansion of ceria versus nonstoichiometric composition at 900 oC. (○, ●) Chiang et 
al. [5]. (- - -) Theoretical slope; (——) best fit slope; (□) Mogensen and Mogensen 
[6,58]. 
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Figure 2-9.  Fracture toughness of doped ceria materials [41].  

 

 

 

Figure 2-10.  Three basic modes for fracture. 

 

Mode I                              Mode II                          Mode III 
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Figure 2-11.  Crack deflection process by (A) tilt and (B) twist [45]. Z-X plan is the primary 
fracture plan. Y is the loading direction. X is the crack propagation direction [82] 

 

 

Figure 2-12.  Stress-strain curve (A) and the corresponding crack resistance curve (B) for a 
microcrack toughening mechanism [97].
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CHAPTER 3 
MATERIALS AND EXPERIMENTAL PROCEDURES 

This chapter explains the materials fabrication and experimental procedures that were 

applied in this research.  As the nanoindentation technique for intrinsic elastic modulus and 

hardness evaluation is limited only for room temperature tests, we designed a heat treatment 

process that allowed the effect of defect concentration on mechanical properties to be evaluated 

at room temperature.  The strategy was to create defects by equilibrating the samples in various 

oxygen partial pressures (
2OP s) at a high temperature and then conserve them to room 

temperature by fast cooling.  To be consistent with nanoindentation tests, all the other 

mechanical tests were performed at room temperature as well, i.e., the mechanical tests are not 

in-situ tests but post evaluations.  In this chapter, each procedure will be explained in detail. 

3.1  Sample Fabrication 

Three types of fluorite-structured oxides, pure ceria or CeO2, 10 mol % gadolinium doped 

ceria (GDC) or Gd0.1Ce0.9O1.95, and 8 mol % yttria stabilized zirconia (YSZ) or 

(Y2O3)0.08(ZrO2)0.92, were selected for this research,  The materials were prepared with solid state 

method using commercial powders, i.e., pure ceria (99.9% pure, Alfa Aesar, 5μm powder), GDC 

(99.9% pure, Rhodia Inc., USA and Anan Kasei Co., Ltd., Japan ) and YSZ (TZ-8Y, TOSOH 

Co., Japan).   

Depending on the type of mechanical tests, the sample size requirements are different.  

However, the fabrication process of the samples was kept same for each material in order to limit 

microstructure variations.  It needs to be pointed out that numerous fabrication methods, such as 

electrochemical vapor deposition, tape casting, plasma spraying or colloidal/electrophoretic 

deposition , are used to prepare electrolyte materials.  These methods are adopted to achieve thin 

electrolyte (as explained in 2.1.1).  However, the samples prepared by these methods have 
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dimension limitations for mechanical tests in this research.  Therefore, we used the conventional 

solid state method to prepare samples with desired dimensions.  Figure 3-1 shows the flow chart 

of fabrication processes used in this study, which were slightly different for each material.  Pure 

ceria powder was ball milled with 3 wt% polyvinyl butyral (PVB) ethanol alcohol solution for 24 

hours.  After drying, the powder was milled and sieved.  The ceria samples were then prepared 

by two step of pressing.  The first was uniaxial pressing at pressure about 35 MPa for 4 mins, 

and the second was cold isostatic pressing at 250 MPa pressure for 5 minutes.  Because the 

uniaxial pressing procedure defines the shape of the green body, a proper sized dies were 

adapted, i.e., ⅜ inch, ½ inch and 1¼ inch diameter dies were used for disc shaped samples, and 

10 mm×60 mm rectangular die was used for bar samples.   

The pure ceria samples were held at 400 oC for one hour to burn out the PVB binder and 

then sintered at 1550 oC for 20 hours.  The heating and cooling rate was 5 oC/min.  The GDC and 

YSZ samples were prepared similarly as pure ceria sample, but without the addition of binder 

and the burn out procedure.   

As a result, the final size of the ceria samples for nanoindentation tests was about Φ6 mm 

×4 mm.  The final size for GDC and YSZ samples was Φ10 mm×4 mm.  The Brazilian disc ceria 

samples for fracture toughness tests had the dimensions of Φ26 mm×2.6 mm.  Because the bar 

samples after firing had a size of approximately 3.1 mm×8 mm×48 mm, two bending samples 

with dimensions of 2.6 mm×4 mm×45 mm were obtained from one original bar.  The schematic 

in Figure 3-2 shows the procedures how the bar samples were achieved.  The materials and the 

size of the samples are summarized in Table 3-1. 

3.2  Heat Treatment 

The heat treatment temperature was chosen to be 800 oC, which is typical operating 

temperature for Solid Oxide Fuel Cells (SOFCs).  The amount of time that was needed for the 
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heat treatment was decided from two approaches.  The idea was to achieve equilibrium.  Firstly, 

in order to calculate the equilibrium distance, oxygen self-diffusivities in these materials are 

needed.  From literature, given by R. Devanathan, et. al.[104] and P.S. Manning, et.al. [105], the 

oxygen self-diffusivity coefficient in YSZ is ~10-7 cm2s-1, given by B.C.H. Steele [27], oxygen 

self-diffusivity coefficient in ceria system is one order of magnitude higher with a value of ~10-6 

cm2s-1.  Because the absolute equilibrium is very difficult to reach in real experiment, 

“equilibrium distance” in this research is considered as the depth where the sample has reached 

90% or higher of the equilibrium concentration.  Using the available information (diffusivity and 

material dimension values), the equilibrium distance for each materials as a function of time was 

directly read from the plots of the diffusion solution given by J. Crank [106].  As a result, it 

shows that within 15 hours, the ceria samples and GDC samples has reached “equilibrium” at a 

depth larger than 1.3 mm and YSZ has reached “equilibrium” at a depth larger than 0.6 mm.  

Secondly, based on thermal-chemical expansion experiments conducted by S. Bishop, et.al.[107] 

for the same materials and experimental conditions as this research, the amount of time of 15 

hours was sufficient enough for the these materials to reach the maximum expansion, i.e., the 

equilibrium condition.  

In order to achieve different defect concentration, the samples were heated at a rate of 5 

oC/min to 800 oC and equilibrated in various oxygen partial pressures for 15 hours.  The various 

oxygen partial pressures were obtained by choosing different gas mixtures (i.e., N2, Ar, H2 and 

H2/H2O).  The gas flow rate was 10 sccm.  Figure 3-3 shows the schematics of the heat treatment 

setup.  The samples were heat treated inside a quartz tube.  There was an oxygen sensor 

connected to the out gassing line of the tube furnace for measuring the oxygen partial pressures 

of the controlling gas or gas mixtures.  The oxygen sensor was a galvanic cell with the type of  
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Pt, air( referenceOP ,2
)/ziroconia electrolyte/ Pt, controlling gas(

2OP ). 

The voltage difference between the electrodes is given by the Nernst equation as 

referenceO

gasO

P
P

zF
RTE

,

,

2

2ln= ,    (3-1) 

where, R is the universal gas constant, T is the absolute temperature in degrees Kelvin, z is the 

charge number of the electrode reaction (which is the number of moles of electrons involved in 

the reaction, in this case, z equals to 4), and F is the Faraday constant (96,500 C mole-1).  The 

reference gas was dry air in this study, therefore referenceOP ,2
=0.21 atm.  By measuring the voltage 

difference across the zirconia electrolyte, the oxygen partial pressure for the controlling gas at 

the heat treating temperature can be calculated from Equation 3-1.  The corresponding oxygen 

partial pressure ranges of different gases or gas mixtures are listed in Table 3-2. 

After 15 hours at 800 oC, the samples were then fast cooled to room temperature to 

maintain the defect concentrations achieved at the elevated temperature.  The average cooling 

rate was about 16 oC/min for the first 200 oC, and 9 oC/min for the range from 600 oC–400 oC.  

The total time for the samples to cool down to 300 oC was about 50 minutes.  Figure 3-4 presents 

the temperature-time curve for this heat treatment. 

In order to distinguish between the thermal vacancies and those created by a reduced 

atmosphere, one sample of each material was heat treated in air (
2OP =0.21 atm) for the same 

amount of time at 800 oC and then fast cooled to room temperature.  To prevent reoxidation 

during cooling, the controlling gas mixture was continually flowed throughout the fast cooling 

period. 



 

48 

3.3  Mechanical Tests 

3.3.1  Elastic Modulus Tests 

Two sets of tests were designed for elastic modulus measurement, namely, nanoindentaion 

and four-point-bend tests.  For nanoindentation tests, the indent size is small (submicron) and 

therefore the indents could be fit inside the grains.  Also, by analyzing the images of each indent, 

the indents with abnormal shapes resulting from the nearby pores or microcracks were further 

eliminated, and Figure 3-5 is examples of such indents and a successful indent.  Therefore, 

nanoindentation is able to measure the intrinsic elastic modulus, i.e., independent of the 

influence of pores, grain boundaries and other microscopic defects such as microcrakcs.  

However, elastic modulus evaluated by bending tests requires bulk samples where the effects of 

porosity, grain boundaries and other microstructural features contributed to the test results.  The 

details of these two testing methods are explained in the following sections. 

3.3.1.1  Nanoindentation test 

Due to the sensitivity of nanoindentation test to the sample surface conditions, all samples 

were carefully polished to 0.25 μm using alumina powder and diamond paste prior to heat 

treatments.  In order to minimize the microstructural variations (such as porosity, pore size, grain 

size, ect.) from one sample to another, the same batch of the as-sintered samples was used for 

nanoindentation tests as a function of oxygen partial pressure.  Preliminary nanoindentation 

results conducted on the surface of the as heat treated samples showed a large scatter in the data.  

Further analysis using SEM suggested a surface effect upon heat treatment.  Therefore, the 

samples were further mechanically polished after heat treatment and prior to nanoindentation in 

order to remove the top layer (<10μm) altered by the thermal etching and by reoxidation. 

The nanoindentation was carried out using a Hysitron TriboIndenter.  The triangular 

pyramid Berkovich indenter was used for all the measurements.  The Hysitron TriboIndenter has 
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a capability of recording load-displacement curve during the test.  The contact area function of 

the indenter (i.e., the contact area vs. contact depth) was generated by testing a standard sample 

with known elastic modulus.  The standard used for this research was fused quartz with an elastic 

modulus of 72 GPa.  The details of generating area vs. contact depth function followed reference 

[108].  After series of indents on the standard sample, a power law curve fit was performed on 

the unloading portion of each curve.  A tangent line to the power law curve was used to find the 

stiffness, from which an area was calculated because the elastic modulus of the standard was 

known.  The calculated area versus displacement for all the indents was fit in a curve and the 

area versus displacement function was generated.  The machine compliance, sample tilt and 

thermal drift were all considered and calibrated following the instruction in reference [108].  

Because of the availability contact area verse displacement function, the reduced modulus (Er) 

was then calculated from the slope of the unloading segment of the load-displacement curve.   

This reduced elastic modulus combines the modulus of the indenter and the specimen 

according to Equation 3-2, which is given in the Hysitron TriboIndenter Naomechanical Test 

Instruments manual. 

sample

sample

indenter

indenter

r EEE
)1()1(1 22 υυ −

+
−

= ,  (3-2) 

where, υindenter and υsample are the poisson ratios and Eindenter and Esample are the elastic modulus of 

the diamond indenter and the sample, respectively.  The elastic modulus of the sample was 

calculated using υindenter=0.07 and Eindenter=1140 GPa for the diamond indenter and assuming 

υsample=0.3 [6]. 
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All the tests in this research were under load control.  The samples were loaded to 5000 μN 

and held for 5 seconds and then unloaded.  The loading and unloading rates were the same and 

equal to 1000 μN/s.  A total of 49–100 indents were performed on each sample.  

3.3.1.2  Four-point-bend test 

For the purpose of comparison with the nanoindentation results, the elastic modulus of 

bulk samples by four-point-bending was also conducted at room temperature.  Prior to heat 

treatment, the bending bar samples were sent to be machined (PremaTech Advanced Ceramics, 

USA) according to the ASTM C 1161 standard [109].  The bulk elastic modulus was measured 

using an MTS810 mechanical testing system designed for controlling small displacements.  The 

displacement was measured using MTS model 632.06B-20 extensometer at 0.016 inch full scale 

range.  The load was measured using MTS 661.19-2200 lbs load cell at 200 lbs full scale range.  

A digital image of the MTS810 system is shown as Figure 3-6A and the details of the bend test 

setup is shown as Figure 3-6B.  The four-point-bending fixture (MTS model 642.05A-02) used 

in this research was a fully-articulating fixture designed to be used either with flat and parallel 

specimens or with uneven or nonparallel specimens.  The concept of fully-articulating is 

explained in ASTM C 1161 standard (also see Figure 3-6C) [109].  As shown in Figure 3-6B, the 

fixture allows full independent articulation of all rollers about the specimen long axis to match 

the specimen surface.  The upper pairs are free to pivot to distribute force evenly to the bearing 

cylinders on either side.  The support span was 30 mm, and a one-third loading span was used.   

The loading speed was calculated according to ASTM D 6272 [110] as 

d
ZLR

2185.0
= ,    (3-3) 

where, R is the displacement rate; L is the support span (30 mm), d is the depth of the beam (2.6 

mm); Z is the strain rate of the outer potion of the sample and equals to 0.01 s-1.  Therefore, the 
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displacement rate was then determined to be 0.6 mm/min.  A computer (LabView 7, National 

Instruments software) was used for the data acquisition.  

The elastic modulus was calculated from [110] 

3

321.0
bd

mLEB = ,    (3-4) 

where, EB  is the modulus of elasticity in bending; m is the slope of the loading segment of load-

displacement curve; b is the width of the bending bar.  At least two samples for each heat 

treatment condition were tested for the bulk elastic modulus.  It is common to see researchers in 

the literature to do several loading unloading cycles and then evaluate the elastic modulus from 

the unloading segment of the curves.  The reason we did not perform loading cycles to our 

sample is because of the sensitivity of the microstructure to loading cycles, and this will be 

addressed later in section 5.1.2.  However, the validity and reliability of our method can be 

shown through the dummy tests on a steel sample.  The steel (which has a known elastic 

modulus of 200GPa) bar sample with a cross-section of 3.145 mm × 3.146 mm was tested using 

the same parameter as described above.  The corresponding load verses displacement curve is 

shown in Figure 3-7.  The initial part of the loading curve (approximately 20 N) was omitted due 

to the nonlinearity caused by friction contact between the sample and the fixture.  From the slope 

of this curve, the elastic modulus calculated through Equation 3-4 was 197.1 GPa, which is very 

close to the elastic modulus of steels.  In fact, multiple cycling tests were performed using this 

sample and the variation from one test to another remained within 6 %.  Therefore, it is reliable 

to use this technique to evaluate elastic modulus. 

3.3.2  Hardness Test 

The hardness was also evaluated at the same time as the intrinsic elastic modulus by the 

nanoindnetation test from 



 

52 

A
P

H app= ,    (3-5) 

where, H is the hardness; Papp is the maximum applied indentation force; and A is the resultant 

projected contact area at that load.  These contact areas were determined from the contact area 

function that was described in section 3.3.1.1.  

3.3.3  Flexural Strength Test 

The flexural strength was also evaluated using four-point-bend test.  The number of the 

samples tested in this research will be revealed later in Chapter 6.  The test parameters, fixtures 

and sample preparation were the same as the above mentioned test for evaluating bulk elastic 

modulus.  The flexural strength can be expressed as 

2bd
LPf

f =σ ,    (3-6)  

where, Pf is the fracture load , L, d and b are defined the same as in Equation 3-4.  

3.3.4  Fracture Toughness Test 

The initial attempt to evaluated fracture toughness using Vikers microhardness tester was 

not successful.  As shown in Figure 3-8, the indentation pattern of the as-sintered ceria sample 

was severely disrupted (at load of 200 g) and therefore not suitable for measurement using this 

method.  In this study, chevron-notched Brazilian disc tests under the mode I loading condition 

was successfully applied to measure the fracture toughness.  The reason that we chose disc shape 

sample testing instead of the standard bending bar sample [111] is that we were not able to 

produce high quality bending bar samples at the moment that this test was carried out.  Figure 3-

9 schematically shows the dimensions of the Brazilian disc samples.  The samples were 

manually polished using 600 grit silicon carbide sand paper prior to heat treatment.  Chevron 

notches were cut in the Brazilian disc samples prior to their heat treatment using a low speed 
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diamond saw with a 0.2 mm-thick blade.  The radius of the blade was R0=12.7 mm.  The notch 

length (2a), the sharpness of the chevron-notched section and the distance between the notch tips 

(2a0) are not independent parameters, and all of them depend on the penetration depth (see 

Figure 3-10A) of the blade into the sample.  The deeper the penetration depth of the blade, the 

larger values of these two parameters are, but with shorter and shaper chevron-notched section.  

For samples with same thickness, Figure 3-10B shows a chevron notch with notch to diameter 

ratio of 0.5 and Figure 3-10C for ratio of 0.6 to visualize the difference.   

It depends on several parameters to successfully make a chevron notch. During the 

notching process, the alignments between the diametric lines of the blade from both cuts, the 

center line of disc sample and the normal of the disc sample are essential for a symmetric notch.  

Also, the penetration depth of the blade from both sides of the sample has to be same.  The 

schematics of the unsuccessful chevron notches experienced at the initial stage of this work are 

schematically shown in Figure 3-11. 

The testing method for the KIC measurement using Brizilian disk samples followed the 

procedure explained by Shetty, et.al. [112, 113].  The final geometry of the ceria samples with a 

notch to diameter ratio (2a/2R) of 0.5 was comparable to the sample geometry used in their 

research.  The loading and unloading of the fracture test was done under displacement control 

with a cross head speed of 0.002 in/min using Instron 1125.   

A precrack procedure proposed by Shetty, et.al.[112] was performed on Brazilian disc 

sample to achieve a sharp crack tip.  A sharp crack tip is necessary for valid fracture toughness.  

In addition, the scattering of the data will be limited because the fracture would be dominated by 

the sharp crack tip created by precrack procedure, not by the roughness of the notch edges.  

Firstly, the fracture load of a Brazilian disc sample was directly loaded to fracture under mode I 
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condition, i.e., by loading in compression along a diameter through the chevron notch.  The load 

for precrack for was then determined to be about 90~95% of this fracture load (the precrack was 

also conducted mode I).  The sample was held at this load level for 6 or 12 mins and then 

unloaded.  Crack propagation within the chevron notch (in our case when a/R=0.5) is stable 

because the effective thickness is increased continuously owing to the shape of the notch.   

The stress-intensity factors at the point of fracture for mode I loading of Brazilian disc 

samples were calculated using the solutions given by Atkinson, et. al. [114] as  

12/1

2/1
max N

RB
aPK C π

=Ι ,    (3-7) 

where, Pmax is the fracture load, a is the half crack length, B is the thickness, (see Figure 3-9), 

and N1 is a non-dimensional coefficient that is a function of the relative crack size (a/R).  The 

relative crack size (a/R) in this study has a range of 0.48–0.51.  Atkinson, et. al. [9] provided the 

numerical solutions for the cracks in the size range a/R=0.1–0.6, which were used in this study 

for calculating K1C.  Furthermore, Shetty, et.al.[112] calculated the stress state (plain strain 

condition and biaxial stress state condition) effects on the stress intensity factor based on strain-

energy-density theory and found that stress state did not affect the stress intensity factor for pure 

mode I condition.  In another words, the effect of the sample thickness should not affect the KIC 

results for brittle materials. 

3.4  Characterization Techniques 

The densities of the as-sintered samples were measured by the immersion technique with 

pure water as the immersion solution.  Assuming that the density for pure water at room 

temperature is 1 g/cm3, then the density of the samples was calculated by Equation 3-8 according 

to Archimede's principle as 
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wetdry

dry

ww
w
−

=ρ ,    (3-8) 

where, ρ is the density of the test sample; wdry is the weight measured in air and wwet is the weight 

of the sample in pure water. 

The grain boundaries for all three materials used in this research was revealed after being 

thermo-etched at 1550 oC for 12 mins.  Optical microscopy and scanning electron microscopy 

(SEM, JEOL JSM 6400 and FEG-SEM, JEOL JSM-6335F) were both used to image the 

microstructure.  All the samples prior to SEM analysis were coated with Au-Pd.  After taking 

images with proper magnification, the standard linear-interception method was used to determine 

the grain sizes [115].  

After nanoindentation tests, high resolution naoindent topography images were recorded 

using scanning probe microscopy, which is one of the function of the TriboIndenter.  These 

images are helpful to verify the quality of the indents.  

The crystal structure and the texture of the samples were studied using the X-ray 

diffraction (XRD) method with Cu Kα radiation (XRD, Philips APD 3720).  The XRD patterns 

for powder samples as well as bulk samples were recorded and compared to the standards to 

identify the crystal structure.  When bulk samples were tested for XRD pattern using this 

machine, it was very important to adjust the sample height to be aligned with the sample holder 

for valid 2θ values.  The amount of time to conduct an XRD test depends on the parameters of 

the XRD experiment, i.e., step size in terms of 2θ and time per step, in another words, the 

smaller the step size or the longer time per step during XRD scanning results in longer XRD 

experiment time.  For example, for a 2θ range of 20–100 degree, if the step size was 0.02 degree 

and time per step was 2 seconds, the total time for XRD scanning was about 2 hours 13 mins.  
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Based on Bragg’ law (Equation 3-9), the interplanar spacing for planes with Miller indices (h, k, 

l), or dhkl, was calculated through Equation 3-10.  

)sin(2 θλ hkld= ,    (3-9) 

)sin(2 θ
λ

=hkld ,     (3-10) 

where, λ is the wavelength of radiation source, and in this case, Cu Ka (wavelength=1.54Å).  

As the materials selected in this research were all cubic structured materials, the lattice 

parameter, a, was then calculated through 

222 lkhda ++= .    (3-11) 

Scanning electron microscope (SEM) was also employed for fractographical analysis.  

Fractographic images of bend bar and Brazilian disc samples were used to identify the crack 

initiation sites and crack propagation process.  In order to investigate the interaction between 

pores and propagating cracks, a quantitative metallography analysis method was used on the 

fractographic images of Brazilian disc fracture samples.  The accuracy of the crack length 

measurement is crucial for the validation of the fracture toughness results.  In this research, the 

crack length was measured using a Unitron Microgoniometer with the accuracy of 0.01 mm.  

The crack length was also verified later in SEM. 

In order to study pore-crack interaction, the pore area densities on the polished surfaces 

and the fracture surfaces were measured for samples heat treated under different conditions.  

Images used for this analysis were taken at a magnification of 2000X.  The pore area density 

(AA) was measured using point-count method [115] .  The total number of points was 864 

(27×32) and they were uniformly distributed on the areas of interest (an area of approximately 45 

μm×52 μm for each image).  AA is equal to number of the points that fall on the pores divided by 
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the total number of the points.  The difference of pore area density between the fracture surface 

and the polished surface indicates the pore-crack interaction.  If the pore area density was higher 

on the fracture surface than the polished surface, the crack was attracted by the pores; or if the 

pore area density was lower on the fracture surface than the polished surface, the crack was 

repulsed by the pores.  

Transmission electron microscope (TEM Joel 200 CX) was used for observations of 

microstructure and phase characterizations.  The TEM samples were prepared using focused ion 

beam instrument (FIB, FEI Strata DB235).  The samples used in FIB were triple times coated 

with carbon.  Prior to the ion milling process, a 1.2 μm thick Pt layer was also deposited onto the 

area of interest to protect the sample from ion damaging.  As shown in Figure 3-12A, the thin 

TEM sample (a thin slice of ceria material) is hanging between the two trenches that were first 

dug off at the beginning of the process.  The bottom of the sample is also cut free at this stage of 

the process.  After further thinning and when the desired thickness is reached, the sample is 

ready to be cut free from the bulk material (Figure 3-12B shows this situation for another TEM 

sample with one shoulder cut free).  The TEM samples were lifted out using an ex-situ 

MicroOptic manipulator and then were put onto a Cu grid.  The final size of the TEM sample 

prepared by this method was about 15 μm×5 μm with a thickness of 100–150 nm.   
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Table 3-1.  Sample dimensions for mechanical tests. 

 

Table 3-2.  Oxygen partial pressure ranges (
2OP s) of different gas mixtures. 

 

 

Sample Size 
Materials Nanoindentation 

samples 
Samples for flexural tests Brazilian disc 

samples for K1C tests
Pure ceria 
(CeO2) 

Φ6 mm×4 mm 
 

2.6 mm×4 mm×45 mm Φ26 mm×2.6 mm 
 

GDC 
(Gd0.1Ce0.9O1.95) 
 

Φ10 mm×4 mm 
 

2.6 mm×4 mm×45 mm ---- 
 

YSZ 
((Y2O3)0.08(ZrO2)0.92) 
 

Φ10 mm×4 mm 
 

2.6 mm×4 mm×45 mm -----  
 

Gas Compositions Oxygen Partial Pressure,  atm 
air 0.21 
N2 or Ar 10-6~10-4 
H2/H2O/N2 or  H2/H2O/Ar 10-19~10-23 
Dry H2 <10-24 



 

59 

 

Figure 3-1.  Flow chart of the sample fabrication process.  

 

 

Figure 3-2.  Schematics of the procedures of achieving two bending samples before machining 
from one as-sintered bar.  

 

 3wt.% polyvinyl butyral (PVB) 

Sintering process 
(1550 oC for 20 hours) 

Uniaxial pressing 

400oC (1 hour)  

Ball milling (24 hrs) 

Cold isostatic pressing 

Powder 
ceria 

G
D

C
, Y

SZ
 

Drying and milling 

Green body: 4 mm × 10 mm × 60mm  

As-fired bar: ~ 3.1 mm × 8.5 mm × 48 mm  Two bending samples before machining:   
      ~ 3.1 mm × 4 mm × 48 mm 

Sintering 
Cut in the middle  
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Figure 3-3.  Schematic of the heat treatment experiments set up.  The gas flow direction is 
showing by the arrows. 
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Figure 3-4.  Temperature-time curve for the heat treatment.  
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Figure 3-5.  Comparison of Nanoindents with abnormal shapes due to (A) a nearby pore or (B) 
underneath pore and a successful nanoindent.  
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Figure 3-6.  (A) A digital image of 810 Material Test System (810MTS) used for the flexural 
tests.  (B) The details of the fixture setup for four point bending test with one ceria 
sample and the extensormeter in position.  (C) Schematics of the fully articulating 
four-point-bend fixture [6]. 

(C)

(B)

(A)
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Figure 3-7.  The load-displacement curve of a steel sample with a cross section of 3.145 mm 
×3.145 mm.  ―― is the experimental data;  ― – — is the best linear fit.  The 
resulting elastic modulus from this test is 197.1 GPa.  

 

 

Figure 3-8.  Scanning electron microscopic (SEM) image of the Vikers indent at 200 g for an as-
sintered ceria sample.  (Hardness with Vikers number 599–608, or 5.9 GPa). 
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Figure 3-9.  Geometry of the chevron-notched Brazilian disc samples used in the fracture 
toughness test.  The main crack propagation direction is defined as X-direction and 
the crack opening direction is Y-direction.  The fracture surface lies on X-Z plane. 
The final dimensions of a typical sample were R=13.03 mm, B=2.62 mm, ao=3.67 
mm, a=6.45 mm, M=0.24mm.  

 

 

Figure 3-10.  (A) Schematics of an ideal chevron notch and (B) two chevron notches with 
different dimensions.  ((B) for a/R =0.5 and (C) for a/R=0.6) depending on the 
penetration depth, h, of the blade into the disk sample. 
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Figure 3-10.  ctd. 
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Figure 3-11.  Schematics of the unsuccessful chevron notches.  These outcomes are due to (A) 
misalignment of sample and the blade, (B) misalignment between the two cuts, (C) 
misalignment of the two cuts to the normal of the sample and (D) uneven penetration 
depth. 

(D) 

(A) 

(B) 

(C) 
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Figure 3-12.  Images of the pure ceria transmission electron microscopic (TEM) samples during 
the preparation process by focused ion beam (FIB).  (A)  A sample was prepared 
before cut free from the bulk material.  (B) Another sample with one shoulder cut off 
from the bulk material. 
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The sample  
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CHAPTER 4 
MICROSTRUCTURAL ANALYSIS 

Because material properties are directly related to microstructure, it is important to 

characterize and understand microstructural conditions prior to mechanical property evaluations.  

The objectives of the microstructural characterizations are to answer the following questions.  

Did the oxygen vacancies created at high temperature conserve to room temperature?  Did phase 

transformation occur during the cooling process?  Did ordering of oxygen vacancies take place?  

Was the reoxidation at room temperature significant?  Were there any other factors that 

contributed to microstructural variation?  These questions will be answered in detail for pure 

ceria in the following sections.   

4.1  Characterization of As-Sintered Materials 

The X-ray diffraction (XRD) patterns of the as-received ceria powder and the as-sintered 

ceria sample are shown in Figure 4-1.  The XRD patterns were comparable to the standard XRD 

file of JCPDS #43-1002 in terms of 2θ peak positions.  The relative XRD intensity of the powder 

and the as-sintered sample was also compared to the standard and the results are shown in Table 

4-1.  The relative intensity of each planes were found to be comparable to the standard, therefore, 

the powder and the as-sintered sample are considered to be fluorite structure with no obvious 

texture present.  This fluorite oxide has a space group of Fm
−

3 m (225).  Using the 2θ values 

found for each sets of planes, the lattice parameter was calculated through Equations 3-9 and 3-

10 for the powder as well as the as-sintered ceria sample.  The average lattice parameter was 

calculated for 0.5400 nm±0.0005 nm.   

The average grain sizes for ceria and gadolinium doped ceria (GDC) were measured using 

linear interception method from SEM images or optical images after thermal etching process.  In 

case of the yttria stabilized zirconia (YSZ) samples, images of a fractured cross section were 
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used to estimate the grain size.  Although this is not the standard method to measure grain size, it 

is reasonable for estimation.  Images in Figure 4-2 are presented to show the grain sizes of these 

materials.  The densities of each material were measured by immersion technique as explained in 

section 3.4.  Based on the theoretical density values (i.e., 7.22g/cm3 for ceria and GDC, 

5.96g/cm3 for YSZ), the relative densities for each material were also calculated.  The results of 

the grain size measurements along with the densities are summarized in Table 4-2. 

4.2  Characterization of Reduced Ceria 

4.2.1  Optical Properties 

After the heat treatments, the ceria and GDC samples became noticeably darker as the 

applied oxygen partial pressure (
2OP ) was decreased.  This is an indication that the vacancy 

concentrations were conserved.  The color change on the surface was strongest immediately after 

heat treatment for ceria and GDC.  However, it decayed somewhat over time, even at room 

temperature.  The color fading rate for GDC was very fast and took only several hours for the 

surface color to change from black (after H2 reduction) to a light brownish color.  However, the 

process was very sluggish in the pure ceria samples.  Figure 4-3 shows the digital images of the 

color change of ceria samples as a function of oxygen partial pressure.  These images were taken 

within several hours after the heat treatment.  There are three important points regarding the 

validity of color comparison.  The fist point is, as the color depends on the surface conditions of 

the samples, all the samples shown in this image were polished down to 0.25 μm to limit the 

variation of the surface roughness.  The second is that, during heat treatment, the heating/cooling 

rate was kept constant for all the samples.  The third is that there should be no contamination 

from the environment.  During the heat treatment, the quartz tube furnace was cleaned using 

ethanol alcohol and the controlling gases were high purity grade, therefore, the contamination 
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sources were limited.  For YSZ samples, the color did not change noticeably even under very 

low oxygen partial pressure environments, which suggests that the defect concentration was not 

increased significantly upon heat treatment.   

4.2.2  Microcracks Formation  

After reduction under low oxygen partial pressure, microcracks appeared on the ceria and 

GDC sample surfaces.  However, the focus of this section is on ceria only.  The lowest oxygen 

partial pressure applied in this study without formation of microcracks in ceria was about 10-19 

atm, i.e., all ceria samples that were reduced under an oxygen partial pressure lower than 10-19 

atm experienced microcracking.  The microcracking process was initiated during reduction at 

high temperature.  When oxygen partial pressure was very low, indeed the samples fracture into 

small pieces.  Figure 4-4 shows a digital image of the situation after four ceria Brazilian disc 

samples with a diameter of 26 mm were reduced at 800 oC for 15 hours under an oxygen partial 

pressure of 8.5×10-26 atm.  All samples were cracked into pieces.  In another words, the 

microcracks were extended/developed to be big “macrocracks” so that the original samples fell 

apart.  The cracking process was recognized due to a relatively large noise within half an hour 

after 800 oC was reached.  The development of microcracks under severe reduction is thought to 

be caused by the internal stresses resulting from the lattice expansion difference between the 

reduced surface and the unreduced interior [38].   

In order to investigate the distribution of the microcracks (several μm to 20 μm) 

throughout the thickness of the sample, the cross section of a ceria sample after heat treatment 

under an oxygen partial pressure of 4.5×10-22 atm (at 800 oC for 15 hours) was polished and 

imaged using the scanning electron microscope (SEM).  Microcracks were observed throughout 

the entire thickness.  It was noticed that relatively larger “macrocracks” (hundreds of μm) were 

formed on the surfaces that were exposed to the ambient gas.  This phenomenon was more 
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pronounced at the edges, and images of which are presented in Figure 4-5.  As shown in this 

figure, large processing pores were usually accompanied by these large “macrocracks” and their 

presences extended to a depth of approximately 100 μm.  This 100 μm surface layer is an 

insignificant fraction considering that the sample thickness was 2.6 mm.  After passing this top 

surface layer, there was no obvious difference in the size and distribution of the microcracks as a 

function of the distance up to the middle.  Figure4-6 presents typical SEM images of the interior 

part of the reduced sample with the presence of microcracks.  The arrows in the figure indicate 

the positions of the microcracks.  As shown in this figure, the microcracks were located very 

near to the pores and the size of the microcracks was about several μm to 20 μm.  The 

appearance of the large “macrocracks” on the surface is believed to be related to such 

environmental effects as the formation of water during the reduction treatment (this effect will be 

indicated in section 4.3.3).  The formation of the microcracks inside the sample can be attributed 

to development of internal stresses due to the expansion difference between the reduced outer 

part and the unreduced inner center of the samples during the high temperature reduction 

process.  The microcracks are expected to be firstly originated subsurface where the maximum 

tensile stresses are generated at the beginning of the reduction process.  The inside microcracks 

are developed along with the reduction process, progressing across the sample thickness. 

4.2.3  Phase Identification 

The heat treatment under in 
2OP =4.6×10-22 atm at 800 °C is expected to result in a 

composition of CeO1.92 according to reference [12].  Based on the phase diagram of CeO2-x [16], 

slow cooling to room temperature should introduce a phase separation by spinodal 

decomposition in the composition range up to CeO1.846 at temperature between 424oC and 685 oC 

(see Figure 2-6) which would result in the splitting of the XRD peaks.  Phase separation below 
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this temperature would result in a solid solution of two phases with compositions close to 

stoichiometric ceria and CeO2-x phase (possibly CeO1.818 ), respectively.  Therefore, XRD tests 

were performed on the surface of this reduced sample.  Figure 4-7 presents the XRD results of 

this reduced sample and an air treated sample.  The same fluorite-structured XRD patterns were 

observed for both samples, and more interestingly, the XRD peaks for both sample had 

approximately the same 2θ positions.  These 2θ peak positions were consistent with the lattice 

parameter of stoichiometric ceria.  As we know from section 2.2.1 that the increase in oxygen 

vacancy concentration should have increased the lattice parameter, according to Equation 2-7, 

we expected to see lower 2θ peak positions for the reduced sample.  Therefore, the question is 

why there was no lattice expansion shown on the XRD pattern for a reduced ceria sample.  Is it 

because of shrinkage of the lattice parameter by reoxidation at room temperature or is it because 

of other factors?   

In order to answer these questions, the first step we took was to investigate the phase 

transformation as a function of depth by polishing the surface and conducting XRD at different 

distances from the surface for the sample reduced in 
2OP =4.6×10-22 atm.  Figure 4-8 presents the 

(311) peak at various depths from the surface.  Single peaks were observed down to 40 μm.  

However, at the depth of 60 μm a broadened unsymmetrical extra peak at lower 2θ angles 

appeared.  In addition, as shown in Figure 4-8, the (311) peak initially shifts to greater and then 

to lesser angles with the increase in depth.  This observation demonstrates that the surface of the 

sample was in compression and therefore a slightly smaller apparent lattice parameter was 

measured.  However, the shape of this extra peak suggests there was possible several peaks 

present underneath.  Although it was very difficult to find out the exact lattice parameters of 

these peaks underneath, all of them had larger lattice parameters than air treated sample.  
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Therefore, these peaks corresponded to phases with greater oxygen vacancy concentrations.  

However, this result does not explain the reason for the presence of the stoichiometric peak.  

There are two ways to form stoichiometric phase in a reduced sample, i.e., phase transformation 

at temperature below 424 oC (see Figure 2-6) or reoxidation.  This leads to the next step of this 

research, i.e., to identify the extra peak and answer how and why the stoichiometric phase 

appeared in a reduced ceria sample.  

4.2.4  Phase Transformation upon Cooling 

After reduction of in 7.1×10-24 atm at 800 oC, a bulk ceria sample was “immediately” taken 

for the XRD test.  Note that, the process of preparing the XRD was about 15 minutes (including 

taking sample out of the furnace, preparing it for XRD scanning and XRD experiments setting 

up), 2 hours and 13 minutes were needed for the XRD scanning (explained in 3.4), therefore, at 

least 2.5 hours was needed to conduct the XRD test.  Also note that according to Bevan and 

Kordis [11], the equilibrium composition obtained after reduction in 7.1×10-24 atm at 800 oC is 

close to CeO1.83. 

Prior to any analysis to the XRD pattern, it needs to be pointed out that since the 

controlling gases for the reduction treatment was continuously flowing throughout the cooling 

process, no reoxidation should take place during the cooling process.  

Figure 4-9A shows the XRD pattern for this sample and two sets of peaks matching 

fluorite structure were observed.  Figure 4-9B shows the details of the XRD pattern in the 2θ 

range of 54 to 60 degrees with a dashed line showing the stoichiometric ceria (311) peak.  In 

terms of peak positions or 2θ values and peak intensity ratios, the fluorite phase designated with 

letter “a” had similar lattice parameter of shoichiometirc ceria.  It was identified that the extra 

peak shown in Figure 8 had the similar 2θ peak position of the second set of peaks designated 

with letter “b”.  Although “b” matched fluorite structure in terms of the peak intensity ratios, it 
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had a larger lattice parameter than stoichiometric ceria because of the lower 2θ peak position.  In 

literature [116], this “b” phase is called the pseudo-cubic fluorite phase or ordered phase and the 

corresponding lattice parameter calculated for this pseudo-cubic phase from the 2θ values is 

called pseudo lattice parameter.  It can be viewed as a derivation ceria phase with ordered 

oxygen vacancies.  

From the shape of the peak for “b” phase, it can be clearly seen that “b” phase was actually 

a mixture of several pseudo-cubic fluorite-structured phases with pseudo lattice parameters 

ranging from 0.548 nm to 0.552 nm (calculated from the underneath peaks marked with arrows 

in Figure 4-8B).  Based on the linear relationship between the lattice parameter and oxygen 

vacancy concentration given by Equation 2-7, the nonsoichiometric values (x in CeO2-x) were 

then calculated to be within 0.19 to 0.24, i.e., the compositions of these phases are CeO1.81–1.76.  

If there are only these two types of phases present, a simple mixture rule can be used to 

calculate the volume fraction of the CeO2 phase.  In order to get a composition of CeO1.82 at this 

oxygen partial pressure, the volume fraction of CeO2 phase is assumed to be f, then 

25.005.082.1)1(76.181.12 ==→=−×+× forfforf .                      (4-1) 

Therefore, less than 25 % volume fraction of CeO2 phase should be present.  However, 

simply considering the peak intensity ratio of CeO2 phase and the “b” phases in Figure 4-9A, the 

result of this calculation obviously shows an opposite conclusion.  This leads back to the initial 

assumption, it can not be true to assume that only two phases exist.   

To identify the other phases is almost impossible without the help of other techniques.  

However, triclinic Ce11O20-y phase is not possible to co-exist with cubic ceria phase according to 

the result of J.P. Nair et. al. [116], the other most possible phase should be hexagonal Ce2O3+δ.  It 

is not surprising that these hexagonal phases do not show up in the XRD pattern when the cubic 
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CeO2 is present, because of its low XRD intensity due to their lower symmetry structure.  In 

order to visualize this statement, a theoretical XRD pattern of a sample with 2/3 volume fraction 

of hexagonal Ce2O3 phase and 1/3 volume fraction of cubic CeO2 phase are shown in Figure 4-

10.  In this plot, most of the peaks of the Ce2O3 phases overlap with that of the CeO2 phase, the 

extra peaks for Ce2O3 phases (blue lines, peaks shown with arrows) are too weak to be identified, 

even though hexagonal Ce2O3 is the major component. 

It needs to be pointed out that these pseudo-cubic phases are metastable and therefore do 

not exist on the phase diagram (at room temperature).  In another words, our heat treatment and 

cooling procedure did not allow the equilibrium phases to appear.  Firstly, the samples after 

heating at the elevated temperature were cooled under hydrogen gas flow.  Secondly, the samples 

were fast cooled to room temperature and did not allow phase transformation to be fulfilled. 

Based on these results and discussion, we still could not completely answer the questions 

brought up above.  Since the presence of different phases may depend on the heat treatment 

temperature and cooling rate, an intermediate temperature aging test was designed as described 

in the following in order to further investigate the causes for different phases.   

4.2.5  Aging Effect 

Considering that there may be a surface effect existing in the reduction process, both ceria 

powder (more surface area) and bulk samples (the size of half of the Brazilian disc (Φ26 mm×2.6 

mm)) were studied in this experiment.  These ceria samples were held at 500 oC for 30 hours, 

instead of direct cooling down to room temperature, following the reduction process of 15 hours 

in 8.5×10-25 atm at 800 oC.  The cooling rate was similar to what is described in Chapter 3 except 

this aging step was added in the middle of the cooling process.  Consistent with previous 

experiments, the controlling gas was continually flowed throughout the entire heat treatment 

process until the samples were taken out for XRD tests.  The XRD scan took about 2.5 hours for 
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the bulk ceria sample and 20 minutes for the (311) and (420) peaks of the powder sample.  The 

reason that only these two peaks were chosen for the powder sample is because we want to 

shorten the amount of time that the powder sample had to be exposed in air.  In another words, 

we want to minimize the reoxidation process of the reduced powder.  The XRD results are 

shown in Figure 4-11 for the bulk sample and Figure 4-12 for the powder sample, respectively.  

The 2θ position for stoichiometric ceria (311) peak is shown with dashed lines in Figure 4-11B 

and Figure 4-12.  

As shown in Figure 4-11A, the XRD pattern of bulk sample consists of the aforementioned 

pseudo–fluorite phase indicated as “b” and an new extra phase indicated with “*”.  Because of 

the distinct underneath peaks (indicated by the arrows) for the (311) (Figure4-11B), at least four 

distinct lattice parameters were identified for “b” phases.  These lattice parameters were 0.556 

nm, 0.553 nm, 0.552 nm and 0.551, which correspond to the nonstoichiometric values (x in 

CeO2-x) of 0.32, 0.26, 0.24 and 0.21.  Due to the low peak intensity of the asterisk phase, the 

detailed structure information could not be identified by this work. 

Comparing the XRD patterns of reduced bulk ceria sample with and without aging process 

(Figure 4-11B and Figure 4-9B), the stoichiometric phases appeared in the directly cooled 

sample but not in the aged sample.  This indicates three pieces of important information.  The 

first is that the stoichiometric phase that appeared in the directly cooled sample was due to phase 

transformation and not reoxidation at room temperature.  The second is that the 500 oC aging 

process stabilized the pseudo-cubic phases and therefore no stoichiometric phase was separated 

out.  The third is that, the volume ratio of the pseudo-cubic phases and the stoichiometric phases 

was affected significantly by the cooling rate.  According to the information given by the aging 
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experiment, it is suspected that the pseudo-cubic phases will be more pronounced if the samples 

are cooled slowly in hydrogen environment. 

However, comparing the XRD pattern for the aged powder sample (Figure 4-12) and the 

bulk sample (Figure 4-11B), it is obvious that the stoichiometric ceria (311) peak was present for 

the powder XRD but absent for the bulk sample.  The strongest pseudo-cubic peak, i.e., “b” with 

a lattice parameter of 0.551 nm was present in the powder XRD pattern.  As the powder and the 

bulk sample were heat treated simultaneously, the XRD pattern should have similar features, or 

at least, same type of phases should be present.  The difference in the XRD patterns between the 

powder and the bulk samples brings up the next question about the stability of the pseudo-cubic 

phase at room temperature. 

4.3  Phase Transformation of Reduced Ceria at Room Temperature  

4.3.1  Reduced Ceria Powder  

The powder ceria samples that were held at 500 oC for 30 hours after its reduction (under 

8.5×10-25 atm at 800 oC for 15 hours) were systematically studied for XRD patterns as a function 

of time at room temperature in air using XRD technique.  The results are presented in Figure 4-

13 in two different styles for better visualization.  The peak corresponding to the ordered ceria 

phases or “b” phases (marked with arrows) disappeared relatively fast.  In fact, the ordered 

phases were no longer present in XRD pattern after 36 hours of exposure to air at room 

temperature. 

There were two distinct features for the decaying process of the ordered phases.  The first 

feature was that the decaying of the order phases was companied by the growing of the 

stoichiometric ceria phase.  In another words, these two processes happened simultaneously.  

The second feature was, the decaying of the ordered phases with larger lattice parameter (the 

underneath peak at lower 2θ) was faster than the ones with smaller lattice parameter (the 
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shoulder of the peak at higher 2θ).  The second point is better seen from the change of the shape 

of the (311) peak of the ordered phases (See Figure 4-13B).  In fact, the underneath peak at lower 

2θ of the ordered phase disappeared much faster so that the shape of the peak became less 

asymmetrical.  In addition, after this room temperature transformation, the color of the ceria 

powder turned noticeably lighter.   

Now the question is what causes the disappearance of the ordered phases.  There are two 

possible mechanisms.  The fist is the reoxidation process.  Reoxidation of these pseudo-cubic 

phases causes the larger Ce3+ ions (128.3 pm) transform into smaller Ce4+ ions Ce4+ (111 pm) 

ions [117], hence the lattice shrinks and the enhancement of the stoichiometric ceria peak at 

larger 2θ values.  The second mechanism is room temperature phase transformation.  The 

pseudo-cubic phases with ordered oxygen vacancies are not stable at room temperature.  Some 

phase transformation process of order ceria phases such as order-disorder transition has been 

proved to be a relatively easy process (very low activation energy) and can happen very fast at 

room temperature [116, 118].  The exposure of reduced powder to air somehow might have 

triggered this transition.  It is inevitable for both mechanism to operate, however, the dominate 

mechanism will be further discussed in the following sections and section 4.3.3. 

4.3.2  Reduced Bulk Ceria 

The XRD pattern for the bulk ceria sample after heat treatment at 800 oC under 3.6×10-22 

atm for 15 hours was recorded as a function of time.  The results are presented in Figure 4-14.  

Consistent with the observation for the XRD pattern in Figure 4-9, the ordered pseudo-cubic 

ceria phase was present at the initial stage.  Even thought the XRD pattern in Figure 4-9 was 

taken 1.5 hours earlier than the first XRD in Figure 4-14, the former showed much more 

significant ordered phase peaks.  If we consider the sample in Figure 4-9 was heat treated under 

7.1×10-24 atm, it is understandable that the lower oxygen partial pressure created more oxygen 



 

79 

vacancies, and hence the larger volume fraction of the ordered phase were formed.  After 49 

hours exposure to air at room temperature, the pseudo-cubic phases almost totally transformed 

(shown in Figure 4-14).   

The XRD patterns as a function of time were also recorded for the bulk sample with 500 

oC aging process (the sample of Figure 4-11), and the results are presented in Figure 4-15A.  The 

details of the 2θ range from 53 to 61 degree can be better seen in Figure 4-15B.  There are two 

important points observed from the XRD evolution profiles.  On one hand, the entire asterisk 

phase and the majority ordered phases disappeared after 40.2 hours exposure to air at room 

temperature, this amount of time is comparable to the time need for the transformation of the 

sample in Figure 4-14.  Considering the much lower oxygen partial pressure was used to reduce 

the sample for Figure 4-15 than that for Figure 4-14 (8.5×10-25 atm instead of 3.6×10-22 atm), a 

much higher vacancy concentration was expected for the sample in Figure 4-15.  Therefore, if 

the reoxidation process was dominating, much longer reoxidation time would be expected for 

more oxygen atoms to diffuse into the material for the sample in Figure 4-15.  This controversy 

indicates reoxidation was not the major reason for the formation of stoichiometric ceria peaks.  

On the other hand, the decaying of the ordered phases was not a progressive process.  In another 

words, the decaying of the pseudo-cubic phase with larger lattice parameter did not increase the 

volume fraction of the pseudo-cubic phase with smaller lattice parameter, which is consistent 

with the observation for reduced ceria powder in Figure 4-13.  All the pseudo-cubic phases 

simultaneously transformed into the stoichiometric ceria phase.  Both of these two points 

indicate that the disappearing the pseudo-cubic phases were caused by a room temperature phase 

transformation mechanism.  The products of this transformation of the pseudo-cubic phases are 

expected to be the stoichiometric ceria phases and Ce2O3+δ phase.  However, the extra peaks for 
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the hexagonal phases were too weak to be identified.  After the transformation, the color of the 

bulk ceria after this transition did not change as significant as the powder. 

A comparison is made on the details of the XRD peaks of (311) and (420) in Figure 4-16 

for a bulk ceria sample and a powder sample that experienced the room temperature phase 

transformation (the bulk ceria and powder ceria were reduced under 1.4×10-24 atm and 3.6×10-22 

atm respectively).  The XRD pattern for the stoichiometric ceria powder is also shown in the 

figure for comparison purposes.  After the transformation, the reduced bulk ceria sample and the 

powder sample both showed the larger FWHM (Full Width at Half Maximum) than the 

stoichiometric powder.  In addition, purely from the shape of the peaks, the bulk ceria and the 

powder ceria sample with the transformation did not show distinct Cu Kα2 peak.  The broadened 

(311) peak indicates there were other phases present for the sample after room temperature phase 

transformation. 

The hexagonal Ce2O3 is considered to be the most stable and possible phase [116] at room 

temperature for reduced ceria.  An effort was made to find this phase through transmission 

electron microscopy (TEM).  A TEM sample was made using focused ion beam (FIB) from a 

ceria bulk sample that was reduced under 3.6×10-22 atm.  The TEM images were taken days after 

the samples were made to make sure the disordering transition was indeed finished in the TEM 

sample.  The bright field (BF) and dark field (DF) images are shown in Figure 4-17 along with 

selected area diffraction pattern (SAD) with zone axis of [113].  The two beam condition used 

for the imaging (g=[24
−

2 ]) was imbedded into the pictures.  Although the SAD did not show 

extra diffraction spots, a second phase showed up in the BF and DF images.  This secondary 

phase was about nanometer size.  Although one can not draw an absolute conclusion about the 
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nature of the extra phase(s) from this limited TEM work, the existence of the extra phase(s) 

confirmed the previous arguments.  

4.3.3  Effect of Ambient Environment  

From the above observations and discussion, it seems that the presence of oxygen is very 

important for the transformation of the pseudo-cubic phases in ceria.  The following experiment 

was designed to prove this point.  One bulk ceria sample was firstly reduced at 800 oC under dry 

hydrogen (oxygen partial pressure of 1.7×10-25 atm) for 15 hours, then the sample was held in the 

dry hydrogen environment for 55 hours at room temperature before it was taken for XRD 

experiment.  Because of the dry hydrogen environment, the reduced sample did not have access 

to oxygen prior to XRD experiment.  The result of the XRD pattern is shown in Figure 4-18.  

The pseudo-cubic ceria phases “b” as well as the stoichiometric ceria phase(s) “a” was both 

present.  The peak ratio of these two sets of the phases was consistent to that of the XRD pattern 

in Figure 4-9 (reduced in oxygen partial pressure of 7.1×10-24 atm).  Since the XRD pattern in 

Figure 4-9 was directly taken after the sample was cooled to room temperature and this XRD 

was taken after 48 hours of holding in H2 environment, the similar XRD profile of Figure 4-18 

with Figure 4-9 indicate that dry H2 environment is not favorable for the room temperature 

transformation of the order phases. 

In order to understand the progress of this transformation in bulk ceria, we combined all 

the above XRD information and compared with the reoxidation process to revisit the controlling 

mechanism for the decaying of the pseudo-cubic phases.  If the disappearance of the order phase 

was caused by reoxidation, there should be some relationship between the depth of the 

reappearance of the order phase and time.  The reoxidation process can be considered as the 

oxygen on the surface diffuse into a 2.6 mm thick ceria plate.  Since the sample was exposed to 

air, the surface oxygen concentration was constant.  Assuming the reduced sample had an initial 



 

82 

uniform oxygen vacancy concentration, the diffusion solution for this situation can therefore be 

calculated by J. Crack [106].  The diffusion distance can be simply considered to be 

approximately proportional to Dt , with “D” the oxygen diffusion coefficient in ceria at room 

temperature and “t” the diffusion time.  However, as we know from the above results, the order 

phase disappeared from the XRD pattern in two days.  Considering the interaction volume of 

XRD is about 5 μm and the depth of the transformation was about 60 μm after 220 days [Figure 

4-8], the depth and the time had a linear relationship, not a square root relationship.  Therefore, 

this estimation again confirms that the decaying of the pseudo-cubic ceria phase was phase 

transformation process, not a reoxidation process.  

As we mentioned earlier, the exposure of reduced powder to air triggered the 

transformation of the ordered phase.  We suspect this trigger comes from the relief of internal 

stress.  Effects of stress on phase transformation have been widely studied for variety of 

materials [90, 119-122].  It was also seen in ceria thin film system [116, 118].  However, we can 

not draw conclusions purely based on our results, future work is need to investigate this issue. 

4.4  Microstructure of Fully Reoxidized Ceria 

Because the radius of the Ce4+ ion is much smaller than that of Ce3+, reoxidation of the 

reduced ceria shrinks the lattice [6].  If oxygen vacancies were the only products of the reduction 

process, ceria would go back to the stoichiometric condition by reoxidation [33].  However, the 

ceria samples experienced microstructural changes when they were reduced under oxygen partial 

pressure lower than 10-19 atm, i.e., microcracks were formed during the reduction, and phase 

separation happened during the cooling process.  If reoxidation of ceria were carried out at a high 

enough temperature and in the single phase region (above the miscibility gap), the phases due to 

nonstoichiometry could be eliminated.  The problem is the microcracks.  In fact, because of the 
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shrinkage effect of reoxidation process, these microcracks tended to extend and open up, and 

they eventually extended/developed into “macrocracks”.  In order to demonstrate this behavior, a 

ceria Brazilian disc sample was fully reoxidized in air at 800 oC for 15 hours after its reduction 

heat treatment under oxygen partial pressure 1.7×10-22 atm.  The sample was polished by 600 grit 

silicone carbide sand paper and then painted with red ink.  A digital image of this reoxidized 

sample is shown in Figure 4-19A (note that, the redness on the sample came from the red ink and 

it was not the true color of the sample).  The “macrocracks” are clearly shown (as the lines) in 

this image.  The cracks formed a so-called “mud pattern”.  If we recall the microcacks in Figures 

4-5 and 4-6 for the sample reduced under similar oxygen partial pressure, the cracks for the fully 

reoxidized ceria were much larger and pronounced in terms of crack opening and crack length.  

The features of the cracks after reoxidation can be better seen through the SEM image presented 

in Figure 4-19B.   

In order to identify the positions of these cracks, a piece of ceria sample from Figure 4-6 

was thermo-etched at 1550 oC for 12 mins.  In addition to the thermo-etch effect, this process 

also acted as reoxidation process.  The low magnification and high magnification SEM images as 

a result of reoxidation are shown in Figure 4-20.  Some macrocracks joined each other to form 

continuous crack net works.  These joints are marked with arrows in Figure 4-20A.  The core of 

the opening for the macrocrack was as big as 3-5 μm.  The majority of the macrocracks 

overlapped the grain boundaries, suggesting that reoxidation process progressed through grain 

boundaries. 

4.5  Degradation of Ordered Ceria Phases in Water 

So far, all the reduced samples underwent the room temperature phase transformation were 

exposed to dry air.  However, the reduced ceria was found to be very sensitive to the presence of 

water vapor during the handling of the sample.  It is worth mentioning that the transformation of 
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powder samples (see section 4.3.1) did not take the same amount of time.  In fact, another 

experiment with similar schedule was repeated, but the powder completely transformed as soon 

as it was taken out of the furnace.  The fast transformation was companied by a fast color 

changing.  This inconsistency is believed to be associated with the ambient moisture level, in 

another words, the kinetics of this transition seemed to be very sensitive to the presence of water.  

Therefore, the following series of experiments were performed in order to address this issue.  

One ceria bulk sample was heat treated at 800 oC under hydrogen/water vapor environment 

(oxygen partial pressure of 3.6×10-22 atm) for 15 hours.  After it was fast cooled down to room 

temperature, the sample was kept in the furnace with the hydrogen/water vapor flowing through 

for four days.  The water vapor was condensed on the surface of the sample at room temperature 

and water moisture was visible on furnace inner wall.  After the sample was taken out of the 

hydrogen/water vapor environment, the sample was found to be corroded into pieces (Figure 4-

21).  The XRD pattern of these pieces showed broadened peaks without the aforementioned 

pseudo-cubic ordered phases (Figure 4-22).  It is suspected that the ordered phases transformed 

with the help of the water.  Further SEM image analysis of these pieces (Figure 4-23) revealed 

the manner that the sample shattered.  High magnification SEM image (Figure 4-23B) shows that 

the reduced ceria cracked through series of parallel planes, i.e., the water corrosion process 

followed a certain crystallographic planes.  As the pseudo-cubic ceria phases have a structure 

with ordered oxygen vacancies, in another words, the oxygen vacancies sit on particular 

crystallographic planes, the unique features of cracked planes due to the water corrosion process 

indicate that this process has a close connection with the disappearance of the ordered phases.  

In order to prove the above hypothesis, the dry hydrogen reduced bulk ceria samples 

whose XRD pattern was present in Figure 4-18 were further studied through the following two 



 

85 

sets of experiments.  One of the samples with the presence of the ordered phase was immediately 

soaked into water at room temperature after the XRD pattern was taken.  After soaking in water 

for 12 days, the sample was noticeably cracked through water corrosion (Figure 4-24A).  The 

corrosion crack progressed significantly for the following 5 days and the sample virtually 

cracked into pieces (Figure 4-24B).  In contrast, the second sample was exposed in dry air for 12 

days before it was put into water (Figure 4-25A).  From the previous results (section 4.5.2), 12 

days was enough for the transformation process of ordered phases on the sample surface to 

finish.  The sample did not start to crack until it was soaked in water for as long as 26 days.  It 

was also noticed that the crack started at the sharp edges (Figure 4-25B).  The much slower 

corrosion process for the second sample again indicates that the order phases are susceptive to 

water corrosion.  However, the mechanism for the decaying of the ordered phases in this case 

may be different than what described above in sections 4.2 and 4.3 because of the involvement of 

water molecules.  

For comparison purpose, one as-sintered ceria sample was also soaked in water for a long 

time (38 days) at room temperature, and no corrosion damage was observed (Figure 4-26).  This 

proves that the stoichiometric fluorite phase is very stable in water  

4.6  Summary 

In summary, the behavior of ceria after reduction treatment at 800 oC and under low 

oxygen partial pressure is reported in this chapter.  Ceria samples developed microcracks 

(several μm to 20 μm) when the oxygen partial pressure was less than 10-19 atm.  Some 

microcracks further developed into macroscopic level cracks (hundreds of μm) during the 

reduction when the oxygen partial pressure level reached as low as 10-24 atm, resulting in broken 

samples.  The reoxidation of the low oxygen partial pressure reduced ceria caused the 

microcracks to develop much larger in length with larger openning.  
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Pseudo-cubic fluorite phases were present in the reduced ceria samples, these phases were 

derivatives of the fluorite structure with ordered oxygen vacancies.  These order phases 

automatically transformed into stoichichiometric phases and Ce2O3+δ at room temperature when 

the samples were exposed to dry air.  These ordered phases were also found to be susceptive to 

water corrosion cracking.  
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Table 4-1.  Comparison of the XRD data for the as-received ceria powder and the as-sintered 
ceria sample with JCPDS #43-1002 standard. 

Intensity, % 
Peaks  

Standard  As-sintered ceria As received powder 
(111) 100 100 100 
(200) 27 27 30 
(220) 46 36 57 
(311) 34 26 44 
(222) 6 4 8 
(400) 6 4 7 
(331) 12 8 15 
(420) 7 5 9 
(422) 10 6 13 
(511) 9 5 10 

 

Table 4-2.  Grain sizes and densities of the materials. 
Materials  Grain size, μm Density, g/cm3 Relative density, % 
Ceria  Nanoindentation samples 

Bending samples 
Brazilian disc samples 

13 
24 
30 

6.81 94%–95% 

GDC  Nanoindentation samples 5 7.10 98%–99% 
YSZ Nanoindentation samples 4 5.95 >99% 
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Figure 4-1.  X-ray diffraction pattern (XRD) of the as sintered ceria. 

 

 

Figure 4-2.  Images to show grain sizes of the materials.  (A) SEM image for ceria 
nanoindentation sample.  (B) Optical image for GDC nanoindentation sample.  (C) 
SEM image for YSZ nanoindentation sample. 
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Figure 4-2 ctd. 

 

Figure 4-3.  Color change of ceria samples after heat treatment under various oxygen partial 
pressure.  The diameter of each sampled was about 6 mm. 
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Figure 4-4.  Digital image taken after four ceria discs with a diameter of 26 mm “exploded” 
during the reduction at 800 o under and oxygen partial pressure of 8.5×10-26 atm.  

 

 

Figure 4-5.  SEM images of ceria sample reduced under 4.5×10-22 atm (at 800 oC for 15 hours) 
show large macrocrakcs (~100 μm) at the top surface layer.   
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Figure 4-6.  SEM images of the microcracks in the middle of the ceria sample after reduction in 
2OP =4.5×10-22 atm (at 800 oC for 15 hours).  The arrows in the images indicate the 

positions of the microcracks.  
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Figure 4-7.  XRD patterns for ceria samples after heat treatment (A) in air (
2OP =0.21 atm) and 

(B) in H2/H2O mixture (
2OP =4.6×10-22 atm).  XRD patterns were taken one week after 

the heat treatment. 

 

Figure 4-8.  The (311) XRD peak of pure ceria sample at various depths from the surface, as 
indicated by the numbers on the curves, after heat treatment under 

2OP = 4.6×10-22 

atm.  The arrow indicates the extra peak of the ordered phase.  These XRD patterns 
were taken 220 days after the reduction treatment.  
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Figure 4-9.  (A) XRD pattern of ceria after reduction under 7.1×10-24 atm (800 oC for 15 hours).  
(B) shows the details of 2θ range of 54 to 60 degrees.  “a” indicates the CeO2 phase, 
“b” indicates pseudo-cubic nonstoichiometric fluorite phases.  The dashed line 
indicates the stoichiometric CeO2 peak position for (311). 
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Figure 4-10.  Theoretical XRD pattern for ceria with 2/3 volume fraction of hexagonal Ce2O3 
phase (indicated by arrows) and 1/3 volume fraction of cubic CeO2.  The extra peaks 
of the hexagonal phase shows very weak intensity even though hexagonal phase is the 
major component. 
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Figure 4-11.  (A) XRD pattern of bulk ceria sample after aging at 500 oC.  (B) shows the details 
of 2θ range of 52 to 60 degrees.  “b” indicates pseudo-cubic nonstoichiometric 
fluorite phases, “*” indicates another unidentified phase.  
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Figure 4-11.  ctd.  
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Figure 4-12.  XRD pattern of powder ceria sample after aging at 500 oC.  “a” indicates the CeO2 
phase; “b” indicates pseudo-cubic nonstoichiometric fluorite phases.  The dashed line 
indicates the stoichiometric CeO2 peak position for (311). 
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Figure 4-13.  (A) and (B) are XRD patterns as a function of time for the ceria powder that were 
reduced aged at 500 oC for 30 hours after reduction at 800 oC for 15 hours.  The XRD 
pattern for CeO2 powder is also presented for comparison.  The dashed lines indicate 
the stoichiometric CeO2, peak positions.  “b” indicates the ordered phases. 
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Figure 4-14.  XRD patterns as a function of time for the ceria bulk sample that were reduced at 
800 oC for 15 hours under oxygen partial pressure of 3.6×10-22 atm.  “a” indicates the 
stoichiometric ceria phase(s); “b” is the ordered phases.  
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Figure 4-15.  (A) shows the XRD patterns as a function of time for the bulk ceria sampler that 
were reduced at 800 oC for 15 hours and then aged at 500 oC for 30 hours.  (B) shows 
the details of the XRD pattern with 2θ range of 53 to 61 degree.  The dashed lines 
indicate the CeO2 peak positions; “b” is the ordered phases.  

(A) 
b

b b b

b b b b

b

a

a

a

a
a

a a
b b b

a

a
a

a
a

a a



 

99 

54 56 58 60

56.2 hours

 40.2 hoursIn
te

ns
ity

, (
a.

u.
) 14.6 hours

2 theta, degree

 2.5 hours

 

Figure 4-15.  ctd. 
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Figure 4-16.  Comparison of the peak (311) and peak (420) for CeO2 powder with a bulk and 
powder ceria sample after room temperature phase transformation.   
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Figure 4-17.  TEM bright field (BF) image (A) and dark field (DF) image (B) along with the 
selected area diffraction (SAD) pattern (C) for the bulk ceria sample reduced under 

3.6×10-22 atm.  Zone axis is [113] with g=[24
−

2 ] for the two beam condition. 
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Figure 4-18.  XRD pattern of a reduced bulk ceria sample after the sample was held under dry 
hydrogen at room temperature for 55 hours.  “a” represents the stoichiometric ceria 
phase(s) and “b” represents the pseudo-cubic ceria peaks.  
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Figure 4-19.  A digital image (A) and an SEM image (B) of one fully reoxidized ceria Brazilian 
disc sample.  The Brazilian disc had a diameter of 26 mm and thickness of 2.6 mm.   
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Figure 4-20.  Low magnification SEM image (A) of the thermo-etched ceria sample that 
exploded at 800 oC under 8.5×10-26 atm.  (B) High magnification SEM image of the 
boxed area in (A). 
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Figure 4-21.  Digital image of the reduced ceria sample after holding in hydrogen/water vapor 
environment for 4 days.  These pieces come from one bulk sample.  
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Figure 4-22.  The (311) and (420) XRD peaks of a reduced ceria sample after holding in 
hydrogen/water vapor environment for 4 days.   
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Figure 4-23.  (A) Low magnification SEM image of a piece of sample from Figure 4-21.  (B) 
High magnification image of the boxed area in (A).  
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Figure 4-24.  Digital images of a reduced ceria before the surface phase transformation. (A) 
After soaking in water for 12 days and (B) after soaking in water for 17 days.  
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Figure 4-25.  Digital images of a reduced ceria 12 days after the surface phase transformation. 
(A) On the first day soaking in water and (B) after soaking in water for 26 days.  

 

 

Figure 4-26.  Digital image of an as-sintered ceria after soaking in water for 38 days.  
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CHAPTER 5 
REDUCTION EFFECTS ON ELASTIC MODULUS AND HARDNESS 

This chapter reports the elastic modulus test results by nanoindentation and four point 

bending as well as the hardness results also evaluated by nanoindentation.  As mentioned earlier 

in Chapter 2, because the nanoindentation test is limited to room temperature, the bending 

modulus for polycrystalline materials was also evaluated at room temperature for comparison 

purposes.  The samples used for nanoindentation and four point bending were all heat treated 

under various oxygen partial pressure and fast cooled to room temperature prior to mechanical 

testing.  As reported in Chapter 4, reduced ceria samples experienced microstructural changes at 

room temperature.  We manage to limit this effect by conducting the tests shortly after the 

reduction process.  The elastic modulus (section 5.1) and hardness (section 5.2) for all three 

types of materials were then evaluated as a function of oxygen partial pressure within 2 days 

after reduction.  The effect of reduction treatment on the elastic modulus was related to the 

defect concentration using an empirical model.  In addition, in order to investigate the 

significance of room temperature microstructure transformation on elastic modulus, the time 

dependence of the elastic modulus for reduced ceria is reported in section 5.3.  

5.1  Reduction Effect on Elastic Modulus 

5.1.1  Intrinsic Elastic Modulus  

5.1.1.1  Evaluation of crystallographic anisotropy 

As nanoindentation technique was applied to measure the intrinsic elastic modulus, the 

first question we need to answer is the effect of crystallographic anisotropy on the test results.  In 

Chapter 3, it has been shown that the materials used in this research had a random fluorite 

structure, i.e., no texture was observed in the bulk samples.  Since the size of the indents during 

nanoindentation is much smaller than the grain size of materials investigated here, several 
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indents could be applied within one single grain.  Considering each grain has different 

crystallographic orientation, the first effort was to identify the crystallorgraphic orientation 

dependence of the elastic modulus for all three materials. 

Nanoindentation tests with the same loading function were performed on the air treated 

samples.  These samples were selected for this test for two reasons.  Firstly, the oxygen 

vacancies inside air treated samples are purely due to thermal effects, therefore, the amount of 

the vacancies is so small that these air treated samples have a composition close to the 

stoichiometric CeO2 condition.  Therefore, the elastic modulus for schoichiometric condition can 

be conveniently compared to literature reported data.  Secondly, since the only difference 

between other heat treated samples and the air treated was the oxygen partial pressure for 

reduction, comparison between the elastic modulus of those samples with the elastic modulus of 

air treated sample will provide the information of reduction treatment effect on elastic modulus.  

In another words, the result of air treated samples will be served as the comparison basis for the 

effects of oxygen partial pressure on elastic modulus  

The nanoindents were distributed in a 10×10 or a 7×7 pattern with 5 μm separation from 

each other.  Considering the grain sizes (see Table 4-2), a total area with more than 16 grains was 

covered for ceria and with 45 to 70 grains was covered for gadolinium doped ceria (GDC) and 

yttria stabilized ziconia (YSZ) samples.  All the indents were made using maximum load of 5 

mN for 5 seconds.  The loading and unloading rate was kept at 1 mN/s.  A typical indent with the 

associated load-displacement curve for air treated ceria is shown in Figure 5-1.  This indent is 

about 0.6 μm in length with a contact depth of 120 nm.  No cracks were observed at this 

indentation load level.  The mean elastic modulus for the air treated samples was 264.1±5.5GPa 

for pure CeO2, 254.6±6.4GPa for GDC and 243.3±7.5 for YSZ.  The small variation in the 
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elastic modulus for each sample (less than 6%) indicates that the tested oxides with the fluorite 

structure are elastically isotropic.   

In comparison to elastic moduli measured using bulk specimens, nanoindentation results 

are usually higher because the former includes the effects of process defects such as pores. 

Therefore, we find that the elastic modulus values for pure ceria and GDC measured are both 

approximately 33% higher than the bulk material values reported by K. Sato et al. [41].  In the 

case of YSZ, our data are 18% lower than the nanoindentation results on single crystal YSZ 

reported by B. Savoini [123] but 10% higher than the dynamic bulk elastic modulus of 222 GPa 

for porosity-corrected 6.5 mol % YSZ reported by J.W. Adams et al. [124] and A.J.A. Winnubst 

[125].  Besides the composition and microstructure differences, bulk elastic modulus 

measurements using conventional mechanical test methods have limitations of strain 

measurement and fixture/sample contact, which normally yield lower values.   

5.1.1.2  Effect of oxygen partial pressure on intrinsic elastic modulus 

The relationship between elastic modulus and oxygen partial pressure is an important piece 

of information for the application of these materials in SOFCs.  The purpose of this section is to 

quantify this relationship.  The importance of the sample preparation for consistent 

nanoindentation results was addressed earlier in Chapter 3.  The oxygen range used in this 

evaluation was 0.22 atm to 10-25 atm.  The detailed elastic modulus values along with the 

standard deviation for all three materials are listed in Table 5-1.  It is obvious that the elastic 

moduli for both pure ceria and GDC were drastically decreased after reduction in low oxygen 

partial pressure atmosphere; however, the variation of oxygen partial pressure for the test range 

did not create much effect on the elastic modulus of YSZ.  This trend can be better seen by 

plotting the relative modulus (the elastic modulus for various oxygen partial pressures divided by 

the elastic modulus for air treated sample) vs. oxygen partial pressure (Figure 5-2).  The elastic 
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moduli for pure ceria and GDC remained almost constant when oxygen partial pressure was 

higher than 10-17 atm, but decreased approximately 28% as the oxygen partial pressure was 

reduced down to 5.1×10-25 atm.   

The trends of the elastic modulus versus oxygen partial pressure for all three materials are 

consistent with the change in the concentration of defects (the defect concentrations are shown in 

Figures 2-4, 2-5 and 2-6), i.e., the elastic modulus decreased as the defect concentration was 

increased.  When the oxygen partial pressure is reduced below 10-17 atm, the defect concentration 

significantly increases in ceria and GDC, however, the defect concentration in YSZ was not 

affected noticeably within the tested oxygen partial pressure range.  The insignificant amount of 

defects created in YSZ was not enough to cause noticeable changes in the elastic modulus this 

material.  

5.1.1.3  Theoretical analysis  

Oxygen vacancy is the major source of defects when fluorite oxides are reduced at low 

oxygen partial pressure [11, 12, 46].  This relationship was addressed previously in Chapter 2.  

The formation of the oxygen vacancy and concomitant presence of lower valent cations can 

cause an increase in average inter-atomic bond length [6, 60].  This change in bond length is 

expected to result in a reduction in the intrinsic elastic modulus [43, 44, 126].   

In order to relate the elastic modulus to this bond length change, the theoretical net 

potential, enet, between two neighboring atoms is expressed by the classic potential format as 

mnnet r
B

r
Ae −= ,       (5-1) 

where, A, B, n and m are empirically determined constants (m < n); 1≈m  and 9≈n  for ionic 

bonding [61]; r is the distance between two atoms.  At the equilibrium state,  
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where, r=ro is the equilibrium distance at 0 K, which is directly related to the lattice constant. 

In Chapter 2, we have discussed that there is linear relationship between lattice constant 

and vacancy concentration (Equation 2-7), we can generalize this relationship as 

xaa β+= ∗
0 , or 1

00

+= ∗∗ x
aa

a β ,    (5-3) 

where, ∗
0a  and a0 are the lattice parameters in the stoichiometric and nonstoichiometric 

conditions, respectively; β is the slope of expansion versus nonstoichiometry curve, which in 

case of ceria, is nm04612.0 (Equation 2-7)[6], x is the vacancy concentration, i.e., x in CeO2-x.  

The elastic modulus, E, can be estimated from the second derivative of the enet, relative to r 

as Equation 2-7.  Combining Equations 2-7, 5-2 and 5-3, the elastic modulus in a 

nonstoichiometric oxide can be expressed as [43, 44] 
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For the stoichiometric compound the elastic modulus is defined as E* and is given as 

])([* )3(*
0

+−−= nrmnAnE ])([ )3(*
0

+−−= mrmnBm ,  (5-5)  

where, ∗
0r  is the equilibrium distance in the stoichiometric CeO2 condition.  Consistent with the 

experimental observation, Equation 5-4 predicts that elastic modulus should decrease with 

increasing lattice parameter owing to the introduction of defects.  However, experimentally it is 



 

113 

easier to measure lattice parameter than vacancy concentration.  Therefore, we rearrange 

Equation 5-3 and it yields [43] 

)3(*
00

)3(*
0 )/]()([ +−+−−= nn aarmnAnE    (5-6a) 

or 

)3(*
00

)3(*
0 )/]()([ +−+−−= mm aarmnBmE .   (5-6b) 

where, ∗
0a  and ao is the lattice parameters in the stoichiometric and nonstoichiometry conditions, 

respectively.  When defects are introduced into the lattice, it is expected that n and m values do 

not change significantly but both A and B values may vary with the defect concentration.  

Equations 5-6a or 5-3a is applicable if we assume that the repulsive force is not significantly 

changed but the attractive force is noticeably decreased as defects are introduced.  However, 

Equation 5-6b or 5-3b would hold, if B remains unchanged, but the repulsive force, i.e. A, would 

be altered.  The general relationship between the elastic modulus in stoichiometric and 

nonstoichiometric states can be expressed as [43] 

)3(*
00

* )/(/ +−= qaaEE .     (5-7) 

Assuming that temperature has insignificant effect on elastic modulus and lattice parameter 

ratios, an evaluation of Equation 5-7 would shed light on the nature of bond modification. 

Since YSZ samples were not affected by the heat treatment, we analyzed the data for pure 

ceria and GDC in the following.  The variation of the normalized elastic modulus (E/E*) for both 

ceria and GDC as a function of oxygen partial pressure is shown in Figure 5-3.  Considering that 

0.5 mole oxygen vacancies are created when 0.1 mole Gd3+ are doped into ceria system, the 

lower elastic modulus value (~4% lower) of air treated GDC than air treated pure ceria is due to 

the pre-existing oxygen vacancies by doping.  Besides this initial difference, the variation of 

normalized elastic modulus for ceria and GDC follows the same trend as described above. 
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Another useful comparison is to plot the normalized elastic modulus as a function of 

normalized lattice parameter.  This plot in logarithmic scale will yield used information about the 

q value in Equation 5-7.  However, since our samples were heat treated in the bulk form and 

cooled fast to room temperature, several issues including phase transformation and microcracks 

developed during heat treatment were addressed in chapter 4, the accurate measurement of the 

lattice parameter changes due to nonstoichiometry could not be evaluated from my own room 

temperature XRD data.  In order to make this evaluation, we used the lattice parameter values 

from studies by Chiang et al. [5] and Wang et al. [127], where powder materials were heat 

treated under conditions similar to our experiments.  The values for E* and ∗
0a were the values 

for stoichiometric conditions, in this case, they were taken as the elastic modulus and lattice 

parameter for air treated pure ceria, respectively.  Under this treatment, Gd3+ and Ce3+ were 

essentially considered to create the same effect on lattice parameter when they were introduced 

into the ceria system by the same amount to create oxygen vacancies.  Since the lattice 

parameters in references [5] and [127] were measure at the 800 °C (in-situ measurement), we 

corrected the values to room temperature using the expansion coefficient parameter given by 

Mogensen et al. [6], i.e., (12.16±0.5)×10-6 K-1 for ceria based materials.  However, this 

correction did not change the lattice parameter ratio noticeably. 

The variation of the normalized elastic modulus (E/E*) as a function of the normalized 

lattice parameter (a/ ∗
0a ) are shown in Figure 5-4.  The plots fit very well with the line 

corresponding to q=9.  Since q value is equal to the n value in Equation 5-1, it suggests that the 

introduction of the defects modifies the attractive forces in the fluorite-structured oxides, but the 

effect on the repulsive component is insignificant [43].  
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5.1.1.4  Effect of fine pores 

Although the size of the nanoindents is small, the results are still suspected to be affected 

by fine pores when the pore size is comparable to or smaller than the indent size.  In order to 

address this issue, one ceria sample was prepared similarly as the procedure described in Chapter 

3 but without adding PVB binder and the cold isostatic pressing (CIP) procedure.  The absence 

of binder and CIP procedure resulted in non-uniformly distributed porosities.  Although the 

overall density was achieved to be about 94% after sintering, the outer surface of the sample was 

relatively much denser than the middle portion.  This sample was cut in the middle to form two 

samples.  The procedure is schematicly showing in Figure 5-5.  The typical microstructure 

features on these two samples are shown as scanning electron microscopic (SEM) images 

(Figure 5-6).  Sample B (middle part) showed the presence of fine pores in addition to the large 

pores observed in sample A (dense surface).  Nanoindentation tests were conducted for these two 

samples.  The dense surface sample showed an elastic modulus of 248.1±8.0 GPa and the less 

dense middle part (sample B) showed an elastic modulus of 204.0±16.0 GPa (see Table 5-2).  

This difference in the elastic modulus can be attributed to the presence of the fine pores in the 

latter sample.  During the data analysis stage, the indent data that were on or close to big pores 

were discarded by observing the topographic image of each indent (shown in Figure 3-5).  

However, when much finer pores in the microstructure were on the order of sub-microns, it is 

impossible to recognize them especially when they were underneath the indents.  Furthermore, 

the larger standard deviation of the elastic modulus for sample B (less dense) is also indicative of 

the probability of the indents encountering the fine pores.  These finer pores inevitably 

contributed to the nanoindentation results, and in this case, 18% lower elastic modulus value was 

measured when the fine pores were present.  In addition, the lower hardness values of sample B 
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(less dense sample) than sample A (denser sample) confirms the presence of fine pores.  

Unfortunately, the porosity and pore size distribution for the samples prepared by this procedure 

was not quantified for further analysis. 

The question here is how the reduction treatment affects samples with different porosities.  

In another words, if we can quantify the changes of the elastic modulus after different heat 

treatment, do we need to accommodate another microstructure related parameter?  In order to 

answer this question both above samples were reduced under the dry H2 for the same length of 

time following the heat treatment procedure described in Chapter 3.  The oxygen partial pressure 

measured during the heat treatment was about 10-26 atm.  The reduced samples were then 

prepared for their second nanoindentation tests.  The results are also summarized in Table 5-2.  

The dense surface (sample B) showed an elastic modulus of 155.7±15.5 GPa and the less dense 

middle part (Sample A) showed an elastic modulus of 133.2±13.4 GPa.  These results tell us two 

important facts.  First, elastic modulus of ceria was decreased significantly after reduction in H2.  

Second, after H2 reduction treatment, elastic modulus for the two samples with different porosity 

both decreased about same amount (35%).  This result confirms that the degradation of elastic 

modulus due to the presence of vacancies is an intrinsic property and nanoindentation is a 

reliable technique to evaluate this relationship.  Thus, to give a clear answer to the question that 

was brought up above, the effect of reduction on elastic modulus should not be varied by the 

initial microstructure state. 

5.1.2  Bulk Elastic Modulus  

In order to evaluate the elastic modulus for bulk samples, four-point-bend tests were 

applied according to the procedure explained in Chapter 3.  As explained previously, due to the 

nature of nanoindentation tests, the effect of porosity and microcracking on elastic modulus was 
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minimized.  It needs to be pointed out that in the absence of elastic anisotropy, the presence of 

grain boundary in polycrystalline bulk samples is not expected to affect the elastic modulus as 

significant as pores and microcracks.   

All the tests were carried out within two days after the heat treatment process to minimize 

the reoxidation effects as discussed in Chapter 4.  The results of bending tests for elastic modulus 

as well as the number of samples tested are shown in Table 5-3.  The elastic modulus values 

were reproducible among several tests from sample to sample for each condition with the 

maximum variation of 7% for the air treated ceria.  Comparing the average elastic modulus 

measured by bending tests with those measured by nanoindentation for the air treated condition, 

the bending test results were 30% lower for pure ceria, 26% lower for GDC and 20% lower for 

YSZ.  This difference is related to be the effects of porosity and possibly experimental errors.  

However, the bulk elastic modulus results measured by bending tests of this work are 

comparable to the literature reported bending modulus values for both ceria and GDC [41].   

As shown in Table 5-3, bulk elastic modulus could not be evaluated in bending when the 

oxygen partial pressure was higher than 10-20 atm due to severe microcracking.  Most of the 

bending samples for ceria and GDC did not survive the reduction treatment for oxygen partial 

pressure of 10-22 atm and 10-24  atm.  The survival rate became less as the oxygen partial pressure 

was decreased.  Furthermore, the fracture loads for the ceria and GDC samples that survived the 

reduction treatment were too low (less than 2 lbs) for evaluating the elastic moduli.  It should be 

mentioned that it was very difficult to control the oxygen partial pressure within one order of 

magnitude accurately using the available facilities.  In another words, although 10-20 atm may not 

be the lowest oxygen partial pressure we could achieve for bending samples, any other heat 
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treatment with oxygen partial pressure between 10-20 atm and 10-22 atm became practically 

unreasonable. 

Consistent with the intrinsic elastic modulus obtained by nanoindentation, the bulk 

bending modulus results reveal that the elastic modulus for ceria is significantly decreased after 

reduction treatment under 8.8×10-20 atm, and the reduction did not significant affect the YSZ 

samples.  Figure 5-7 presents a detailed comparison of the oxygen partial pressure on the elasetic 

modulus as evaluated by both techniques for all three materials.  The moduli measured by these 

two methods were normalized by the respective elastic modulus for air treated samples for the 

purpose of comparison.  The reduction treatment did not create much effect for YSZ.  Ceria and 

GDC behaved similarly to the reduction treatment.  The reduction treatment effect on the elastic 

modulus of bulk ceria was more pronounced (Figure 5-7) than the effect on elastic modulus by 

nanoindentation.  This difference can be attributed to the microcrack formation during the low 

oxygen partial pressure reduction process.  Since the decrease of the elastic modulus values by 

nanoindentation tests was not significantly affected by microcracking, it can be concluded that 

the variation of the intrinsic elastic modulus with oxygen partial pressure is mainly due to the 

point defects formation.  However, the decrease of the bulk elastic modulus after reduction 

treatment measured by bending includes the effect of both point defects formation and the 

microcracks and hence the more pronounced decrease in elastic modulus was observed.  

5.2  Reduction Effects on Hardness 

The room temperature hardness values of ceria, GDC and YSZ evaluated as a function of 

the oxygen partial pressure by nanoindentation tests are listed in Table 5-4.  The hardness value 

for YSZ changed from 17.9±0.4 GPa for air treated condition to 16.2±1.8 GPa for dry hydrogen 

treated condition.  Thus, reduction treatment did not affect the hardness of the YSZ significantly 
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considering the test errors.  The heat treatments under various oxygen partial pressures higher 

than 10-17 atm did not create much effect on the hardness for ceria and GDC either.  In general, 

the variation of the test results for ceria and GDC increased as the oxygen partial pressure 

decreased.  The trend of the hardness for ceria and GDC as a function of oxygen partial pressure 

is plotted in Figure 5-8.  Ceria and GDC behaved similarly within the tested range.  It is 

important to point out that these curves indicate a maximum hardness for the samples heat 

treated at 
2OP =4.5×10-22 atm for both materials.  This interesting phenomenon is absolutely 

different with the trend observed previously for the reduction effects on elastic modulus.  Here, 

the question is what causes this difference. 

Hardness is a material property that measures the resistance to both elastic and plastic 

deformation.  It should be noted that nanoindentation results are not being affect significantly by 

the presence of microcracking and pores.  The effect of oxygen partial pressure on hardness is 

mainly due to the effects of point defect concentration.  The effects of reduction in various 

oxygen partial pressures on hardness of ceria and GDC can be therefore explained in terms of 

two components, i.e., the elastic and the plastic components.  These two components behave 

differently as a function of oxygen partial pressure.  The point defect concentration in ceria and 

GDC significantly increases as the oxygen partial pressure is decreased [11-12, 44].  On one 

hand, the increase in point defect concentration decreased the elastic modulus as explained in the 

previous section [43].  The weakening of the elastic modulus causes the resistance to elastic 

deformation to decrease.  On the other hand, as the point defect concentration increases, the 

interactions between dislocations and point defects become more prevalent, and hence enhance 

the resistance to plastic deformation.  This strengthening effect is anticipated to increase 

hardness.  As a result of these two opposing effects caused by the increase in point defect 



 

120 

concentration, a maximum appeared in the hardness values in the region where the oxygen 

partial pressure was most effective in reducing the elastic modulus.  This mechanism is 

schematically shown as Figure 5-9. 

5.3  Effect of Room Temperature Holding 

So far, all the tests were conducted within two day after the reduction process to minimize 

the contributions of room temperature microstructure change.  In order to understand the 

significance of room temperature microstructure change on elastic modulus measurement, the 

following experiments were also conducted. 

As we have shown in Chapter 4, reduced ceria samples experience phase transformation at 

room temperature.  It would be very relevant to evaluate this transformation effect on elastic 

modulus.  If this transition affects elastic modulus, we expect to see variation of test results from 

nanoindentation as a function of time.  Since the XRD results showed that the transformation 

was completed within two days, we designed two tests to investigate this issue (the sample used 

in this test did not experience CIP procedure, the porosity might be different than those in used in 

Table 5-1).  We tested a reduced ceria sample immediately after reduction treatment (oxygen 

partial pressure of 1.8×10-24 atm), and then tested the same sample again after one week and after 

64 days.  Note that, the XRD signals come from a depth of 5 μm, which is similar magnitude of 

the interaction depth of the nanoidentation (usually 5–10 times of contact depth) of this research.  

Therefore, the results of these tests should reveal the effect of this phase transformation in ceria.  

The results of these three tests are listed in Table 5-5.  As we can see, the average elastic 

modulus decreased 18% after 64 days of room temperature holding.  In addition, the hardness, 

also summarized in Table 5-5, showed the same trend as well.  

In order to see the significance of the time dependence of bulk elastic modulus of reduced 

ceria, four ceria samples were reduced in oxygen partial pressure of 8.8×10-20 atm 
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simultaneously, two of then were tested in bending within 2 days after reduction (test 1, which is 

the data point in Figure 5-7A).  In contrast, the other two samples were tested in bending 

modulus after 24 days (test 2).  The results are listed in Table 5-6.  The elastic modulus of the 

two samples for each tests showed consistent results.  Although  the average fracture load for 

each sets of tests remained the same, the average elastic modulus for test 1 was 154.1 GPa and 

dropped down to 123.4 GPa for test 2 (decreased 20%).  This trend is consistent with intrinsic 

elastic modulus test results shown previously.  Applying the same calculation that was used to 

determine the equilibrium time for reduction treatment (section 3.2), we can estimate the depth 

of reoxidation.  Although the oxygen self diffusivity in ceria can be as high as 10-12 cm2/s at 

room temperature by extrapolate the diffusivity data given by B.C.H. Steele [128], fully 

reoxidation in the samples (cross section of 2.6 mm×4 mm) only took place in the thin top layer 

(less than 200 μm).  As discussed in 4.3.3, the decaying of the ordered phase was very sensitive 

to ambient condition and size of the sample.  Therefore, we measured the XRD pattern for the 

cross section of samples used in the test 2, and it was found that no ordered phases were present.  

In another words, the entire sample already transformed into stoichiometric phase(s) and Ce2O3+δ 

phases.   

Now let us consider the processes that took place in the reduced ceria during room 

temperature holding and evaluate their contributions to the elastic modulus.  There are overall 

three processes.  The first process was that oxygen vacancy concentration decreased due to 

reoxidation.  The second process was the increase in microcrack density by reoxidation.  And the 

third process was the aforementioned room temperature phase transformation.  We know from 

section 5.1 and 5.2 that, the first process increases elastic modulus and the second process 

decrease the elastic modulus.  Now the question is how room temperature phase transformation 
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affects the elastic modulus.  As we discussed previously in Chapter 3, the contribution of 

microcrack to the intrinsic elastic modulus was minimized, therefore, only the effects of the first 

process and the third process contributed to the nanoindentation results.  The fact that the overall 

effect of room temperature holding decreased the intrinsic elastic modulus indicates that phase 

transformation process decreased the elastic modulus, which is consistent with the observation of 

bulk elastic modulus. 

In summary, the decrease in elastic modulus after room temperature holding suggests that 

the macroscopic microstructure variations (microcracking and phase transformation) on elastic 

modulus override the effect of point defects and decrease the elastic modulus of reduced ceria.  

Based on these results, we can conclude that it is very important to pay special attentions to the 

details of the ex-situ tests for ceria based material due to their room temperature microstructural 

instability  

5.4  Summary 

Three fluorite-structured oxides, pure ceria, gadolinium doped ceria (GDC) and yttria 

stabilized ziconia (YSZ) were heat treated at 800 oC for 15 hours in an oxygen partial pressure 

range of 0.21–10-24.atm.  The point defect concentration was conserved to room temperature by 

fast cooling.  After these reduction treatments, the elastic modulus and hardness as a function 

oxygen partial pressure of were successfully evaluated.  The bulk elastic modulus was measure 

by four-point-bend test and the intrinsic elastic modulus was measured by nanoindentation, 

which was not affected by the presence of large pores and microcracks.  The intrinsic elastic 

modulus for ceria and GDC decreased significantly when the oxygen partial pressure was 

reduced below 10-18 atm.  This phenomenon was explained by an increase in oxygen vacancy 

concentration, which weakens  the Ce-O bond by increasing the bond length.  The elastic 

modulus of YSZ within the studied oxygen partial pressure range remained unchanged owing to 
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the negligible deviation from stoichiometry.  The bulk elastic modulus was lower than the 

intrinsic elastic modulus for air treated samples, which is due to the contribution of porosity to 

the bulk elastic modulus.  The degradation of bulk elastic modulus of ceria was more significant 

due to the presence of microcracks caused by reduction treatment.  In another words, the pre-

existing microcracks significantly affected bulk elastic modulus of the low oxygen partial 

pressure reduced ceria.   

The hardness of YSZ did not show significant change within the oxygen partial pressure 

range tested.  However, the hardness of ceria and GDC showed a maximum as a function of 

oxygen partial pressure, which can be explained by two opposing effects caused by the increase 

in defects concentration. 
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Table 5-1.  Elastic modulus results for heat treatments under different 
2OP  evaluated by 

nanoindentation. 
Elastic modulus, GPa,  after heat treatment under various oxygen partial 
pressure 

2OP , atm Materials 
0.22 9.5×10-05 1.8×10-17 4.5×10-22 6.0×10-24 5.1×10-25 

CeO2 264.1±5.5 251.5±11.1 261.0±12.4 235.7±8.8 ----- 190.4±14.9

Gd0.1Ce0.9O1.95 254.6±6.4 259.2±4.9 250.5±6.5 239.3±7.5 204.7±3.8 ---- 

(Y2O3)0.08(ZrO2)0.92 243.3±7.5 ----- ----- ----- ----- 246.2±11.7

 

Table 5-2.  Effect of reduction in H2 on the intrinsic elastic modulus of two ceria samples with 
different porosities (with 49 indents each test). 

As-sintered condition  After Reduction in H2 

Samples Elastic 
modulus, 
GPa 

Hardness,
GPa 

Elastic 
modulus, 
GPa 

Hardness, 
GPa 

Overall changes 
in elastic 
modulus,  
%  

Sample A 
(dense surface) 

248.1±8.0 9.5 ±1.2  155.7 ±15.5 8.8±1.4 ↓ 37.2% 

Sample B 
(middle part 
with fine 
pores) 

204.0±16.8 8.5±0.7 133.2 ±13.4 7.3±1.4 ↓ 34.5% 

 

Table 5-3.  Bulk elastic modulus results for heat treatments under different 
2OP  evaluated by 

four-point-bend tests. 
Various oxygen partial pressure 

2OP , atm 
Materials 

0.22 3.4×10-04 8.8×10-20 

CeO2 183.8±12.6 
(6 samples) 

196.3 
(2 samples) 

151.4 

(2 samples ) 

Gd0.1Ce0.9O1.95 188.8(2 samples) 180.3 
(2 sample) ---- 

(Y2O3)0.08(ZrO2)0.92 
192.3 
(2 samples) 

189.0 
(1 sample) 

177.9±2.3 
(3 samples) 
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Table 5-4.  Hardness results for heat treatments under different 
2OP  evaluated by 

nanoindentation. 
Various oxygen partial pressure 

2OP , atm 
Materials 

0.22 9.5×10-05 1.8×10-17 4.5×10-22 6.0×10-24 5.1×10-25 

CeO2 9.4±0.14 9.5±0.9 10.2±0.5 11.6±1.1 ------ 9.2±1.2 

Gd0.1Ce0.9O1.95 11.8±0.3 12.1±0.4 11.9±0.5 13.9±1.1 13.1±0.5  

(Y2O3)0.08(ZrO2)0.92 17.9±0.4 ----- ----- ----- ----- 16.2±1.8 

 

Table 5-5.  Room temperature holding effect on the intrinsic elastic modulus and hardness of a 
reduced ceria sample (with 49 indents each test). 

Reduced ceria Immediately after 
reduction After 7 days After 64 days 

Elastic modulus 160.7±11.2 149.5±20.1 131.7±19.6 

Hardness 9.6±1.3 8.9±1.3 8.2±2.0 

 

Table 5-6.  Room temperature holding effect on the bulk elastic modulus of reduced ceria 
samples.  

Tests  Time after 
reduction test 

Number of 
samples 

Average bending 
modulus, GPa Fracture load, N 

Test 1 2 days 2 151.4 37.5 

Test 2 24 days 2 123.4 35.8 
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Figure 5-1.  Nanoindent image on the as-sintered pure ceria sample (A) and the corresponding 
load-displacement curve (B). 
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Figure 5-2.  Change of the elastic modulus as a function of oxygen partial pressure. 
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Figure 5-3.  Experimental results showing the variation of normalized elastic modulus (E/E*) as 
a function of oxygen partial pressure for pure ceria and GDC. 

 

  

Figure 5-4.  The normalized elastic modulus (E/E*) as a function of the normalized lattice 
parameter (a/a*) for pure ceria and GDC.  The symbols represent the experimental 
data with the elastic modulus measured in this work the and lattice parameter 
extrapolated from references [28, 29].  The dashed line has a slope of -12 and 
corresponds to q=9 in Equation 5-7. 
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Figure 5-5.  Schematics of the preparation procedure for samples with different porosities.  The 
center dark circles on each surface indicate where the indentation took place. 

 

Figure 5-6.  SEM images of the microstructure for dense surface (A) and the less dense middle 
part (B). 
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Figure 5-7.  Relative elastic modulus (E/Eair) as a function of oxygen partial pressure for ceria 
(A), GDC (B) and YSZ (C). 
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Figure 5-8.  Room temperature hardness as a function of oxygen partial pressure for pure ceria 
and GDC samples.  

 

 

Figure 5-9.  Mechanism of the reduction treatment effect on the hardness of ceria and GDC. 
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CHAPTER 6 
REDUCTION EFFECT ON FRACTURE PROPERTIES OF PURE CERIA 

Since the variation of elastic modulus with defect concentration is anticipated to directly 

affect fracture properties, this chapter follows the previous work and is focused on the reduction 

treatment effects on the flexural strength and fracture toughness.  Being consistent with the study 

on elastic modulus and hardness in Chapter 5, the same type of heat treatment method was 

adapted for the evaluation of fracture properties.  However, almost all gadolinium doped ceria 

(GDC) samples were found to break during high temperature heat treatment at low oxygen 

partial pressure (
2OP ) or during handling after the heat treatment, which made it impossible to 

conduct reliable mechanical property evaluations.  Also, within the testing oxygen partial 

pressure range, there is no significant difference in the oxygen vacancy concentrations in the 

yttria stabilized zirconia (YSZ) samples, and this was confirmed by the insignificant changes of 

elastic modulus results.  Thus, the fracture properties of YSZ samples are not expected to be 

influenced by the heat treatments under different oxygen partial pressure either.  Therefore, 

fracture tests were only conducted on pure ceria in this study.   

6.1  Flexural Strength  

Flexural strength was evaluated using four-point-bend testing method as explained in 

Chapter 3.  Two examples of the load-displacement curves obtained by flexural strength tests are 

shown in Figure 6-1.  These curves are for samples treated in air (Figure 6-1A, 
2OP =0.21 atm) 

and in H2/Ar (Figure 6-1B, 
2OP =8.8×10-20 atm), respectively.  Note that, the initial part of the 

loading curve (approximately 20 N) was omitted due to the nonlinearity caused by the contact 

friction between the sample and the fixture.  Based on Equation 3-6, the calculated strength 

values are 144 MPa (Figure 6-1A) and 43 MPa (Figure 6-1B), respectively.  In order to get a 

good statistics of strength values, multiple tests were attempted for certain heat treatment 
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conditions.  However, when the samples were heat treated under very low oxygen partial 

pressures, some of them broke during the heat treatment as explained in Chapter 4.  Therefore, 

fewer samples were tested for lower oxygen partial pressure heat treatment conditions.   

The flexural strength as a function of the oxygen partial pressure, is given in Table 6-1.  

The corresponding oxygen partial pressure, approximate composition and number of samples 

tested are also listed in this table accordingly.  The results show that the variation in the flexural 

strength test results was small (less than 10%) for samples heat treated at low 
2OP  as well as for 

those heat treated under Ar.  However, the strength of the air treated samples varied noticeably 

from sample to sample (more than 20% variation).  Based on the test results given in Table 6-1, 

the flexural strength was reduced significantly as a result of the reduction process.  The average 

flexural strength dropped from 127 MPa for air treated samples to almost no strength (<4 MPa) 

for dry hydrogen (
2OP =4.8×10-24 atm) reduced samples.   

6.2  Fracture Toughness Test Results 

Fracture toughness was evaluated using pre-cracked Brazilian disc samples with chevron 

notches as explained in Chapter 3.  Pre-cracking was conducted by holding samples at a load 

below the fracture stress for a certain time to guarantee the complete precracking of the chevron 

notch.  Examples of load-time curves for Brazilian disc samples with notch to diameter ratio of 

approximate 0.5 are presented in Figure 6-2.  The load per thickness values is shown in these 

plots for comparison purposes.  Figure 6-2A shows the situation where the sample was directly 

loaded to fracture after treatment in air.  From the linear loading curve, the fracture took place in 

an unstable manner.  From the load level determined by Figure 6-2A, a second sample with the 

same heat treatment condition was loaded accordingly as shown in Figure 6-2B.  In this case, 

sample was precracked at 857 lbs/in for 6 minutes, unloaded and the loaded to fracture.  Figure 
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6-2C presents an example of the load-time curve for a sample heat treated under 
2OP =4.5×10-22 

atm, which had a greater fracture toughness.  As can be noted in Figure 6-2B and Figure 6-2C, 

the load decreased during the holding period.  Since the precrack was under displacement 

control, the relaxing of the load during this process indicates stable crack growth.  

The crack length used for calculating the fracture toughness was determined by studying 

the fracture surfaces of the chevron-notched samples.  The fracture surfaces showing the extent 

of stable precracks for the sample heat treated in air (
2OP =0.21atm) and H2/H2O (

2OP =1.5×10-20 

atm ) are presented in Figure 6-3.  The transition of stable precrack to unstable fracture for the 

sample heat treated in air is not as distinct as the sample heat treated in hydrogen.  The transition 

front (dashed line in Figure 6-3A) of the air treated sample was distinguished from the low 

magnification scanning electron microscopic (SEM) image based on the distinct contrast 

between the two regions when the area within the notch was in focus.  The stable precrack front 

for the hydrogen treated sample was easily identified as shown in Figure 6-3B.  Within the stable 

crack region, the sample heat treated in hydrogen showed significant roughness in comparison to 

the sample heat treated in air.  For comparison purposes, an unsuccessful precrack is shown in 

Figure 6-3C, where the stable to unstable transition happened within the notch.  In this situation, 

this sample can not be used for fracture toughness evaluation.  

After determining the crack length, the fracture toughness was then calculated to be 0.96 

MPa•m1/2 and 1.36 MPa•m1/2 through Equation 3-7 using the fracture loads shown on Figure 6-

2B and C, i.e., surprisingly, the KIC increased as much as 30 to 40% for the samples heat treated 

in a reduced atmosphere (
2OP =1.5×10-20 atm–4.5×10-22 atm).  Following the same procedure, 

multiple tests were attempted.  The fracture toughness values for various oxygen partial 

pressures tested are shown in Table 6-2.  The results were consistent for each heat treatment 
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condition and KIC values deviated within 6% for multiple tests.  The fracture toughness data 

showed that the as-sintered, air treated and N2 treated samples have similar room temperature 

KIC values with variations within the test error. 

6.3  Fractographic Analysis 

The fracture surfaces of the flexural test samples showed distinct differences between air 

treated and low 
2OP  treated samples.  The as-sintered samples and the samples heat treated in air 

or N2 exhibited the classic brittle fracture pattern.  Examples of these fracture surfaces are 

presented in Figure 6-4 for an as-sintered sample and Figure 6-5 for an air treated sample.  Both 

samples fractured with one crack initiation site, followed by a mirror zone (dotted regions in 

Figure 6-4B and Figure 6-5B) and a hackle zone spreading outward from the crack origin (Figure 

6-4A and Figure 6-5A).  SEM images of the crack initiation sites (Figure 6-4B and Figure 6-5C.) 

reveal that both primary cracks were originated from processing defects such as large processing 

pores.  The processing defects were located on the surface (Figure 6-5C) or near the surface 

(Figure 6-4B) that were under tensile stress.  

However, no single distinct crack initiation origin was found on the fracture surface of the 

samples heat treated in low 
2OP  atmospheres (

2OP <10-19 atm).  As shown in Figure 6-5A and B, 

for the two matching fracture surfaces of a sample heat treated under 8.8×10-20 atm, although 

crack propagation direction can be identified through the river marks, no distinct crack origin can 

be identified.  On the other hand, near the edge, where crack was initiated, several fracture zones 

that had developed on different levels were distinguished.  These zones are marked as A, B, C 

and D in Figure 6-5A and a higher magnification of zone A is given in Figure 6-5B.  The size of 

these zones is approximately 200 to 800 μm, which is much larger than the grain size or the 

microcracks (several micron to 20 μm) formed upon heat treatment (see Figures 4-2 and 4-4).  
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However, the microcracks on or close to the surface under maximum tensile stress are 

anticipated to act as crack initiation sites of these fracture zones.  During loading, the pre-

existing microcracks with favorable size (largest) and orientation (perpendicular to the loading 

direction) will initiate fracture.  The effect of these microcracks overrides the effects of 

processing defects.  Since fracture zones developed by the propagation from different 

microcracks may lie on different planes, eventually, they will join each other by fracturing the 

ligament left between them.  This process causes the formation of ridges that identify each zone.   

A comparison of the fracture surfaces of the samples heat treated in air versus those heat 

treated in the 
2OP =8.8×10-20 atm, revealed that in addition to the crack initiation differences, the 

fracture surface roughness was affected significantly by the environment.  The bending sample 

heat treated in the reduced atmosphere (Figure 6-7A) exhibited a much rougher fracture surface 

than the sample heat treated in air (an image from the hackle zone shown in Figure 6-7B).  

Considering that the grain size of these samples were about 30 μm, the roughness we see in 

Figure 6-7A (
2OP =8.8×10-20 atm) is much greater than the grain size scale.  

This result is consistent with the observation made for the Brazilian disc samples.  As 

shown in Figure 6-8, the fracture surfaces of air treated samples (Figure 6-8A and Figure 6-8B) 

are compared with the fracture surface of those heat treated 
2OP =1.5×10-20 atm (Figure 6-8C and 

Figure 6-8D).  Here, by observations of the images of the fracture surfaces with different 

magnification, two levels of roughness are revealed by observations of these images.  The first 

level shown on the fracture surface (Figure 6-8B) of the low 
2OP treated sample is much greater 

than grain size level, which is consistent with Figure 6-7A.  By comparing the higher 

magnification images, the second level of roughness (Figure 6-8D) is revealed to be within the 

grain size scale.  The greater roughness level on the fracture surface is consistent with the higher 
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fracture toughness results because a rougher fracture surface can dissipate more mechanical 

energy than a smother surface.  

Further observations of the fracture surface of a Brazilian disc sample heat treated under 

H2/H2O (
2OP =1.5×10-20 atm) with KIC=1.27 MPa•m1/2

 revealed the presence of multiple 

secondary cracks (marked with arrows in Figure 6-9A). As shown in a higher magnification 

image of one of the secondary cracks (Figure 6-9B), these secondary cracks were actually 

extended to the fracture surface after the primary crack had passed through, as evidenced by the 

continuity of the river marks. 

6.4  Pore-Crack Interaction  

In order to investigate the reason for the toughening effect of heat treating in reduced 

atmospheres, the interaction between pores and propagating primary cracks was evaluated using 

a quantitative metallography analysis method for the Brazilian disc samples.  The pore area 

densities on the polished surfaces and the fracture surfaces were measured for samples heat 

treated under different conditions.  Images from six different areas were measured for each type 

of surface (the six positions are approximately shown on a digital image of the fracture surface in 

Figure 6-10).  Typical images taken for this evaluation are shown in Figure 6-11 (Figure 6-11A 

for air treated sample and Figure 6-11B for the sample heat treated in 
2OP =4.5×10-22 atm). The 

pore area fraction calculated on the polished surfaces, i.e., ~6%, was consistent with the density 

of the material.  Since the pore-crack interaction may be size dependent the calculations were 

conducted also for the pores with sizes less than 2.5 μm.  

The results of the measurements are shown in Table 6-3.  The air treated samples showed a 

slightly higher area density on the fracture surface than on the polished surface, particularly for 

the smaller pores, indicating that the crack was attracted to the pores.  However, the results for 
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the H2 treated sample suggest that the crack does not interact with fine pores or the larger ones.  

Based on this analysis, the pore-crack interaction is not responsible for the higher toughness of 

the samples heat treated in a reduced atmosphere. 

6.5  Discussion 

This work shows an interesting opposite effect of heat treatment on flexural strength and 

fracture toughness when ceria was heat treated under 
2OP <1.5×10-19 atm.  Similar phenomenon 

was seen in composites of Al2O3 with unstablized ZrO2 dispersion [66], which was attributed to 

the effects of microcracks.  In this section, an attempt will be made to interpret this phenomenon. 

6.5.1  Strength 

The basic equation for fracture strength of ceramics, fσ , based on Griffith’s theory is 

shown as Equation 2-11 [75].  From the equation, we can see that the strength is therefore 

controlled by three basic parameters, which are the elastic modulus (E), the fracture surface 

energy (γ) and the flaw size (C).   

From our previous results in Chapter 5, the elastic modulus of pure ceria decreased about 

11% after reduction under 
2OP =4.5×10-22 atm comparing to the value after heat treatment in air.  

This drop alone obviously can not explain the 90% strength reduction given in Table 6-1.  

On the other hand, the presence of macroscopic level defects particularly on the surface is 

crucial to the results of flexural tests.  The flexural strength is controlled by the crack initiation 

process through γ and defect size C.  The toughness results suggest that γ may indeed increase 

after reduction treatment.  Therefore, the change in fracture strength must be associated with the 

initial defect size.  For the air treated samples, the processing defects (such as pores) on or near 

the surface control the measured strength.  Depending on the size of the processing defects (C), 

the strength may vary significantly from one sample to another.  Heat treatment in low 
2OP  
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conditions causes the formation of many microcracks, much larger and sharper than the 

processing defects.  Therefore, the decreased flexural strength of ceria after heat treatment in a 

reduced atmosphere can be explained by the increase in the C value.  Furthermore, fσ  varies 

inversely with the square root of C, and therefore the variation in fσ  with defect size decreases 

as C increases.  In air treated samples, the defect size is relatively small and consequently the 

strength may vary significantly from one sample to another (see Table 6-1).  In contrast, the 

multiple crack initiation behavior (see Figure 6-6) and the consistency of the flexural strength 

values (see Table 6-1) for samples heat treated in low 
2OP  are associated with the presence of 

relatively sharp microcracks in these samples. 

6.5.2  Fracture Toughness and Toughening Mechanisms for Reduced Ceria 

For the fracture toughness tests with Brazilian disc samples, crack initiation is not as 

crucial as in flexural tests and crack propagation controls the test results.  The fracture toughness 

can be expressed in terms of the critical elastic energy release rate, GC, and elastic modulus, E 

through Equation 2-13.  

Since the elastic modulus decreased about 11% [43, 44] and microcracks were present 

prior after reduction treatment under 
2OP =10-22 atm, it is rather surprising to see the 37% 

improvement of the fracture toughness.  In “ideally” brittle materials, GC is approximately equal 

to the twice that of the fracture surface energy, γ.  However, in real materials, other factors may 

result in a higher elastic energy release rate value at the point of crack instability.  Assuming the 

effect of defect formation through heat treatment on surface energy is insignificant, there has to 

be some microstructural reasons for the improved fracture toughness.  In this case, the 

mechanical energy can be released through formation of new surfaces as well as any other terms 

that can dissipate part of strain energy.  The following discussion is presented to explain the 
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increase in toughness upon heat treatment in reducing atmospheres based on the observations of 

the fracture surfaces, i.e., attempt to find microstructural features than can dissipate strain energy 

during crack propagation.  

One possible mechanism is the microcrack toughening.  The concept of crack tip shielding 

in the fracture process zone by microcrack formation and extension was explained in section 

2.4.2 [92-102].  Here, similar concept can be adopted.  We also have demonstrated the fact (see 

Figure 6-9) that upon crack propagation the pre-existing microcracks extend in the wake of the 

crack.  Firstly, the extension of microcracks increases the material compliance (see Figure 2-12) 

and thus contributes to the crack tip shielding effects.  Secondly, the extension of the 

microcracks can redistribute the near-tip stresses and act as an extra source of releasing of the 

strain energy [92].  In another words, the mechanical energy is released not only by formation of 

new fracture surfaces, but also by the extension of the pre-existing microcracks.  Therefore, a 

greater “apparent” toughness will be measured. 

Crack deflection [82-84] is also suspected to be a mechanism for the enhanced fracture 

toughness of the reduced ceria.  In this case, both tilt and twist effects for the 
2OP <10-19 atm 

reduced samples come from the random oriented pre-existing microcracks.  This concept is 

schematically shown in Figure 6-12.  In this figure, the loading direction (direction of appσ ) is 

defined as the Y-direction, consistent with Figure 3-9.  The tilt process (Figure 6-12A) gives the 

roughness level along the primary crack propagation direction, i.e. the X-direction, and the twist 

(Figure 6-12B) explains the roughness along the Z-direction.  As shown in the schematics, the 

roughness level on the fracture surface does not directly correlate with the distribution of the 

microcracks shown in Figure 4-6.  The overall roughness represents the probability of the 

primary crack front meeting the microcracks.  The fact that the roughness level for the fracture 
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surface of the samples heat treated in low 
2OP  (shown in Figure 6-7A and Figure 8C) is much 

greater than the grain size level confirms these mechanisms.  Therefore, during the propagation 

the crack front is anticipated to be deflected by the pre-existing microcracks, resulting in an 

improved toughness.   

6.5.4  Other Important Factors 

As discussed in Chapter 4, after low oxygen partial pressure reduction treatment, ceria 

samples experienced phase transformations during cooling, resulting in the presence of the 

pseudo-cubic ordered phases.  The evidence for these phases can be found through Figure 6-13, 

which is an image of the fracture surface for a sample heat treated under H2/H2O environment 

(
2OP =1.5×10-20 atm).  The geometric features indicate microstructure discontinuity.  These 

features are much finer than grain size and in a range of several hundreds of nanometers (shown 

as arrows).  In another words, the existence of second phases may also cause an improvement in 

toughness.   

We have shown that reduced ceria experienced microstructural changes, including phase 

transformation, at room temperature; however, the effect of these changes on the measurements 

of fracture properties (see Table 5-6) was insignificant within the time that these tests were 

conducted.  However, this issue needs to be taken into consideration in the future. 

It is a common phenomenon for brittle materials to develop internal stress during heat 

treatment or during fast cooling.  In our case, the major internal stress is caused by the expansion 

difference between the reduced part and the unreduced part.  This issue has been addressed in 

detail by Atkinson, et.al. [38-40].  As discussed in Chapter 4, the microcracks were mainly 

developed during the high temperature reduction process, not the cooling process confirms this 

point.  On one hand, although internal stresses can be partially released through the formation of 
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the microcracks, the possibility of the effect of the remaining internal stresses can not be ignored.  

On the other hand, the ordering process mentioned in Chapter 4 can also cause internal stresses 

because ordering can cause uneven expansion for different crystal orientations [129].  

Unfortunately, purely based on our current results, it is impossible to quantify this effect.  The 

internal stress left inside the material could be under a complex state and the significance of their 

contribution to toughness measurement results is not clear from this work.  Future work on 

theoretical calculations of the development of internal stresses and corresponding experimental 

investigations are suggested for better understanding. 

In addition, from Equation 2-11, we can see that it is very helpful to evaluate and compare 

the fracture toughness values from strength measurement.  For example, in case of Figure 6-5, 

the main crack was suspected to be developed from region A and B by observing the fracture 

surfaces at a higher magnification, but unfortunately, the attempt of evaluation of exact value of 

flaw size was not successful due to the irregular shape of the initiation sites.  Future work is also 

suggested to look into this issue. 

6.6  Summary 

In summary, the flexural strength and fracture toughness of ceria was measured as a 

function of oxygen partial pressure using four-point-bend test and chevron-notched Brazilian 

disc under mode I condition, respectively.  For the samples heat treated under very low 
2OP , it is 

clear that pre-existing microcracks significantly decrease the flexural strength.  When the 

samples were reduced in an oxygen partial pressure of 10-22
 atm, the strength decreased more 

than 90%.  Detailed fractographic analysis showed because of the presence of microcracks, 

multiple crack initiation was found on the fracture surface of the sample with low oxygen partial 

pressure reduction.  Therefore, we conclude that the low flexural strength, which is controlled by 
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crack initiation, is associated with the enhanced probability of fracture due to the large size and 

the sharpness of the microcracks formed during heat treatment in the reducing atmosphere.  

However, interestingly, the fracture toughness is increased by 30–40% when the oxygen partial 

pressure was decreased to 10-20 to 10-22 atm range.  SEM analysis revealed that the greater 

toughness was accompanied with much rougher fracture surfaces.  In addition, secondary cracks 

were also observed on the fracture surfaces of low oxygen partial pressure reduced samples.  

Based on these observations and analysis, we conclude that the increase in the fracture toughness 

in low 
2OP  atmosphere was associated with microcrack toughening and crack deflection 

mechanisms. 
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Table 6-1.  Room temperature flexural strength test results. 
Heat Treatment  
Condition 2OP , atm. Number of 

Samples Tested 
Approximate 
composition  

σf, 
MPa 

H2 4.8×10-24 1a) CeO1.825
 c) <4 MPa 

H2 /H2O 2.3×10-22 2b) CeO1.877
 c) 8 

H2 /H2O/Argon 8.8×10-20 4 CeO1.991
 c) 41±4 

Argon 3.4×10-4 3 CeO2 
c) 137±8 

Air 0.21 4 CeO2 127±30 
• a) 5 samples were heat treated, 4 samples broke during high temperature reduction and 

only one sample could be tested. 
• b) 3 samples were heat treated, however one sample broke during the high temperature 

reduction.  
• c) The composition is extrapolated from Bevan and Kordis [37]. The heat treatment under 

argon do not create significant amount of oxygen vacancies [14,32]. 
 

Table 6-2.  Room temperature fracture toughness test results. 
Heat Treatment  
Condition 2OP , atm. Number of Samples 

Tested 
Approximate 
composition  

KIC,  
MPa•m1/2 

H2 /H2O a) 4.5×10-22 2c) CeO1.899
 d) 1.32 

H2 /H2O b) 8.8×10-20 2 CeO1.981
 d) 1.40 

N2 4.5×10-6 1 CeO2 d) 0.92 
Air 0.21 3 CeO2 0.96±0.05 
As-sintered ------- 1 CeO2 0.91 
• a) and b) used same gases with different gas ratio.  
• c) A total of 3 samples were heat treated, one sample broke during the high temperature 

reduction. 
• d) The composition is extrapolated from Bevan and Kordis [37], heat treatment in N2 and 

air does not significantly increase the oxygen concentration [14, 32]. 
 

Table 6-3.  Pore-crack interaction for Brazilian disc test samples. 

 

 

 Heat Treatment 
Environment  

Sample 
Conditions 

Average on Six Positions ,  
AA, % 

Polished 6±1 H2 Fractured 5±1 
Polished 5±1 

All pores 
Air Fractured 6±1 

Polished 2 H2 Fractured 2 
Polished 3 

Fine pores 
(2.5–0.5 μm) Air Fractured 4 
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Figure 6-1.  Load-displacement curve for (A) air treated sample(
2OP =0.21 atm, ) with a cross 

section of 2.600 mm×3.985 mm and that for (B) H2/Ar treated sample (
2OP =8.8×10-20 

atm) with a cross section of 2.615 mm×3.985 mm.  The fracture loads for fracture are 
indicated on the plots.  

(A)

(B)
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Figure 6-2.  Load-displacement curves for fracture of sample (A) directly loading to fracture 
after heat treatment in air, (B) with precrack process after heat treatment in air and 
(C) with precrack process after heat treatment under 

2OP = 4.5×10-22 atm.  The 
horizontal dash lines in (B) and (C) are used to show the relaxing of the load during 
the precracking process.  

(A)

(B)

(C)



 

146 

 

 

 

Figure 6-3.  Low magnification SEM images showing the fracture surface within the chevron-
notched section for the sample heat treated (A) in air (

2OP =0.21 atm) and (B) in H2/ 
H2O (

2OP =1.5×10-20 atm).  (C) shows a unsuccessful precrack for a sample heat 
treated under 

2OP =1.5×10-20 atm.  The dotted lines show the stable to unstable crack 
transition fronts.  
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Figure 6-4.  (A) Low magnification SEM image of the fracture surface of an as-sintered bending 
sample.  (B) Higher magnification image of the box area in (A) showing the crack 
initiation site.  The dotted line in (B) identifies the typical mirror zone.  The large 
processing pore (shown with an arrow) acted as the crack initiation origin.  

 

(A)

(B)
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Figure 6-5.  SEM images of the fracture surface for a bending sample heat treated in air.  (A) 
Low magnification SEM image of the fracture surface.  (B) Higher magnification 
image of the box area in (A) showing the crack initiation site.  The dotted line in (B) 
identifies the typical mirror zone.  (C) The processing defects that acted as the crack 
initiation origin.  
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Figure 6-6.  SEM images of the fracture surface for a bending sample heat treated in 
H2/H2O/Argon (

2OP =8.8×10-20 atm).  (A) is a low magnification image showing the 
development of several fracture zones, and (B) is the matching fracture surface of 
(A), the crack propagation direction is shown with arrows next to (A) and (B).  (C) is 
a higher magnification image of the fracture zone marked as “A” in (A). 

A 
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Figure 6-7.  Comparison of the fracture surface roughness for samples heat treated (A) in air 
(

2OP =0.21 atm) and (B) in H2/H2O/Argon (
2OP =8.8×10-20 atm). 

 

(A)

(B)
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Figure 6-8.  Comparison of the fracture surface for samples heat treated in air (
2OP =0.21 atm) 

(image A and image B) and in H2/H2O/Argon (
2OP =1.5×10-20 atm) (image C and 

image D).  The primary crack propagation direction is from left to right.  
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Figure 6-9.  SEM images of the Brazilian disc sample heat treated under H2/H2O (
2OP =1.5×10-20 

atm) with KIC=1.27 MPa•m1/2.  The secondary cracks are marked with arrows in (A). 
(B) is the higher magnification image of the boxed area in (A).  
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(A)20 μm

5 μm
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Figure 6-10.  The six positions relative to crack surface for pore-crack interaction analysis.  

 

 

Figure 6-11.  Typical images taken for pore-crack interaction evaluation with (A) for air treated 
sample and (B) for the sample heat treated in 

2OP = 4.5×10-22 atm. 
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Figure 6-12.  Schematics of fracture deflection process for the sample with pre-existing 
microcracks: (A) tilting mechanism and (B) twisting mechanism.  The dotted line 
represents the predicted fracture contour on the fracture surface.  The dashed lines 
present the fracture surface without deflection process.  The solid line segments 
represent the pre-existed microcracks and the ones that assist deflection process are 
thickened. 
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Figure 6-13.  SEM images of the fractured surface for a Brizilian disc sample after heat treatment 
under 

2OP =1.5×10-20 atm show the microstructure discontinuity and the evidence of 
the secondary phases (shown with arrows). 
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CHAPTER 7 
CONCLUSIONS AND SUGGESTED FUTURE WORK 

7.1  Conclusions 

The effects of oxygen partial pressure on microstructure and mechanical properties of three 

fluorite-structured materials, pure ceria, 10 mol % gadolinium doped ceria (GDC) and 8 mol% 

yttria stabilized zirconia (YSZ), were systematically investigated.  By equilibrating the samples 

under various oxygen partial pressures in the range of 0.21 atm to 10-26 atm at 800 0C, different 

oxygen vacancy concentrations were created.  The defects were conserved to room temperature 

through a fast cooling process to enable room temperature mechanical property evaluations.   

As a result of reduction process, ceria and GDC samples developed microcracks at the 

reduction temperature when the oxygen partial pressure was less than 10-19 atm.  Detailed study 

on pure ceria shows that microcracks extended into macroscopic level cracks during the high 

temperature reduction when the oxygen partial pressure level reached as low as 10-22 atm, 

resulting in broken samples. 

Low oxygen partial pressure reduced ceria experienced phase series of phase 

transformation upon cooling that led to the formation of pseudo-cubic ordered phases.  These 

ordered phases were not stable at room temperature.  The decaying of these ordered phases at 

room temperature was confirmed to be a phase transformation process and not a reoxidation 

process.  The transformation the ordered phases was found to be sensitive to ambient atmosphere 

as well as the stress state.  This type of transformation was slower in dry hydrogen environment 

than in air and slower in bulk form than in powder form.  Water vapor was found to be a crucial 

factor that contributed to the degradation of reduced ceria at room temperature.  By comparing 

two reduced ceria samples, with and without ordered phases respectively, it was shown that the 

sample with ordered phases experienced water corrosion at room temperature, which eventually 
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shattered the samples into small pieces.  Scanning electron microscopic (SEM) observations of 

these shattered pieces confirmed the environmental effect.  Further more, the reoxidation of the 

low oxygen partial pressure reduced ceria samples caused the pre-existing microcracks to 

develop much larger in length with larger opening.  

Because of the microstructural instability of reduced ceria at room temperature, the 

mechanical properties were evaluated as a function of oxygen partial pressure and also as a 

function of time for ceria.  When the samples were tested within two days after reduction, the 

variation of the intrinsic elastic modulus tested by nanoindentation showed a good correlation 

with the defects concentration for all three materials.  As the oxygen partial pressure was 

decreased, the defect concentration was increased and the elastic modulus of ceria and GDC 

decreased.  The elastic modulus of YSZ within the studied oxygen partial pressure range 

remained unchanged owing to the negligible deviation of defect concentration.  For bulk elastic 

modulus tested by four-point-bending, the degradation in elastic modulus of ceria was more 

significant due to the presence of microcracks caused by the development of internal stresses at 

low oxygen partial pressure.  However, because the microstructure continuously changed at 

room temperature, the elastic modulus testing results were found to be time dependent.  In fact, 

the elastic modulus further decreased after holding the reduced samples at room temperature for 

a long time.  This degradation was mainly due to the room temperature phase transformation 

process. 

In contrast to the intrinsic elastic modulus, the hardness (also measured by 

nanoindentation) of ceria and GDC showed a maximum as a function of oxygen partial pressure.  

This interesting phenomenon was explained by the competition of two processes caused by the 

increase in defect concentration when the oxygen partial pressure was decreased.  On one hand, 
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the weakening of the elastic modulus caused by the increased point defect concentration 

decreases the resistance to deformation.  On the other hand, as the point defect concentration 

increases, the interactions between dislocations and point defects become more prevalent, and 

hence the resistance to plastic deformation is increased.  A maximum in hardness was obtained 

when the oxygen partial pressure was most effective in reducing the elastic modulus.  In 

addition, the hardness of YSZ, consistent with the elastic modulus results, did not change within 

the tested range.  

The flexural strength of ceria tested by four-point-bending was found to decrease 

dramatically as a function of the oxygen partial pressure.  When the samples were reduced in an 

oxygen partial pressure of 10-22 atm, the strength decreased more than 90%.  Detailed 

fractographic analysis showed that the air treated samples exhibit classic brittle fracture pattern 

with one single crack initiation origin.  However, because of the presence of microcracks, 

multiple crack initiation sites were found for the samples treated at low oxygen partial pressures.  

Therefore, we conclude that the low flexural strength, which is controlled by the crack initiation 

process, is associated with the enhanced probability of fracture due to the large size and the 

sharpness of the microcracks formed during heat treatment in the reducing atmosphere.  

Interestingly, the fracture toughness values measured using Brazilian disc samples under 

mode I condition, increased 30-40% after samples were reduced in oxygen partial pressures of 

10-20 to 10-22 atm.  SEM analysis revealed that the higher toughness was accompanied with much 

rougher fracture surfaces.  The greater roughness came from the deflection of the primary crack 

during the crack propagation.  Secondary cracks were also observed to extend onto the fracture 

surfaces.  Residual strain energy released by extending of pre-existing microcrakcs is the source 

of micracking toughening.  Based on these observations and analyses, we conclude that the 
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enhancement of the fracture toughness was attributed to crack deflection and microcracking 

toughening mechanisms.  

7.2  Suggested Future Work 

We have shown in this dissertation that the mechanical property is important for the 

application of ceria based materials in solid oxide fuel cells (SOFCs).  The results of this study 

gives insights into how reduction processes under different oxygen partial pressure affect the 

microstructure and mechanical properties of ceria based materials.  However, several unsolved 

issues were developed during the progress of this research.  In order to fully understand these 

materials, further investigations of phase transformation and mechanical properties as functions 

of temperature and partial pressure of oxygen are needed.  For example, phenomena such as 

room temperature phase transformation and water corrosion of reduced ceria-based materials 

need to be better understood in order to evaluate the long term application of these materials in 

SOFCs.  In addition, as discussed in Chapter 6, the relationships between the amount of 

microcracks and the internal stresses developed during reduction treatment will be worth 

investigating due to its importance to the application in SOFCs.  Furthermore, in-situ evaluation 

of high temperature mechanical properties is recommended for elucidating the roles of point 

defect versus various microstructural components on mechanical integrity of ceria-based 

materials.  Based on our discussions in Chapter 5, the relationship between intrinsic elastic 

modulus and oxygen vacancy concentration should be able to apply successfully to the high 

temperature in-situ tests.  Although the development of microcracks at very low oxygen partial 

pressure is still inevitable for the ceria samples during in-situ high temperature mechanical 

testing, the major advantage of these in-situ experiments is that the ceria samples will have 

single-phase (see phase diagram in Figure 2-7) for the oxygen partial pressure range of this 
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study.  Thus, the contribution of phase transformation to mechanical properties results will be 

eliminated for high temperature mechanical tests. 
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